
 

 
 

Eemil Kemppainen 

EFFECT OF RESIDUAL STRESSES ON DY-
NAMIC MECHANICAL BEHAVIOUR OF METAL 

MATRIX COMPOSITE MATERIAL 
A Numerical study 

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

Master’s thesis 
Faculty of Engineering and Natural Sciences 

Examiners:  
Prof. Mikko Hokka 

Prof. Carlos González 
MSc. Tomi Lindroos 

September 2025 
 

 



i 
 

ABSTRACT 

Eemil Kemppainen: Effect of residual stresses on dynamic mechanical behaviour of metal 

matrix composite material: A numerical study 

Master’s thesis 

Tampere University and Universidad politécnica de Madrid 

Degree Education in Engineering Sciences – Materials Engineering 

September 2025 
 

Metal matrix composites (MMCs) are hard, abrasion and impact resistant structural materials 
containing reinforcement constituents, like carbides embedded in a ductile metal matrix. The fab-
rication of an MMC involves a high temperature process, which produces an internal stress state 
within the material without any external boundary loads. The vastly different mechanical and ther-
mal properties, like elasticity and coefficient of thermal expansion of the constituent phases, 
causes thermal strains to develop between them during the subsequent cooling process. Conse-
quently, the metal phase is left in mean tensile stress and the reinforcement in mean compression, 
as the metal shrinks more in comparison. 

Measuring this stress with destructive or non-destructive methods is either difficult and costly 
or gives information only as an average from the measured area restricted to surface layers. That 
is why accurate simulations can give additional information on how the stresses distribute in the 
microstructure. In addition, the effect of these residual stresses is not well known on the dynamic 
behaviour of MMC materials, mainly how the internal stress state influences strength and fracture 
characteristics. 

In this thesis, the fabrication process of a carbide reinforced MMC was simulated with finite 
element method using a crystal plasticity material model for a 3D representative volume element 
mimicking a real microstructure. The physical basis of the model should yield significant detail on 
the distribution of stresses within the microstructure. This simulation was attempted to be vali-
dated using X-ray diffraction measurements and an analytical formula. The effect of this simulated 
stress state on the dynamic behaviour of the MMC was evaluated by uniaxial compression simu-
lations with various strain rates and was compared to non-stressed cases. 

The simulated fabrication process revealed that the residual stress state was mostly hydro-
static in both phases, with carbides in mean compressive stress and metal matrix in mean tensile 
stress. The compressive stress in the carbides were highest in magnitude at carbide-carbide in-
terfaces, lowering towards middle regions of the carbides. Tensile stresses were also present in 
the carbides at metal-carbide interfaces.  

The experimental study revealed that the surface layers of the MMC were prone to local dif-
ferences in phase distributions, which was observed as vastly different stress levels depending 
on the measurement area. Additionally, the metal matrix was textured at the surface, making 
stress measurements impossible using X-ray diffraction. These issues made quantitative valida-
tion of the simulations unsuccessful with XRD, although all methods predicted a mean compres-
sive and mean tensile stress in the carbide and matrix respectively. The results from the analytical 
formula with respect to simulated results coincided better, however no definite validation could be 
made. 

The uniaxial compression simulations gave qualitative information on the effect of residual 
stresses. The simulations showed that the residual pressure in the carbides elevated the yield 
strength of the material observed as slightly delayed fracture and higher compressive strength. It 
was observed that the fracture process during loading was mostly driven by stress concentrations 
due to geometrical factors and residual stresses were not observed to alter the main fracture 
characteristics. This study laid premises to study and understand effects of residual stresses on 
more complex loading modes on MMC materials. 
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Metallimatriisikomposiitit, englanniksi lyhennettynä MMC:t, ovat kovia, kulumisen ja 
iskunkestäviä rakenteellisia materiaaleja, jotka koostuvat lujitefaasista, kuten karbideista, joita 
ympäröi sitkeä metallifaasi. MMC:n valmistus tapahtuu korkeassa lämpötilassa, jonka vuoksi 
siihen jää sisäinen jännitystila ilman ulkoisia kuormia. Faasien eroavat mekaaniset ja termiset 
ominaisuudet, kuten elastisuus ja lämpölaajenemiskerroin, aiheuttavat termistä venymää faasien 
välille niiden jäähtyessä valmistuksen jälkeen. Nämä venymät jättävät metallifaasin 
keskimääräisesti vetojännitykseen ja vastaavasti lujitefaasin keskimääräiseen 
puristusjännitykseen, koska karbidiin nähden metallifaasi kutistuu enemmän. 

Näiden jännitysten mittaaminen ainetta rikkovilla tai rikkomattomilla menetelmillä on joko 
haastavaa ja kallista, tai antaa tuloksia ainoastaan keskiarvoisesti mitatulta alueelta, joka rajoittuu 
materiaalin pintakerroksiin. Näiden syiden vuoksi simulaatiot voivat tuoda lisätietoa jännitysten 
jakautumisesta mikrorakenteessa. Lisäksi jäännösjännitysten vaikutusta ei tunneta hyvin 
metallimatriisikomposiittien dynaamisessa kuormituksessa, pääosin miten jäännösjännitykset 
vaikuttavat lujuusominaisuuksiin ja murtumistapoihin. 

Tässä työssä simuloitiin karbidilujitetun MMC:n valmistuksesta aiheutuvat jännitykset 
elementtimenetelmällä hyödyntäen kideplastisuusmallia ja oikeaa mikrorakennetta kuvaavaa 3D 
rakennetta. Simulaation fysikaalisten lähtökohtien pitäisi tuoda merkittävää lisätietoa jännitysten 
jakautumisesta mikrorakenteessa. Tätä simulaatiota pyrittiin validoimaan röntgendiffraktiolla ja 
analyyttisellä kaavalla. Simuloidun jännitystilan vaikutusta MMC:n dynaamismekaaniseen 
käyttäytymiseen arvioitiin yksisuuntaisella puristussimulaatiolla eri muodonmuutosnopeuksilla, 
joita verrattiin jännityksettömiin tilanteisiin. 

Valmistusprosessin simulaatiosta ilmeni, että jännitystila MMC:ssa oli pääosin hydrostaattinen 
molemmissa faaseissa, joissa karbidit olivat keskimäärin puristusjännityksessä ja metalli 
keskimäärin vetojännityksessä. Puristusjännitykset olivat suurimmillaan karbidien välisillä 
rajapinnoilla, joista se pieneni kohti karbidien keskiosaa. Karbideissa oli myös vetojännitystä 
metalli-karbidi rajapinnoilla. 

Työn kokeellinen osuus paljasti, että MMC:n pintakerroksissa on paikallista vaihtelua faasien 
jakautumisessa, joka ilmeni selvästi erilaisilla jännitysarvoilla riippuen mittausalueesta. Lisäksi 
metallimatriisin kiteet olivat orientoituneet, minkä takia röntgendiffraktiolla ei voitu mitata 
jännityksiä matriisista. Nämä haasteet tekivät simulaation jännitysten määrällisestä validoinnista 
mahdotonta röntgendiffraktiolla, vaikka kaikki menetelmät tuottivat keskiarvoisesti puristus- ja 
vetojännityksen karbidi ja metallifaasiin edellä mainitussa järjestyksessä. Analyyttisen kaavan 
tulokset vastasivat paremmin simulaation tuloksia, mutta ehdotonta validointia ei voitu tehdä. 

Yksisuuntaiset puristussimulaatiot antoivat laadullista tietoa jäännösjännitysten vaikutuksista. 
Simulaatiot osoittivat, että puristusjännitys karbideissa nosti materiaalin myötölujuutta, joka 
nähtiin viivästyneellä murtumisella ja suuremmalla puristuslujuudella. Simulaatioista nähtiin 
myös, että murtumiskäyttäytymiseen vaikutti pääosin jännityskeskittymät, jotka johtuivat 
mikrorakenteen geometrisista ominaisuuksista, eikä jäännösjännityksillä ollut merkittävää 
vaikutusta murtumiskäyttäytymiseen. Tämä tutkimus loi pohjan jäännösjännitysten vaikutusten 
syvempään tarkasteluun monimutkaisemmilla kuormitustavoilla MMC materiaaleissa. 

 
Avainsanat: Metallimatriisikomposiitti, Jäännösjännitys, Elementtimenetelmä, 

mikrorakennepohjainen mallinnus ja simulointi, mekaaninen käyttäytyminen 
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Los compuestos de matriz metálica (MMCs, por sus siglas en inglés) son materiales 
estructurales duros, resistentes a la abrasión y al impacto, que contienen fases de refuerzo —
como carburos— embebidas en una matriz metálica dúctil. Su fabricación implica un proceso a 
alta temperatura que genera tensiones internas incluso sin cargas externas. Las marcadas 
diferencias en propiedades mecánicas y térmicas —como elasticidad y coeficiente de 
expansión— entre las fases producen deformaciones relativas durante el enfriamiento, dejando 
la matriz metálica en tracción media y el refuerzo en compresión media. 

La medición de estas tensiones mediante métodos destructivos o no destructivos resulta 
difícil, costosa o limitada a valores superficiales. Por ello, las simulaciones ofrecen información 
adicional sobre su distribución en la microestructura. Además, el efecto de dichas tensiones 
residuales en el comportamiento dinámico de los MMC no está bien documentado, 
especialmente respecto a su influencia en la resistencia y la fractura. 

En esta tesis, el proceso de fabricación de un MMC reforzado con carburos se simuló con el 
método de elementos finitos, empleando un modelo de plasticidad cristalina en un volumen 
representativo tridimensional. La base física del modelo permite describir en detalle la 
distribución de tensiones. La simulación fue contrastada con mediciones de difracción de rayos 
X y con una fórmula analítica. El efecto del estado tensional simulado sobre el comportamiento 
dinámico se evaluó mediante simulaciones de compresión uniaxial a distintas velocidades de 
deformación, comparándose con casos sin tensiones residuales. 

El proceso simulado reveló un estado de tensiones principalmente hidrostático en ambas 
fases: carburos en compresión y matriz en tracción. Las mayores compresiones aparecieron en 
interfaces carburo-carburo, disminuyendo hacia el interior, mientras que en las interfaces metal-
carburo también se observaron tracciones. 

El estudio experimental mostró que las capas superficiales del MMC presentaban variaciones 
locales en la distribución de fases, reflejadas en niveles de tensión diferentes según la zona 
medida. Asimismo, la matriz metálica estaba texturizada en superficie, lo que impidió mediciones 
precisas con difracción de rayos X. Estas limitaciones imposibilitaron validar cuantitativamente 
las simulaciones con XRD, aunque todos los métodos coincidieron en predecir compresión media 
en los carburos y tracción media en la matriz. Los resultados de la fórmula analítica mostraron 
mejor coincidencia con los obtenidos por simulación; sin embargo, no fue posible una validación 
definitiva. 

Las simulaciones de compresión uniaxial aportaron información cualitativa sobre el efecto de 
las tensiones residuales. Se observó que la presión compresiva en los carburos elevaba la 
resistencia al inicio de la fluencia, manifestándose en fractura ligeramente retrasada y mayor 
resistencia a compresión. No obstante, el proceso de fractura estuvo dominado por 
concentraciones de tensión debidas a factores geométricos, sin que las tensiones residuales 
alteraran sustancialmente sus características principales. Este trabajo sienta bases para estudiar 
sus efectos en modos de carga más complejos en materiales MMC. 

 
Palabras clave: Compuesto de matriz metálica, Tensiones residuales, Análisis por elementos 
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1. INTRODUCTION 

The increasing need of high-performance and lightweight structural materials have made 

metal matrix composites an attractive alternative. It is of course a requirement to under-

stand the possible weaknesses that arise when property-wise, two mechanically and 

thermally mismatched materials are combined. High temperature synthesis of a particle 

reinforced metal matrix composite (PMMC) and during the consequent abrupt cooling 

phase, an internal stress state is formed within the material without any external bound-

ary loads due to these dissimilar material properties. Measuring this internal stress is 

deemed to be difficult as probing the material in necessary depth might be time-consum-

ing or costly. Accurate modelling and simulation are one of the available tools to resolve 

the internal stress state in microstructural level. 

The objective of this thesis is to use a micromechanical, RVE (Representative Volume 

Element) model based on a real microstructure. The cooling phase of the manufacturing 

process is simulated using finite element method and crystal plasticity theory to study 

the stress state within the material in a microscopic scale, which is then compared with 

X-ray diffraction measurements. Consequently, uniaxial compression simulations with 

various strain rates are conducted for simulated stress states to study the effect of these 

residual stresses.  

The research questions of this thesis are: 

I. Can the magnitude of residual stress in the simulation be validated using diffrac-

tion-based measurements and or an analytical formula? 

II. What is the accuracy of the residual stress simulation and how does the residual 

stresses distribute in the microstructure? 

III. How does the microscopic stress state affect the dynamic mechanical behaviour 

of the particle reinforced metal matrix composite material, what are the predomi-

nant deformation and fracture mechanisms for a given stress state? 

IV. Why does the stress state affect the dynamic mechanical performance in such a 

way, what kind of stress state, if any, is preferred for enhanced dynamic mechan-

ical performance? 

Questions 1 and 2 are answered in section 8.2 and questions 3 and 4 are answered in 

section 8.3. 
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This thesis has emphasis in computational modelling, and experimental part is mostly to 

validate or compare the simulation results in addition to external sources if applicable. In 

the beginning of this thesis, a literature review is conducted to understand the underlying 

phenomena in formation of residual stresses with emphasis on metal matrix composite 

materials, and additionally the theory behind the numerical modelling of residual stresses 

using crystal plasticity models is explored in necessary depth. Additionally, the theory 

behind material behaviour in dynamic, high strain rate conditions are surveyed. 

The numerical modelling is done using commercial finite element software (Z-set and 

Abaqus). Computer codes used for the crystal plasticity and reinforcement strength mod-

els are utilized from previous research by Lindroos et. al. [1], [2] Additionally, the RVE 

used in this thesis is not generated by the author, and the method to produce it is briefly 

introduced. Computer simulation on the RVE is used to gain significant detail in the man-

ufacturing process and deformation characteristics. Consequently, microstructural char-

acterization is conducted to understand key microstructural details that might affect the 

stress formation and fracture characteristics. A diffraction-based method and an analyt-

ical model are used to validate and compare the results of the simulated cooling process. 

The processing techniques that were used to create the experimental sample of this 

thesis are not discussed, however general terms are used when discussing about the 

reinforcement and matrix in the metal matrix composite. The most common manufactur-

ing techniques to produce metal matrix composites are briefly introduced to give empha-

sis to how residual stresses form and why is it important to know how they affect the 

performance of the material. This thesis focuses on microscopic interactions, and mac-

roscopic behaviour is for future research. 

The author planned and carried out the material processing and experimental character-

ization with the aid of the personnel of VTT’s Powder Piloting team. The microstructural 

characterization was done by the author. X-ray diffraction measurements were planned 

and executed by the author with the aid of Atte Antikainen. The author also performed 

the final data processing and analysis of the experimental work. 

The material models used in finite element simulations excluding JC-model that was 

readily available, were developed and implemented by Matti Lindroos et al. The simula-

tion geometry was generated by Abhishek Biswas, where the author provided the nec-

essary micrographs. Additionally, the author performed the qualitative analysis of the 

simulation geometry. The material constitutive models used in this thesis were calibrated 

by the author and he also planned, setup and executed all simulations with aid of Matti 

Lindroos. The final data processing and analysis of the simulations was done by the 



3 

author. This thesis has been written solely by the author, except for the Spanish abstract, 

which was translated using AI. 
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2. METAL MATRIX COMPOSITES – AN OVER-

VIEW 

In this chapter, a broad overview of metal matrix composites is given mainly focusing on 

the mechanical properties and fabrication. 

2.1 Classification and properties 

Similarly to traditional composite materials, metal matrix composites (MMCs) include two 

or more phases. Metal matrix with ceramic or carbide inclusions in a solid solution [3]. 

Most commonly MMCs with ceramic reinforcement or FCC (face-centred cubic) carbides 

are referred to as cermets [4], [5]. 

Metal matrix composites aim to achieve better mechanical properties than the plain con-

stituents harnessing the exceptional hardness and stiffness of the carbide or ceramic 

phase with the addition of a ductile metal binding agent toughening the structure [5], [6]. 

This addition is not always obvious, and the correct selection of constituents [4], [5] plays 

a major role in achieving the excellent mechanical properties. Conversely, the significant 

advantages of metal matrix composites are not limited to only mechanical applications. 

MMCs possess advantages in thermal and electrical applications as well. The electrical 

and thermal properties such as conductivity and temperature stability can be tailored 

through careful material selection [7, p. 297]. Mostly, the wetting and solubility of the 

metal matrix to the reinforcement constituent is the limiting factor when selecting mate-

rials for the MMC. The adhesion is typically enhanced with the addition of other carbides 

that have a higher solubility to the metal matrix, and additionally the carbides can pro-

duce a core-rim structure to the parent reinforcement [5].  

MMCs are mostly used in applications where high hardness, abrasion resistance and 

stability in addition to high specific strength is required. These material property require-

ments narrow the end users down to automotive, defence, aerospace and metal cutting 

industries [4], [5], [6], [7, p. 297]. Figure 1 displays the advantage of metal matrix com-

posites, where the compressive strength is exceptional with addition to high hardness. 
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Figure 1. Comparison of compressive strength with respect to hardness for 4 mate-
rial categories. (Ansys Granta EduPack 2021 R1 level 3 database) 

In comparison, abrasion resistant steels (martensitic) and high molybdenum content tool 

steels fail to achieve similar properties. However, it is important to note that in general, 

ceramics have better strength under compression, whereas the tensile strength is nota-

bly lower than the compressive strength [8, p. 72]. Under tensile loading conditions, tool 

steels and abrasion resistant steels would most likely have higher strength compared to 

MMCs or ceramics. 

Typically, compressive or flexural testing is preferred for ceramics and MMCs, since the 

measurement setup for tensile testing is hard to achieve due to difficulties in sample 

preparation, sample clamping and proper sample alignment. Compressive testing signif-

icantly simplifies some problems, for example, sample clamping. In addition, compres-

sive loading can close imperfections, like voids within the material. In contrast, tensile 

loading has tendency to open cracks and propagate them, inevitably lowering the 

strength and incorporating high statistical deviation to the measurements. [8, p. 73] 

Flexural testing, like 3- or 4-point bending test, inflicts tensile and compressive stress 

within the material due to the bending moment caused by the load and supports. The 

bottom side of the specimen is under tension, and the top side is in compression. This 

material testing method is widely applied for MMCs and ceramics as sample alignment 

and clamping is straight-forward, although sample preparation might be time-consuming 

and expensive due to difficulties in machining and material removal. [8, pp. 78–83] 
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Theoretically, the flexural strength of MMCs should be somewhere between the strength 

of ceramics and metals, which is displayed in Figure 2. It is apparent that the tool steels 

have higher strength than MMCs, which can be due to fact that MMCs are susceptible 

to voids and pores within the material that act as stress concentrators, which lower the 

onset of crack propagation and strength. 

 

Figure 2. Comparison of flexural strength with respect to hardness for 4 material 
categories (Ansys Granta EduPack 2021 R1 level 3 database) 

Another attractive mechanical feature of MMCs is their fracture toughness, which is no-

tably better than in plain ceramics. Fracture toughness represents resistance to propa-

gation and formation of fracture, which is essential material parameter in impact loading 

conditions in addition to hardness [9]. This feature for MMCs is shown in Figure 3 below. 
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Figure 3. Comparison of fracture toughness with respect to hardness for 4 material 
categories. (Ansys Granta EduPack 2021 R1) 

The fracture toughness above is in logarithmic scale, since the values differ a lot between 

ceramics and metals. For ceramics, one can note that the fracture toughness is seem-

ingly low, which is evident from the brittle nature of ceramics. However, in the case of 

MMCs, the additional ductility provided from the metal matrix enhances the fracture 

toughness to some extent. Also, from a comprehensive study conducted by Keene [10] 

on a particle reinforced metal matrix composite, she found that the fracture toughness 

for that material was up to 20 MPa√m, which is comparable to tool steels in the above 

figure. 

Given the high compressive strength, hardness and good fracture toughness, MMCs 

possess attractive qualities in various conditions like impact loading and abrasive wear. 

2.2 Fabrication methods 

Different fabrication methods of MMCs are usually divided into liquid and solid-state pro-

cesses. The temperature regime is vastly higher in liquid-state methods governed by the 

liquidus temperature of the metal matrix. In contrast, solid state processes involve high 

temperatures, however they are operated well below the liquidus temperature. 

Solid-state processes consist of mainly powder based precursors that are consolidated 

into solid form using powder metallurgical methods. Typically, cold isostatic pressing 
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(CIP) or hot isostatic pressing (HIP) is preferred to reduce the number of voids, and 

consequently to generate the ‘green state’ structure, which can be further processed to 

remove residual additives and to compact the structure into its final form [7, p. 24]. Iso-

static pressing means that pressure is applied to the work piece in a hydrostatic manner, 

meaning that the pressure is same from all directions. This ensures that no distortions 

affect the work piece before, or after the consolidation process. These methods are illus-

trated in Figure 4. 

 

Figure 4. From left to right: a schematic representation of cold isostatic pressing (a) 
and hot isostatic pressing (b). Adapted from: [11] 

CIP is usually preferred when high uniformity in compacting density is wanted. Addition-

ally, CIP is suitable for materials with low thermal stability or materials with high reactivity. 

On the other hand, HIP provides much better reduction in voids and also refines the 

microstructure in a way that the strength of the material is increased. [11] 

Liquid-state processes are conducted when all, or part of the metal matrix is in its liquid 

form and as previously discussed, the wettability, adhesion and interfacial reactions play 

a major role in this manufacturing technique compared to solid-state processes. The 

liquid-state process provides some advantages over solid state processes, such as in-

corporating methods used in metal casting processes allowing shape control. On the 

other hand, consistency between products can be impaired due to difficulties controlling 

process parameters [7, p. 3]. The precursors can be in other forms than powder, like 

billets or rods, consequently lowering the processing needs and cost of raw materials. 

As Michaud [7, p. 3] suggests, the liquid-state processes can be divided into 4 catego-

ries, however in this thesis, 2 of them are covered as they are important regarding the 

thesis. These processes are infiltration and in-situ fabrication. 
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The main aspect in infiltration process is incorporating the liquid metal matrix into the 

preformed reinforcement fibre network, essentially casting the metal into a mould con-

taining the fibres, which is illustrated in Figure 5. This addition can be done spontane-

ously or with external force. Spontaneous infiltration requires high wettability of the metal 

into the reinforcement. Otherwise, the metal matrix does not adhere properly or fill the 

network completely, thus impairing the properties of the composite. It is known that some 

material combinations such as titanium carbide, steel and nickel alloys adhere sponta-

neously without the need for external force. [7, p. 4] 

 

Figure 5. Schematic representation of liquid-state infiltration. 

Different methods can be used to produce force-driven infiltration, which most commonly 

include ram-type solutions and vacuum driven infiltration. The main concept in force-

driven infiltration is to subdue the high capillary forces by means of incorporating me-

chanical work to force the wetting of metal into the reinforcement. The additional force 

can reduce void formation or diminish unwanted surface reactions. [7, p. 5] 

In-situ fabrication is a novel method for producing MMCs. The basic principle is that a 

part of the structure (reinforcement) is produced simultaneously with the whole fabrica-

tion process. This can be achieved with chemical reactions or during the solidification of 

the structure [7, pp. 16–17]. Some reactions are highly exothermic, which provides the 

necessary heat to the fabrication process. These reactions can be used to produce the 

reinforcement. In turn, the heat melts the metal, which wets the reinforcement and forms 

a strong interface between the reinforcement and matrix. Typically, these exothermic 

reaction syntheses are referred to as combustion synthesis. The product is highly porous 

due to combustion gases or poor wetting. This can be improved by supplying mechanical 

work, which helps overcoming the capillary forces and ultimately densify the structure. 

Although combustion synthesis is extremely fast, the control of reaction kinetics is diffi-

cult, which could diminish consistency in end products [12]. 
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Liquid-state methods provide some advantages for MMC fabrication, however solid-state 

methods are used to achieve the best mechanical properties, because hardly any un-

wanted chemical interactions can happen between the constituent phases [7, p. 23]. Al-

beit on some occasions, the adhesion and reactions between the constituents can be 

ideal, essentially favouring liquid-state processing to produce good mechanical proper-

ties for the structure. 
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3. RESIDUAL STRESSES IN METAL MATRIX 

COMPOSITES 

It is important to note that liquid-state processes involve extremely high temperatures —

well above the liquidus temperature of the metal. Due to the abrupt cooling phase in 

some of these processes, high amount of stress is retained in the microstructure, which 

can impart the performance of the product. Understanding the influence and nature of 

these stress states is the key to characterize what kind of mechanisms are involved in 

the deformation and fracture of metal matrix composite materials. 

3.1 Classification 

Stress state is classified as the complete knowledge of the triaxial stress tensor 𝜎𝑖𝑗 [13, 

p. 9], which is defined as 

𝜎𝑖𝑗 = [ 

𝜎11 𝜎12 𝜎13
𝜎21 𝜎22 𝜎23
𝜎31 𝜎32 𝜎33

], 

where the diagonal components are the normal stresses and off-diagonal components 

are the shear components. The stress state contains stresses from loads and from other 

sources, like residual stresses, which all are imposed in the stress tensor. 

As previously discussed, MMCs consist of set number of phases. This will naturally de-

velop interactions between them, and due to different fabrication techniques involving 

high temperatures, the cooling process will develop strains that remain within the mate-

rial without any external loading [14]. These internal strains will produce residual stresses 

that are conventionally classified into three categories (𝜎𝐼 , 𝜎𝐼𝐼 , 𝜎𝐼𝐼𝐼) [7, p. 61], [15], [16] 

according to the span of their effect. In other words, residual stresses have microscopic 

and macroscopic effects, e.g., they alter the threshold of crack propagation, and they 

can incorporate distortions to the shape of the structure [7, p. 61], like bending. 

Type I residual stresses affect in the millimetre range, and are often the result of me-

chanical or thermal treatment such as machining, welding and heat cycling [17], which 

leads to heat affected zones (HAZ). The cooling rate near the heated zone can vary, 

consequently generating macroscopic stresses within the material [7, p. 61]. 

Type II residual stresses are often associated with interactions between separate inclu-

sions within the MMC or interactions between the inclusions and matrix. These interac-

tions happen in sub-millimetre range within the microstructure itself [7, p. 61], [17]. 
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Ultimately, residual stresses can be distinguished into a type III residual stress that is 

mostly the effect of atomistic motion such as dislocation movement within a grain. Alt-

hough, type II and III stresses are included as microstresses [7, p. 61], [15]. 

Additionally, it is important to notice that the different types of residual stresses are ho-

mogenous within their domain. Specifically, macroscale stresses are homogenous in a 

volume of some millimetres whereas microstresses are homogenous within a grain or 

inclusion. On the other hand, at the atomistic scale, stress distributions at interfaces, and 

from grain to grain are heterogeneously distributed [15]. This phenomenon is illustrated 

in Figure 6 below. 

 

Figure 6. Length-scale variation in residual stress types in particle reinforced metal 
matrix composite. Modified from: [18] 

The blue arrow in Figure 6 represents a path taken within the microstructure of a PMMC 

with a length of roughly 10 micrometres. The respective stress type is then schematically 

plotted with respect to path length. In a single reinforcement particle, there is variation in 

residual stress, which can be defined as type III stress. However, this variation self-equil-

ibrates over the length of a particle, which is then defined as type II residual stress. Now, 

the type III residual stress is superimposed in the type II stress.  

One should note that the reinforcement phase is under compression whereas the matrix 

phase is under tension, and when the path crosses the phase boundary, current stress 

state switches from compressive to tensile. Reasons for this is discussed in detail in the 

next section. Furthermore, when inspecting a length-scale of some millimetres (Figure 

6, right plot), the overall stress state is seen as compressive due to high volume fraction 

of particles in this instance. Now, the cumulative residual stress within any domain in the 

material is additively composed from micro and macro stresses [15]. 

3.2 Formation 

Residual stresses arise within the material from different origins. In this section, the ori-

gins of residual stresses are discussed in the context of metal matrix composites that are 
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assumed to be fabricated by liquid-state processes, mainly by combustion synthesis in-

volving high temperatures. This yields foundations to understand how processing tem-

peratures, mechanical and thermal properties of materials affect the formation of the 

stress state, which are individually explored through this section. 

The stress state within the microstructure forms mainly due to the thermal properties’ 

misfit between the constituent phases. Typically, coefficient of thermal expansion (CTE) 

is vastly different for the matrix and reinforcement [7, p. 62], [19, p. 233], which causes 

the matrix to contract more than the reinforcement. Values of CTE for metals range from 

8 ∙ 10−6 °𝐶−1 − 40 ∙ 10−6 °𝐶−1, whereas for typical ceramic or carbide reinforcement, the 

values range between 2 ∙ 10−6 °𝐶−1 − 10 ∙ 10−6 °𝐶−1 (Ansys Granta EduPack 2021 R1) 

The CTE misfit induced residual stress is illustrated below in Figure 7. 

 

Figure 7. Schematic representation on residual stress formation from different CTE. 
Light grey area is the matrix, and darker grey area is the reinforcement. Modified from: 

[20] 

As seen from Figure 7, the greater value in thermal contraction of the matrix induces 

mean compressive stress in the reinforcement, consequently leaving the matrix under 

mean tensile stress. The magnitude of this type of thermal stress is governed by the 

thermal misfit ratio [21], phase volume fraction [17], temperature change and rate, and 

reinforcement size and distribution [22]. Thermal misfit ratio is defined as [21] 

𝐶𝑇𝐸 𝑅𝑎𝑡𝑖𝑜 =
𝛼𝑚
 𝛼𝑟
, (1) 

where 𝛼 is the CTE, and subscripts m and r denote matrix and reinforcement respec-

tively. 

For high reinforcement volume fraction, the matrix will be under a higher tensile stress 

than the reinforcement is in compression due to force balance compatibility. Essentially, 

the net stress inside the material must be zero given as [23]: 
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𝑓𝑟𝜎𝑟 + 𝑓𝑚𝜎𝑚 = 0, (2) 

with 𝑓 and 𝜎 referring to volume fraction and stress respectively and subscripts 𝑟 and 𝑚 

refer to the reinforcement and matrix. 

An analytical method for calculating the stress in reinforcement phase was originally pro-

posed by J. Gurland referred as ‘Gurland’s method, but here cited from [17]. The equa-

tion is given as follows: 

𝜎𝑟 =
2 𝐸𝑟 𝐸(𝛼 − 𝛼𝑟)Δ𝑇

(1 + 𝜈)𝐸𝑟 + 2(1 − 2𝜈𝑟)𝐸
, (3) 

where E, 𝛼 and 𝜈 are Young’s modulus, CTE and Poisson’s ratio respectively, and values 

with no subscript denote the whole composite. 

The values for E, 𝛼 and 𝜈 can be calculated with equations [17]: 

1

𝐸
=
𝑓𝑟
𝐸𝑟
+
𝑓𝑚
𝐸𝑚

(4) 

𝛼 = 𝑓𝑟𝛼𝑟 + 𝑓𝑚𝛼𝑚 (5) 

𝜈 = 𝐸 (
𝑓𝑟𝜈𝑟
𝐸𝑟

+
𝑓𝑚𝑣𝑚
𝐸𝑚

) . (6) 

It is significant to mention that equations 4-6 are a mix of upper bound and lower bound 

type equations, and do not represent the absolute values [22]. The stress obtained from 

Eq. 3 is an average value in the domain [17].  

As an example, for a high volume fraction PMMC material with a CTE ratio of 2.0, Δ𝑇 of 

1000 °𝐶, and other parameters given in Table 1, 

Table 1. Mechanical and thermal parameters for PMMC constituents. 

 𝝂 𝑬 [GPa] 𝜶  [𝟏𝟎−𝟔 × °𝑪−𝟏] 𝒇 

Matrix 0.31 200 14.0 0.1 

Reinforcement 0.18 450 7.0 0.9 

the average residual stress in the reinforcement and matrix was calculated as -239 MPa 

and 2150 MPa respectively using equations 3-6. One should bear in mind that this ana-

lytical method does not consider other sources of strains or phase interactions, which 

are discussed next. On the other hand, it is essential to point out that for high reinforce-

ment volume fractions, the matrix will be under significant tensile stress solely from CTE 

mismatch. 
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During the fabrication process, and while the matrix is still in liquid form, the whole struc-

ture is essentially stress free, since the metal matrix is not constrained by internal, or 

external factors and additionally the reinforcement is able to flow freely in the structure. 

However, once the matrix solidifies, the inevitable and almost instantaneous shrinkage 

of the matrix will develop phase transformation induced thermal strains within the micro-

structure [24]. The phase transformation from liquid to solid can induce significant strains. 

As an example in 316L steel, Lindroos et. al [1] computed an axial contraction of 1.25 %. 

This shrinkage can considerably contribute to the total residual strain and effectively to 

residual stresses. 

The volume contraction from the solidification in addition to the CTE mismatch, will cause 

a volume contraction difference for the constituents. According to [25], the volume con-

traction difference needs to comply with the force balance, essentially requiring elasto-

plastic flow within the matrix and also in the reinforcement phase. In fact, the matrix 

behaves in a viscoplastic manner at elevated temperatures. It has been experimentally 

verified [26] that reinforcements with ionic or covalent bonds, can experience some 

amount of plastic deformation at high temperatures. The amount of plasticity in the rein-

forcement phase can be marginal, however it can reduce the stress within [7, p. 62]. 

However, in the case of the matrix phase, plastic flow can be notoriously high at elevated 

temperatures and still be present at lower temperatures due to high tensile stress [21], 

essentially relaxing the structure to some degree. 

The cooling rate of the structure directly affects the amount of deformation that can occur 

during the fabrication process. If the structure remains at elevated temperatures longer, 

creeping of the matrix phase can induce additional stress relaxation within the structure. 

[7, p. 62] Merlani et al. [27] studied the effect of cooling rate on residual stresses in 

alumina/zirconia composite. They found out that residual stresses increased rapidly, 

when cooling rates were over 10 – 100 K/min, however the stresses levelled at higher 

rates.  

In the case of MMCs produced by means of combustion synthesis, the temperatures can 

reach values of 3000 K, however once the reaction is finished, the structure rapidly so-

lidifies in matter of seconds [28]. In this fabrication process, the initial cooling rate can 

reach thousands of K/s, which can inhibit time frame for plastic flow and creep, essen-

tially reducing the amount of stress relaxation. Furthermore, since the cooling rate is 

high, this will induce type I residual stresses, since the surface regions cool more rapidly 

than interior, leaving a tensile stress zone near surface regions. Now, the interior regions 

are left in type I compressive stress to compensate for the tensile stresses at the surface 

[29]. 
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Finally, particle-particle interactions, referred as particle contiguity can induce localized 

stress zones in the structure. It is defined as fraction of interfaces shared by same parti-

cles. The number of interfaces is calculated from a set of parallel lines. The equation for 

contiguity is given as: 

𝐶 = 1 −
𝑛𝑟/𝑚

2𝑛𝑟/𝑟 + 𝑛𝑟/𝑚 
, (7) 

where n refers to the number of intersections. [22], [30] Especially at high volume frac-

tions of reinforcement, it is inevitable that the reinforcements will overlap with each other. 

With high amount of tensile stress in the matrix, these overlapped regions can possess 

high amount of localized compressive stress. This phenomenon was demonstrated by 

Babski et. al [31, pp. 144–146] and [14]. 

Moreover, the mean free path (MFP) of the matrix is also a useful measure on how the 

microstructure affects the formation of residual stresses. In principle, it stands for on 

average, the length of matrix between the reinforcement phases. It is dependent on vol-

ume fractions of respective phases, reinforcement diameter and particle contiguity. The 

equation for mean free path 𝜆 is: 

𝜆 =
𝑓𝑚
𝑓𝑟
𝑑𝑟(1 − 𝐶)

−1, (8) 

where 𝑑𝑟 is reinforcement diameter. [30] From Eq. 8, it can be concluded that MFP is 

inversely proportional to contiguity, essentially meaning that for high number of reinforce-

ment-reinforcement interfaces, the MFP decreases. Similarly, for increasing volume frac-

tion of reinforcement the MFP decreases. Interestingly, higher reinforcement diameter 

increases the mean free path, meaning that the tensile stress in the matrix decreases 

[22]. 

Given the analytical equations 3-6 presented above and using the MFP, the amount of 

average tensile residual stress in the matrix increases when MFP is small. Conversely, 

the average amount of compressive stress in the reinforcement decreases. It must be 

recalled that while the average values in residual compressive stresses might reduce 

with low matrix MFP, the added proportion of reinforcement-reinforcement interfaces can 

induce more localized and concentrated stress zones at the interfaces [32]. 

3.3 Effects 

In general, the internal stress state follows force balance equilibrium. This inevitably 

leads to a situation, where the structure attempts to relax the internal stress with one way 

or another. A great example of this situation is the Prince Rupert’s drop, which is a highly 
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stressed glass droplet with enormous tensile stress outside of the droplet, and high a 

compressive stress within the droplet. Even a small crack near the tail of the droplet will 

lead to a catastrophic explosion due to release of the stress. [18], [33] However, it has 

been demonstrated that the tensile stress restricts deformation due to compression 

greatly, essentially absorbing impact loads without failure [34]. 

For brittle materials, compressive surface stresses are utilized to enhance the structural 

performance of the material. This is commonly done for toughened glass that has com-

pressive residual stresses near surface regions that elevate its strength. However, if a 

defect penetrates to the tensile stress regions within the material, the whole structure 

spalls into small fragments. [18] For this reason, toughened glass is typically termed as 

‘safety glass’. 

It is known that residual stresses can have degradative effects on material properties. 

These are, but not limited to, decreased fatigue and corrosion resistance, buckling of the 

structure and delamination in film and composite structures. [7, p. 61] In the case of 

MMCs, it is important to assess the effect of residual stresses on mechanical properties 

since they are mainly used as structural materials. Depending on the configuration of the 

MMC structure, referring to the shape, size and volume fraction of the reinforcement, 

residual stresses affect differently.  

For example, in anisotropic MMCs with whiskers or fibres as reinforcement, the response 

to tensile or compressive loading is asymmetrical. Aghdam et al. [35] reported a higher 

axial stress on a uniaxial silicon carbide fibre reinforced titanium (SiC/Ti) MMC in com-

pression, whereas the axial stress was significantly lower in tension when residual 

stresses were included. However, as Shokrieh [19] stated, and as mentioned in the pre-

vious section, it is important to remember that the distribution and origins of residual 

stresses are affected by interfaces, bond strengths, volume fractions and fabrication pro-

cesses. 

With different MMC constituents, high temperature fabrication process can induce reac-

tion products in the interaction layer, which is between reinforcement-matrix interface. 

The thickness of the interaction layer is highly dependent on processing temperature and 

processing time. Additionally, the thickness of the layer will affect the magnitude of tan-

gential and axial residual stresses in the MMC. The magnitude of these stresses will 

reduce with increasing interaction layer thickness, essentially strengthening the MMC in 

axial direction. With this in mind, longer processing times at higher temperatures is de-

sired to strengthen the structure. The effect of residual stresses in the interaction layer 

is more pronounced if the layer is weakly bonded in transverse loading directions. [19, 
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pp. 235–236] However, conversely to tangential stresses at interfaces, compressive ra-

dial stresses can enhance the strength of the material regardless of the constituent 

phases. Furthermore, for weakly bonded interfaces, radial compressive stresses can halt 

separation of the reinforcement-matrix interface [19, p. 236]. Additionally, at reinforce-

ment-reinforcement interfaces, the radial compressive stress might be more pronounced 

hindering crack propagation. In contrast, the reinforcement-matrix interface is problem-

atic, since tensile residual stresses form mainly in the tangential direction. This conse-

quently favours crack propagation and possibly initiation [22], essentially lowering the 

strength of the structure. 

Several experimental and simulation studies [17], [22], [32], [36], [37], [38] have been 

done in order to understand how thermal residual stresses affect the mechanical re-

sponse and performance in tungsten carbide-cobalt, nickel (WC/Co,Ni) cermets. Mostly, 

how the residual stresses interact in quasi-static tensile and compressive loading 

schemes. 

The studies are in great agreement with the fact that under uniaxial loading, the residual 

stresses in the matrix phase produce an anisotropic response depending on the exam-

ined direction. For example, if the tensile residual stresses in matrix are considered in 

axial tensile loading direction, the effective yield point is reduced, increasing plastic flow 

and asymmetric stress relaxation. Conversely in the transverse direction, there exists a 

negative Poisson strain opposing the tensile residual stresses in the transverse direction, 

reducing the elastic strains in that aspect. For an applied compressive load and again 

considering the axial tensile residual stresses in the matrix, they oppose the applied load 

and would produce a higher yield point. However, in the transverse direction, the positive 

Poisson strain in addition to positive residual stresses lower the threshold of plastic flow 

in that direction. In turn, the mean residual tensile stresses in transverse direction are 

relaxed. 

Comparing compression simulations for as-fabricated and stress relieved cermets, J. 

Chen et al. [22] found out that the residual stresses increase the slope of the stress-

strain curves. This means that the effective elastic modulus is higher in the as-fabricated 

cermets and the increase was measured to be 1.6 %. Additionally, for as-fabricated cer-

mets, the onset of plastic deformation takes place earlier which is reasonable considering 

the tensile residual stresses in the matrix. With variations in the residual stress distribu-

tions in the matrix, the localization of plastic deformation is greatly affected. At regions 

with short particle separation (low MFP), the tensile residual stresses are significantly 

higher than at regions with high particle separation. This in turn produces much higher 

amount of plastic deformation in the regions with high initial tensile residual stress, which 
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can initiate damage at lower loads. Thus, cermets with reduced amount of thin matrix 

sections, can be tougher, since localization of plastic deformation is reduced. 

3.4 Measurement techniques 

Measuring the residual stresses in MMCs is particularly important since their effect is 

notable in the mechanical performance as previously discussed. Typically, finite element 

method (FEM) is coupled with experimental methods to complement the true residual 

stress state as is done in e.g. [39]. Experimental methods give insight into the macro 

state of stresses and accurate FE modelling gives insight into microstate of stresses in 

addition to stress distributions, which cannot be easily resolved by experimental tech-

niques. Moreover, the FE results can be verified to some extent using the experimental 

methods. However as later noted, probing bulk material to measure residual stresses is 

deemed to be difficult or costly. Overall, the assessed residual stress level divided into 

macro and microstresses, in addition to micro stress distributions, can give predictions 

on how the MMC performs in its designed environment. 

Residual stresses can be measured by using non-destructive (NDT) and destructive 

methods [7, p. 62]. The most prominent aspect of NDT in comparison to destructive test-

ing is that it causes negligible damage to the material, which preserves the sample as is 

for further characterization. In return, NDT saves time and expenses. Also, some NDT 

techniques like diffraction, provide the possibility to measure phases separately, which 

is a necessity in multiphase materials, like MMCs. For this reason, emphasis is given to 

diffraction-based techniques and other methods applicable to MMCs are only briefly in-

troduced. 

3.4.1 Hole-drilling method 

Residual stress assessment by destructive methods is mainly based on stress relaxation 

induced strain changes in the material. One of these methods is the hole-drilling method, 

where changes in displacements are measured around the hole to assess the direction 

and magnitude of residual stress. This method assumes isotropic linear elasticity [7, p. 

66], [19, p. 18]. The measurement is done by using a specifically oriented rosette strain 

gage (Figure 8) as described in an ASTM E837-20 standard developed for type I residual 

stress assessment for metals [40]. 
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Figure 8. Schematic view of rosette strain gauge for hole-drilling method. 2 of the 
gauges are perpendicular to each other, and the third is parallel to the bisecting line of 

the other two. An illustrative hole is in the middle of the gauges. Adapted from [7, p. 
67]. 

Hole-drilling methods can be categorized into three subclasses depending on what kind 

of stress characterization is necessary. Firstly, surface stresses can be simply measured 

by centre-hole drilling where a hole is drilled perpendicular to sample surface and sub-

sequently the surface strains are measured. Secondly, to get a constant bulk residual 

stress value, the hole can be drilled through the whole sample. Finally, residual stress 

characterization as a function of depth can be done by incrementally varying the hole 

depth. [19, p. 18] This method is suitable for unidirectional (UD) or particulate MMCs if 

there exists type I residual stress gradients through the bulk of the material [7, p. 67]. 

Inaccuracies arise in hole-drilling methods if the material is not isotropic, which is com-

mon for composite materials. However, there has been attempts to modify the equations 

as described in the ASTM standard to comply with, for example, orthotropic composites 

[7, p. 67]. Another problem is how the drilling affects the residual stresses, since it can 

input localized heating and inevitably plastic deformation. This can be minimized with 

high-speed drilling as described in [19, p. 21]. Furthermore, when considering the me-

chanical properties of MMCs, they are extremely hard compared to bulk metals, which 

forms a question: How can the material removal by means of drilling be achieved, if the 

drill bit possesses similar hardness as the worked sample? This problem can be over-

come by non-destructive diffraction-based residual stress measurements in addition to 

other advantages. 

3.4.2 X-ray diffraction 

Diffraction is a physical phenomenon of waves that occurs when obstructions in even 

gaps scatter the wave. The gaps must have spacings in the order of the wavelength of 
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the incident wave for sufficient scattering to occur. Considering two identically phased 

waves that scatter from an obstruction in converging directions, the waves will have a 

different path length, and they interfere with each other either constructively or destruc-

tively depending on the current phase. If the phases are separated by an integer propor-

tion of wavelength, the incident waves will constructively interfere, essentially doubling 

the amplitude of the wave. However, if the phase separation is half of the wavelength, 

destructive interference will occur, and the waves cancel out. [41, p. 83]  

It is known that materials like metals, oxides and carbides are arranged in crystalline 

structures. The spacings between atoms in the crystal structure are regularly arranged 

and have spacings 𝑑ℎ𝑘𝑙 that are in the order of Ångstroms. With this fact, X-rays that 

have wavelengths are from 0.1 to 10 Å [13, p. 66], have the sufficient wavelength for 

diffraction to occur in the crystalline lattice.  

The basis of X-ray diffraction (XRD) originates from Bragg’s law. It relates the atomic 

spacings 𝑑ℎ𝑘𝑙 with the incident and diffracted beam angle 𝜃, additionally considering the 

beam wavelength and order of diffraction. The equation for Bragg’s law is described as: 

𝑛𝜆 = 2𝑑ℎ𝑘𝑙 sin(𝜃), (9) 

where 𝑛 and 𝜆 are diffraction order and wavelength respectively. Now, Bragg’s law is 

fulfilled, if the path length difference of the beam at an angle 𝜃 is an integer number 𝑛, 

basically meaning that the diffracted beams will constructively interfere yielding high in-

tensity peaks for some value of 𝜃. However, for crystal structures with extra atoms within 

the unit cell, like FCC or Body-centred cubic (BCC), Eq. 9 does not produce diffraction 

at every lattice plane (hkl) in reality. This is due to off-phase scattering from the extra 

atoms. Consequently, for FCC and BCC, among other crystal structures, a particular 

combination of lattice planes will produce diffraction. In FCC structures, the hkl indices 

are either all odd or even, and in BCC crystals, the indices are all even for diffraction to 

happen. [41, pp. 84–85] 

When considering residual microstresses within a crystal, they can be described as lat-

tice distortions, essentially meaning that the atomic spacings are strained in particular 

directions depending on the nature of the residual stress. Since X-ray diffraction 

measures lattice spacings, it provides a powerful detector of said strains. In MMCs the 

residual strains are somewhat limited in magnitude (0.002 to 0.0005), especially for the 

stiff reinforcement constituent, which means high resolution equipment is required. Ad-

ditionally, X-ray diffraction is limited to measuring the elastic strains and gives the mean 

value over all measured grains. [7, p. 63] 
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Typical assumption for residual stress measurement with XRD is the plane-stress con-

dition. X-rays used in laboratory scale equipment are classified as ‘soft’, meaning their 

energies are low at 5 – 8 keV, which consequently means that the depth of penetration 

is in the order of tens of micrometres. This obviously sets the probing depth of X-rays in 

the surface regions, which means that the stresses in the normal direction are approxi-

mately zero, since free surfaces cannot propagate stresses. This condition, where the 

stress component 𝜎33 = 0 is defined as plane-stress. Another requirement is that the 

sample must be adequately fine grained and without strong texture to collect enough 

signal from multiple crystals in different orientations, to form distinct peaks at any angle. 

[42] 

The laboratory and sample reference frame are crucial to be defined rigorously, as the 

final residual stress measurement is dependent on both reference frames. In Figure 9, 

laboratory and sample geometries and angles are illustrated. 

 

Figure 9. Laboratory and sample geometry for residual stress measurement with 
XRD. I and D depict direction of incident and diffracted beam respectively. N and B are 

the sample surface normal and bisector of I and D respectively. Adapted from: [42] 

From Eq. 9, it can be noted that decreasing lattice spacing increases the diffraction angle 

and vice versa. Now, considering an unstressed sample, the lattice spacing is some 

value 𝑑0. In a sample under tensile stress, the lattice spacing would increase, as in Fig-

ure 9, and this would shift the diffraction angle 2𝜃. By altering the angle 𝜓 to a known 

value, the increase or decrease of lattice spacing can be measured from the apparent 
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shift of the diffracting angle. This allows to calculate the stress in the direction defined by 

the diffraction plane. By altering the angle 𝜙, the stress can be measured in other direc-

tions by aligning the particular direction to the diffracting plane [42]. 

In plane-stress elastic model, the stress distributions at the surface are described with 

principal stresses (shear stresses are zero) 𝜎11 and 𝜎22. Now, at an angle 𝜙 from the first 

principal stress and in the direction 𝜓, the strain can be evaluated as 

𝜖𝜙𝜓 =
1 + 𝜈

𝐸
𝜎𝜙 sin

2𝜓 − (
𝜈

𝐸
) (𝜎11 + 𝜎22). (10) 

Eq. 10 holds true for any elastic plane-stress condition independent of the method of 

measurement. The key is how the strain is measured, which comes from the XRD in this 

case. [42] 

The variation in lattice spacing in terms of angles 𝜙 and 𝜓 can be defined as 𝑑𝜙𝜓, from 

which the strain can be evaluated as 

𝜖𝜙𝜓 =
𝑑𝜙𝜓 − 𝑑0

𝑑0
. (11) 

Substituting Eq. 11 into 10, and considering now that the elastic constants 
1+𝜈

𝐸
 and 

−𝜈

𝐸
 

are now required to be dependent on lattice planes due to crystal anisotropy, the lattice 

spacing for any direction 𝜙 and 𝜓 is 

𝑑𝜙𝜓 = (
1 + 𝜈

𝐸
)
ℎ𝑘𝑙
𝑑0𝜎𝜙 sin

2𝜓 − (
𝜈

𝐸
)
ℎ𝑘𝑙
𝑑0(𝜎11 + 𝜎22) + 𝑑0. (12) 

From Eq. 12, it can be deducted that the lattice spacing for any measured direction and 

orientation, follows a linear relationship with the sin2𝜓 term, in addition to accounting for 

the biaxial surface stresses. The Eq. 12 will intercept y-axis at 𝜓 = 0. Now, the value for 

𝑑0 can be approximated as the intercept point 𝑑𝜙0. Although this approximation produces 

an error in the order of 1 % (since 𝜎11 + 𝜎22 ≪ 𝐸), Eq. 12 can be simplified and solved 

for 𝜎𝜙, yielding [42] 

𝜎𝜙 = (
𝐸

1 + 𝜈
)
ℎ𝑘𝑙

1

sin2𝜓
(
𝑑𝜙𝜓 − 𝑑𝜙0

𝑑𝜙0
) . (13)  

Above, it was briefly mentioned that the elastic constants 
1+𝜈

𝐸
 and 

−𝜈

𝐸
 are orientation de-

pendent when considering X-ray diffraction. They are defined as the elastic moduli per-

pendicular to a particular hkl plane. These are termed X-ray elastic constants (XEC) 

(𝑠1,
1

2
𝑠2), and they can differ as much as 40 % from bulk elastic moduli. Typically, the 

dependence is negligible for fine and randomly oriented grains, since the elastic moduli 
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is a mean value over many grains in random orientations. The most common model to 

calculate XECs is the isotropic model, which is the mean value over many grains in ran-

dom orientations. The connection between isotropic XECs and bulk elastic constants 𝐸 

and 𝜈 is [13, p. 280] 

𝑠1 = −
𝜈

𝐸
(14) 

1

2
𝑠2 =

1 + 𝜈

𝐸
. (15) 

The XECs can be more accurately described considering grain interactions through sin-

gle crystal elastic constants 𝐶𝑖𝑗. The upper and lower limits for this formulation were de-

fined by Voigt and Reuss respectively. Reuss model is defined by assuming all the grains 

are under the same stress state, considering orientation, which produces discontinuities 

at grain boundaries. The definition of Voigt model is that the strain within all grains is the 

same without considering the crystal orientation. The Hill model postulates that the ’true’ 

XECs lie between the Reuss upper limit and Voigt lower limit and is thus defined as the 

arithmetic mean of Reuss and Voigt model. [43] 

For an FCC structure, the elasticity matrix is described with 3 unique elastic constants 

C11, C12 and C44 as follows 

𝐶𝑖𝑗 =

(

 
 
 

𝐶11 𝐶12 𝐶12    
𝐶12 𝐶11 𝐶12  0  
𝐶12 𝐶12 𝐶11    
   𝐶44   
 0   𝐶44  
     𝐶44)

 
 
 

 

The Voigt value for 
1

2
𝑠2 is then computed with [13, p. 290] 

1

2
𝑠2
𝑉𝑜𝑖𝑔𝑡

=
5

2(𝐶11 − 𝐶12 + 3𝐶44)
. (16) 

The Reuss model uses the compliance matrix, or simply 𝑆𝑖𝑗 = (𝐶𝑖𝑗)
−1, and a crystal ori-

entation parameter Γ to compute the 
1

2
𝑠2. The orientation parameter links the measure-

ment direction to the crystal plane, and for cubic crystals it is given as [13, p. 291]: 

Γ =
ℎ2𝑘2 + 𝑘2𝑙2 + 𝑙2ℎ2

(ℎ2 + 𝑘2 + 𝑙2)2
. (17) 

It is useful to multiply Γ by 3 due to cubic crystal symmetry, and for that reason, the Reuss 

model 
1

2
𝑠2 is calculated as [13, p. 290]: 
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1

2
𝑠2
𝑅𝑒𝑢𝑠𝑠 = 𝑆11 − 𝑆12 − 3Γ(𝑆11 − 𝑆12 −

1

2
𝑆44) . (18) 

The final term inside the brackets in the above equation describes the elastic anisotropy 

of the crystal. Now considering the Reuss model, in addition to the elastic compliance 

matrix, the value of XEC varies with the lattice in question. For materials with positive 

elastic anisotropy, like some carbides, the stiffest plane corresponds to 3Γ = 0, which 

would be, for example plane (200). The most compliant plane is obtained with  3Γ = 1, 

which corresponds to plane (111). Using the boundary value equations, the Hill model 

XEC can be calculated as the arithmetic mean of Eq. 16 and Eq. 18. 

In addition to using wrong elastic constants, calculating the 2𝜃 peak shift due to residual 

stress contains numerous other sources of error. These can be categorized into sample 

dependent, systematic and analytical errors. [44]  

Sample dependent errors arise from insufficient preparation. The measured area should 

be flat to have same 𝜓 angle from all points. If there exists a high surface roughness, the 

true sample normal can differ from point to point and the 𝜓 angle will not be constant, 

producing erroneous measurements. Additionally, any surface preparation like grinding, 

polishing, sand blasting, etc, will alter the stress state at the surface. [42] 

Systematic errors are mainly produced by improper sample alignment in the measure-

ment setup or using improper peak fitting algorithms. The diffraction peak position must 

be determined in the order of hundredth of a degree, thus the measured area should be 

exactly at the centre of rotation of the goniometer. A 0.0025 mm positional misalignment 

will produce an error of 14 MPa, which will rapidly increase with lower diffraction angles. 

Furthermore, determining the XECs as accurately as possible is essential, since the var-

iation between orientation dependent and bulk elastic constants can be high, possibly 

producing high systematic error. If possible, the XECs should be determined empirically 

by inducing load stresses and measuring the linear dependence of lattice strain with 

respect to the XEC with different 𝜓 tilts. However, analytical methods like Hill model can 

be used if single crystal elastic constants are available. [42]  

Analytical errors could be produced if the assumed stress model does not describe reality 

[44]. For example, in the case of MMCs, if the penetration depth of incident X-rays is in 

the order of reinforcement constituent size, the residual stresses should be assessed as 

triaxial, which would complicate the measurement significantly. In some cases, like SiC 

reinforced aluminium MMC, the attenuation of X-rays is quite low, and the penetration 

depths are tens of micrometres, thus making elastic plane-stress model invalid [7, p. 64]. 
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Despite the error sources, they can be reduced by using stress free calibration powders, 

and by carefully positioning the sample. On the contrary, some issues, like coarse 

grained or textured material makes the residual stress determination difficult [44], [42]. 

However, X-ray diffraction remains as a powerful tool, since the stresses can be meas-

ured for separate phases, which is essential for MMC materials. 
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4. MICROSCALE MODELLING AND SIMULATION 

OF RESIDUAL STRESSES IN MMC MATERI-

ALS 

The construction of the whole triaxial stress tensor of a sample is not feasible or possible 

by means of only experimental techniques. As previously discussed, XRD is mostly lim-

ited to surface stress assessment, and only yields the mean value of measured area. 

However in MMCs, XRD peak breadths can be associated with microscale stress distri-

butions due to local changes in residual stresses and possibly particle size variations 

due to plastic deformation [32]. These local variations cannot be distinctly analysed due 

to averaging nature of XRD, but on the contrary, suitable FEM model can give accurate 

predictions on these variations [22], [32], which makes simulation a powerful tool to as-

sess the complete stress state. Although, experimental methods remain important as a 

verification to simulation results. 

In this section, a short introduction to main aspects of FEM is given. Additionally, different 

models and their respective assumptions to simulate microscale residual stresses are 

introduced. 

4.1 Short overview to finite element method 

FEM is a mathematical tool to approximate differential equations with boundary and or 

initial values. Typically, engineering systems are complex in geometry, loading and the 

required boundary conditions to solve an analytical differential equation might be impos-

sible [45, p. 1]. As the name suggests, FEM discretizes the whole geometrical domain 

into elements. The element is constructed with nodes, that are connected with piecewise 

functions termed shape functions. The discretized geometrical domain is described as 

the mesh, and this discretization leads to a system of linear equations that are attempted 

to be solved [45, pp. 2–3]. Figure 10 displays a 2D square that is meshed with four, 4-

node plane-stress elements. 
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Figure 10. A 2D mesh constructed with 4 elements. 

Element types are not restricted to only squares, but differ from the geometrical com-

plexity, simulation dimension and nature of the problem (e.g. structural, temperature-

displacement, cohesive, etc.). From [46], an extensive library of different element types 

can be found. 

In addition to proper discretization, simulating the system behaviour requires appropriate 

material models and properties [45, p. 6]. Furthermore, the solver algorithm to be used 

differs a lot with the physical phenomenon to be simulated. Covering all these aspects in 

detail is not justified in this work, however a short example is given. The simulation pro-

cedures used in this work are covered more in detail in chapters 6.3 and 6.4. 

Probably the most widely used material model is the generalized Hooke’s law, especially 

for metallic materials. It is a constitutive equation that relates extrinsic properties (stress 

and strain) with intrinsic properties, Young’s modulus, 𝐸 and Poisson’s ratio, 𝜈. The equa-

tion is given as 

𝜎𝑖𝑗 = 𝐶𝑖𝑗𝑘𝑙𝜖𝑘𝑙 , (19) 

where 𝜎𝑖𝑗 is the stress tensor, 𝐶𝑖𝑗𝑘𝑙 is material stiffness matrix and 𝜖𝑘𝑙 is the strain tensor. 

If the material is, e.g. cubic, the stiffness matrix can be described with 3 independent 

terms. For a fully anisotropic material, the stiffness matrix contains 21 independent 

terms. The stiffness matrix terms are defined with the intrinsic properties given above. 

Additionally, it is worth to mention that Eq. 19 describes a linear relationship with stresses 

and strains, essentially meaning that an increase in strain yields a proportional increase 

to stresses, and the proportion is calculated from the stiffness matrix. [45, p. 16] 
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In essence, solver is a computer code that attempts to find a solution to a large matrix 

equation. Solver algorithms can be broadly categorized into direct and iterative solvers. 

Direct solvers are used when the solution is expected to behave in a linear manner. 

Mainly, the matrix equation is solved by Gaussian elimination or LU decomposition. If 

the problem is time dependent and non-linearities are expected, such as deformation, 

damage, contact, etc., direct solvers do not converge to a solution, and iterative solvers 

are required. [47] 

Typical solvers for non-linear problems use implicit or explicit integration method. Implicit 

integration is computationally more expensive, since for every time increment, the global 

stiffness matrices and mass matrices need to be created and inverted. However, implicit 

integration is unconditionally stable, meaning that the time increment can be arbitrarily 

large, however iterations are needed to find the largest convertible time. Explicit integra-

tion uses information from previous time increment to compute the next increment and 

thus no matrix inversion is required. The negative side is that explicit integration is con-

ditionally stable, meaning there is a minimum stable time increment, which is governed 

by the smallest element in the mesh. For large systems with small elements, the stable 

time increment can be very low, less than some nanoseconds, meaning that the compu-

tational time for long events is very large. [47] 

4.2 Microscale models for simulating residual stresses 

To fully understand the formation and effect of residual stresses, an accurate microstruc-

tural model based on real microstructures is needed. Analytical methods for residual 

stress assessment or mechanical behaviour in MMCs fail to account for the microstruc-

tural factors, like shape and size [22], [48]. 

4.2.1 Representative volume element 

Modelling the whole microstructure is not feasible due to limitations in computing power. 

It is justified to take a sample of the microstructure, which on average, is structurally 

similar to the entire microstructure and would contain many microscopic elements, like 

grains and reinforcement particles. This sample is referred to as a representative volume 

element (RVE). [49] 

Ideally, RVE captures the behaviour of the macroscopic structure. In essence, RVE is 

the smallest element, or ‘unit cell’, which properties converge to the whole structure. This 

size effect is illustrated in Figure 11. Finding suitable size for the RVE requires 

knowledge of bulk behaviour in addition to several iterations to find convergence. 
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Figure 11. Illustration on how RVE size affects its properties compared to bulk 
value. 

Construction of the RVE can be highly idealised. As an example, particulates can be 

modelled as ideal spheres, or ellipsoids, which can be easily done with computer-aided 

design (CAD) tools. For simple homogenization problems, e.g. computing effective elas-

tic moduli, these simplifications can produce meaningful results [50]. However, when 

considering the distribution of residual stresses, the actual morphology of individual 

grains, particulates and their interactions is crucial. There are commercial programs, e.g. 

Digimat-FE, which generates accurate 2D or 3D microstructures from microscopy im-

ages or computed tomography scans. Furthermore, there are a plethora of freely avail-

able computer codes, like Python libraries Microgen and MicroStructPy, which generate 

RVEs from specific parameters. Newer methods incorporate deep-learning algorithms, 

like generative adversarial networks, GAN to produce synthetic 3D microstructures [51]. 

A simplified representation on RVE generation is given in Figure 12. 
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Figure 12. Simplified representation of RVE generation from 2D microscopy image. 

A GAN consist of two competing artificial neural networks, the generator and discrimina-

tor. The basic principle in image generation through GAN process is to feed training 

images, like the 2D microstructure in Figure 12 to the generator, which will generate 

synthetic images that are fed to the discriminator. The purpose of the discriminator is to 

determine if the image is synthetic or real. The generator is trained to maximize the 

misdetection rate, and conversely the discriminator is trained to minimize it. At the con-

vergence, the discriminator cannot distinguish synthetic or real images from the fed data. 

[51], [52] From 2D training data, the trained GAN can then synthesize 3D representations 

of the microstructure. 

4.2.2 Elastic models 

In the simplest case, the constituent phases in MMCs can be modelled as elastic and 

temperature independent. This is of course not true if the processing temperatures are 

high, since large temperature changes could induce stresses that exceed the yield point 

of most metals [22], and additionally the thermal, elastic and plastic properties would 

change as the temperature changes. Despite this, Jiménez-Piqué et al. [30] managed to 

assess stress distributions for WC/Co to some degree and got comparable results to 

experiments. Details in the microstructure were obtained using focused ion beam tomog-

raphy to create a 3D RVE. Accurate description of the microstructure allowed to describe 

local variations in residual stress. 

Assuming isotropic behaviour, and adopting Einstein summation convention, the tenso-

rial elastic strain for each constituent can be computed as 
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𝜖𝑖𝑗
𝐸,𝑋 = (

1 + 𝜈𝑋

𝐸𝑋
)𝜎𝑖𝑗

𝑋 − (
𝜈𝑋

𝐸𝑋
)𝜎𝑘𝑘

𝑋 𝛿𝑖𝑗 , (20) 

with the capital 𝑋 denoting the phase and 𝛿𝑖𝑗 is the Kronecker delta, where 𝛿𝑖𝑗 = 1 , 𝑖 = 𝑗 

or 𝛿𝑖𝑗 = 0, 𝑖 ≠ 𝑗. [14] In the case of MMCs with stiff reinforcements, this formulation is 

usually adopted for the ceramic or carbide phase, since no plasticity is expected in tra-

ditional sintering processes. However, for the matrix phase, this formulation is insufficient 

in most cases. 

4.2.3 Elasto-plastic and elasto-viscoplastic models 

Purely elastic models will overestimate the average stress in the phases, since no stress 

relaxation can occur. In the experiment by Jiménez-Piqué et al. [30] mentioned above, 

the simulated tensile stress in the Co phase was 50 % higher than in experiment done 

by Krawitz and Drake [17]. Moreover, the simulated residual compressive stress in the 

carbide phase was approximately 20 % lower than in the experiment. Therefore, ac-

counting for the plastic flow within the matrix in addition to temperature dependent ther-

mal, elastic and plastic properties is crucial. 

It is evident that incorporating temperature dependency and plasticity to a model compli-

cates it by a large margin. However, in the case of residual strains, small strain assump-

tion is valid, which allows an additive decomposition of total strain [14]. It follows that 

𝜖 
 = 𝜖 

𝐸 + 𝜖𝑃 + 𝜖𝑇 +⋯+ 𝜖𝑥, (21) 

where superscripts 𝐸, 𝑃 and 𝑇 denote elastic, plastic and thermal strains. The superscript 

𝑥 denotes any other decomposed strain component that might be used in the analysis. 

As seen from Eq. 21, the additive decomposition allows to calculate all the strain com-

ponents separately, and different models can be used for each strain (e.g. linear elastic-

ity, anisotropic elasticity, etc). 

Thermal strain can be directly computed from the total temperature change and CTE of 

the respective phase. The formulation of thermal strain tensor is 

𝜖 
𝑇,𝑋 = 𝛼 

𝑋Δ𝑇𝛿𝑖𝑗 , (22) 

where 𝛼 is the CTE and Δ𝑇 is the total temperature change. [1], [21] 

Temperature dependency can be added with a function that represents the behaviour of 

the property with respect to temperature. Typically for CTEs and elastic moduli, quadratic 

functions are sufficient as follows [21] 

𝑓(𝑇) = 𝐴(𝑇2) + 𝐵(𝑇) + 𝐶, (23) 
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where 𝑇 is the temperature and 𝐴, 𝐵 and 𝐶 are the fitting coefficients. The respective 

property 𝑃 can then be represented as temperature dependent 

𝑃(𝑇) = 𝑓(𝑇)𝑃0 (24) 

with 𝑃0 being the reference value of the property. 

There are numerous ways to account for plastic strain in the matrix. Again, purely elasto-

plastic models will overestimate residual stresses as noted in [19, p. 241], however ac-

counting for different relaxation mechanism, like creep, the model can predict the true 

values more accurately. This formulation would make the model elasto-viscoplastic, or 

rate dependent. 

Plasticity models account for the non-linear behaviour of the material and possibly hard-

ening. The non-linear behaviour begins at the yield point, where the elastic region ends. 

In a residual stress distribution simulation for WC/Ni cermet, Weisbrook and Krawitz [32] 

described the initial yield stress of the nickel using Hall-Petch relation and solution 

strengthening mechanism of tungsten and carbon in nickel. The hardening was modelled 

with Voce’s hardening law as 

𝜎 = 𝜎𝑦 + (𝜎𝑆 − 𝜎𝑦) (1 − exp (−
𝜖

𝜖0
)) , (25) 

where 𝜎𝑦 is the yield stress, 𝜎𝑆 is saturation stress and 𝜖0 is the characteristic strain, 

which describes hardening rate, which is the amount of strain where 63.2 % of hardening 

is finished. It is worth to mention that Voce’s law of hardening is exponential type. Other 

types are for example, power law. This type of plasticity model was used by Agrawal et 

al. in [53]. 

4.2.4 Crystal plasticity models 

When considering micromechanical modelling schemes, crystal plasticity (CP) constitu-

tive relations can be seen as an attractive approach to simulate residual stresses within 

the microstructure. Not only does the models take into account individual grains, orien-

tations and thus, anisotropy, the evolution of plastic deformation is modelled through 

motion, interaction and evolution of dislocations. This aspect will yield a natural re-

sponse, for example to strain localization, hardening and softening effects giving accu-

rate predictions on stress distributions within the microstructure. [54], [55, p. 72]  

The plastic deformation through dislocation motion is termed as slip. In crystalline mate-

rials, slip occurs typically in the most densely packed planes and is calculated through 

critical resolved shear stress, which is the limiting factor if plastic deformation occurs. As 

an example, slip occurs in family of {111} planes in <110> directions for FCC crystal 
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structures, which forms 12 distinct slip plane and direction combinations [56]. These slip 

systems are expanded more in detail in Figure 13, where a schematic illustration of (111) 

<110> slip system is given in addition to all slip systems in table format. 

 

(111) (111) (111) (111) 

[011] [101] [110] [011] [101] [110] [011] [110] [101] [011] [101] [110]  

1 2 3 4 5 6 7 8 9 10 11 12 

Figure 13. The twelve conventional FCC slip systems. Adapted from: [41] 

It is often convenient to express resolved shear stress 𝜏𝑠 through single crystal behav-

iour, where 𝜏𝑠 is calculated with an orientation tensor 𝑁𝑠. Although the single crystal 

might be in pure compression or tension, shear forces which drive dislocation motion, 

act on the slip systems. The resolved shear stress can be calculated considering the 

direction of the slip defined as 𝑚⃗⃗ 𝑠, the normal of the slip plane 𝑛⃗ 𝑠 and direction of applied 

force. Now, the resolved shear stress is simply the product 

𝜏𝑠 =
𝐹

𝐴0
𝑐𝑜𝑠𝜙𝑐𝑜𝑠𝜃, (26) 

where the first factor is the applied stress, 𝜃 and 𝜙 are the geometric angles linking the 

slip plane and its normal with the direction of applied stress, respectively. [41], [54], [55] 

The CP models used in finite element codes can be broadly categorized into phenome-

nological and physical models. One of the differences between the two is how the work 

hardening effects are formulated, i.e. what affects the critical resolved shear stress. Phe-

nomenological models usually compute it through self and latent hardening effects; es-

sentially how different slip systems affect each other. More physical models consider the 

hardening effects through dislocation densities, and the hardening evolution is strictly 

dependent on those. Now, the more physical formulation gives the opportunity to evolve 

the dislocation density through thermomechanical effects, e.g. temperature and strain 
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rate, and thus yielding a more natural temperature dependency to mechanical behaviour. 

For example, higher temperatures increase dislocation annihilation distance simultane-

ously lowering hardening of the material because dislocations have lower influence on 

the critical resolved shear stress. [54] 

Regarding residual stresses in polycrystalline or in this case, multiphase polycrystalline 

materials, CP models will represent the type II stress distributions more accurately than 

previously discussed methods. This is because local discontinuities, like crystal orienta-

tion mismatches can be captured, thus giving variation in strain localization [55, pp. 73–

75]. One of the challenges in CP models is the availability of material parameters and for 

that reason, simplifications and assumptions might be required. 
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5. DUCTILE AND BRITTLE MATERIAL BEHAV-

IOUR IN DYNAMIC LOADING CONDITIONS 

The term ‘dynamic’ is often used when the rate of loading has an effect on material be-

haviour. In this chapter, the effect of loading rate to material behaviour is shortly ex-

plored, in addition to some failure characteristics that are predominant in MMC materials. 

5.1 Effect of strain rate 

General material strength characterization techniques like compression, tensile or bend-

ing tests are done in so called quasi-static conditions. This effectively means that the 

material is loaded in such low rates that the rate of deformation does not influence the 

strength or failure of the material. The different strain rate regimes can be broadly cate-

gorized into quasi-static, dynamic and impact subclasses, in which the dynamic regime 

settles between strain rates of 1 – 10000 𝑠−1. [57, p. 33] 

Higher strain rates do not usually affect the elastic properties of materials, but rather the 

subsequent plastic deformation regime. The reason for this can be explained with dislo-

cation motion, or in the elastic case, the lack of it. In the elastic regime the deformation 

occurs due to stretching of atomic bonds, however in the case of plastic deformation, the 

deformation occurs due to movement of dislocations, which the strain rate directly af-

fects. [58] 

A certain threshold of energy is required such that the dislocation line can glide through 

the slip plane, because the lattice opposes movement of dislocations with inherent lattice 

friction. As discussed near the end of previous chapter, a critical resolved shear stress 

must be overcome for slip to occur in a specific plane and direction. Energy for this phe-

nomenon can be provided directly or indirectly from external forces or due to internal 

heating because of fast rate of deformation, for example.  

Initially, atoms in the dislocation possess some vibrational energy and there is a possi-

bility that this energy is sufficient to move the dislocation to the next position. However, 

if the lattice is strained with a higher rate, the probability of sufficient energy decreases 

due to shortened increment of time, where the vibrational energy could overcome the 

energy barrier. This essentially means that more external energy is required for disloca-

tion motion at higher strain rates, manifesting as e.g., higher yield and tensile strength. 

[58] 
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Strengthening mechanisms due to strain rate differ with crystal structures as depicted in 

Figure 14. For FCC metals, strain hardening is more pronounced compared to increase 

in yield stress at higher strain rates. On the contrary, BCC metals experience higher yield 

stress, however strain hardening effects are lower. [58] 

 

Figure 14. Strain rate and temperature effects on yield and hardening behaviour of 
BCC and FCC metals. [58] 

Reasons for these discrepancies are due to different thermal contributions of flow stress. 

For BCC metals, the increase in yield strength depends mainly on the lattice friction, 

whereas for FCC metals, the thermal component of flow stress depends more on latent 

hardening effects. These are effectively interactions between active and stationary dis-

locations, often termed as ‘forest’ dislocations. Now, with increasing plastic strain, the 

dislocation density also increases. This in turn makes the dislocation interactions more 

probable, thus making the strain hardening effects more pronounced in FCC metals. [58] 

In the case of brittle materials, like carbides, the effect of strain rate does not follow 

similar explanation as in metals. This is due to restricted dislocation motion, which ap-

pears as low strain at failure and seemingly non-existent plastic regime in the stress-

strain curve. The energy consumed in deformation of brittle materials mainly occurs due 

to generation of fractured surface. Other means of energy dissipation are frictional heat-

ing and kinetic energy of fractured particles. [59] 

It has been observed that higher strain rate increases the fracture characteristics in rock-

like materials, i.e. the amount of new fracture surface is greater if the material is loaded 

at higher rates. In quasi-static conditions, the material cracks in several fragments, how-

ever high strain rate loading, like impact, can generate highly comminuted material zone 

beneath the loading area. The increased friction of the comminuted fragments can in-

crease the energy dissipation of the impact. [57, p. 339], [59] 



38 

5.2 Failure characteristics of MMC materials 

The failure mechanisms of MMCs can be broadly categorized into matrix, reinforcement 

and interfacial failure. It has been observed that metal matrix follows a ductile damage 

path, which has characteristic void nucleation, growth and coalescence. The voids 

mainly nucleate around larger reinforcement particles. Additionally, other dispersants 

and intermetallic compounds can provide sites for cavity formation. The load transfer in 

MMCs is not always obvious, however initially, most of the load is carried by the rein-

forcement phase due to higher stiffness. As previously mentioned, brittle materials can-

not be strained as much as ductile metals. This causes the reinforcement phase to frac-

ture first and aid to transfer some load to the matrix as well. This in turn, increases the 

plastic strain in the matrix, which can cause local void growth or possibly shear banding 

causing the matrix to fail. [7, p. 233]  

The fracture mode in the reinforcement differs with loading conditions. In a study dealing 

with SiC reinforced aluminium MMC, Rees [60] found that tensile loading causes mainly 

transverse fracture in the carbides, whereas compressive loading causes fracture to oc-

cur in the 45° angle, which is the direction of highest shear stress. 

Another mechanism of failure can be due to debonding of interfaces. This mode of frac-

ture is influenced by geometric aspects of the microstructure, like sharp corners or irreg-

ular shapes promoting stress concentrations. In fibre-reinforced MMCs, large amount of 

plastic strain concentrates near the fibre ends. This locally increases the dislocation den-

sity enhancing void nucleation and failure at the interface. Other issues present at the 

interfaces are precipitates left from the material processing. These are usually oxides 

that can cluster near the vicinity of the interface if they are not dispersed equally with the 

processing route. Clustering of these oxides lower the strength of the bond causing pos-

sible decohesion of the surfaces. [7, p. 245] 

Several numerical studies, e.g. [61], [62], [63], using FEM have been done to examine 

the failure process of MMC materials, particularly carbide-aluminium systems. The stud-

ies agree that primary fracture localizes where plastic strain accumulates, mainly at re-

gions close to the metal-reinforcement interface, and where initial fractures of reinforce-

ment are present. The discrepancy in mechanical properties between the matrix and 

reinforcement cause local stress concentrations. Following this, initial fractures occur in 

the particles causing more plastic strain in the matrix and stress redistribution within the 

reinforcement. Because this phenomenon occurs throughout the MMC, the fractures 

eventually coalesce from particle to particle and depending on the loading direction and 

magnitude, interfacial debonding may occur as well. 
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6. MATERIALS AND METHODS 

This chapter presents the methods used to study the stress state experimentally and 

numerically, and its effect on material behaviour. The methods are discussed more in 

detail in their respective sections. 

6.1 Particle reinforced metal matrix composite 

Materials used in this work are not explicitly disclosed, however the MMC studied in this 

thesis consist of FCC metal matrix with particulate carbide inclusions. This MMC is man-

ufactured in a liquid state process with precursors in a powder form. 

A cylindrical plate (Figure 15), named as S18 with weight fraction of 18 % metal binder 

was manufactured. Additionally, the measurement areas for XRD stress evaluations are 

schematically shown. 

 

Figure 15. Sample S18 after fabrication and cooling to room temperature. The scan 
areas for residual stress measurements are schematically shown in 1:1 scale. 

The diameter and thickness of the sample was 100 mm and 11.5 mm respectively. No 

material loss was evident in the sample, although the metal was molten and pressure 

was used to ensure consolidation. After the manufacturing process, the sample was air 

cooled under mineral wool. The sample was intact without any observable residual crack-
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ing, albeit some fracture-like patterns can be seen, which is higher local surface rough-

ness. Subsequently, the sample was broken into smaller pieces with hydraulic press for 

easier sample preparation. 

6.2 Characterization techniques 

Before microstructural characterization, conventional metallographic sample preparation 

was used. QATM QCUT 200A cut-off machine with low concentration diamond blade 

was used to section the sample to a suitable size for cross-sectional characterization. 

No surface treatment was done for the residual stress measurements. 

6.2.1 Microscopy 

The cross-sectional sample was hot resin mounted in 30 mm cylindrical mounts, grinded 

and polished before microscopy analysis. The grinding and polishing steps are collected 

in Table 2 below. 

Table 2. Grinding and polishing steps for the cross-sectional sample. 

Grinding or polishing disc Grit size Time [min] 

QATM Galaxy red 100 - 120 2 

Apex DGD 390 2 

QATM Galaxy beta 9 µm 5 

QATM Galaxy iota 3 µm 10 

QATM Galaxy iota 1 µm 10 

It should be noted that in the first two steps diamond impregnated grinding discs were 

used to obtain a planar surface, and in the final three steps polishing cloths with poly-

crystalline diamond suspension was used.  

After polishing, Keyence VHX-7000 digital microscope was used to analyse the micro-

structure, carbide size, phase fraction, contiguity and MFP. Contiguity was calculated 

manually from microscopy pictures. Carbide size and phase fraction was averaged from 

5 areas near middle region in the sample with measuring tools available in the VHX user 

interface. Additionally, training pictures were taken to train the GAN to generate the 3D 

synthetic RVE. 
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In order to calculate the average carbide diameter, the phase detection process is shown 

more in detail in Figure 16. 

 

Figure 16. Phase detection process from microscopy image. 

The natural contrast between the carbide and metal matrix made optical microscopy suf-

ficient for the statistical evaluation of phase fraction, mean carbide size, contiguity and 

MFP. The contrast between the phases was further enhanced as seen in Figure 16a by 

manipulating brightness and contrast values. In turn, the automatic phase detection 

could resolve the image better with less noise and other visual artifacts. Figure 16b 

shows the detected carbide phase (red region) in the image. The phase is detected with 

good resolution, even in areas with fine carbide size. This image was used to calculate 

the volume fraction of carbide in the material. Since the carbides are mostly interlinked 

in a skeleton structure, separation tool was used to segregate the structure into individual 

grains. The separated phase is shown in Figure 16c, which contains a broad distribution 

of different sized carbides. This image was used to calculate the mean carbide size in 

the material. Carbide contiguity and MFP were calculated from 5 horizontal lines, which 

were 200 𝜇𝑚 in length respectively from an unworked micrograph. 

6.2.2 Residual stress 

Uniaxial residual stress for the carbide phase was evaluated from the sample by meas-

uring lattice strain at various negative ω-tilts using XRD from 3 areas shown in Figure 

15. It is significant to mention that the residual stress in the metal phase could not be 

measured with XRD due to varying intensity because of severe texture as shown in Ap-

pendix A, however the upper bound can be estimated with force balance (see Eq. 2) as 

is done in other studies [22], [23]. 

Anton Paar XRDynamic 500 diffractometer with Cu Kα radiation source was used for all 

measurements. A general Bragg-Brentano geometry with a monochromator was used to 

collect diffraction peaks ranging from 20°-160° 2𝜃 to get an overall view of the diffraction 

patterns in addition to finding suitable peaks for residual stress measurement. Diffraction 

peaks at higher 2𝜃 angles are more suited to measure lattice spacing variations, as peak 
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shifts due to residual stresses are more pronounced with increasing 2𝜃 due to Bragg’s 

law (Eq. 9). 

A comprehensive study of different X-ray radiation sources in addition to instrument set-

tings and optics combination were trialled to find the best radiation source to reduce 

systematic error due to fluorescence and sample geometry. 

Following the general scan, the peaks of interest were indexed using ICDD PDF-5+ dif-

fraction database to find the corresponding phase and lattice plane. The suitable peak 

was scanned with various ω-tilts to gain data for the 𝑑 vs. sin2𝜓 plot (Eq. 13). The most 

appropriate measurement setup used for all ω-tilt angles is collected in Table 3 below. 

Table 3. X-ray residual stress measurement settings. 

X-ray source  Cu Kα @ 40 kV, 50 mA 

Primary optics 

Soller slit 0.05 rad 

Divergence slit Varied 

Beam geometry Parallel 

Secondary optics 

Beam mask 10 mm 

Parallel plate collimator 0.005 rad 

Detector 0D 

Scan settings 

2θ 132°-140° 

Step size, time per step 0.01°, 1 s 

ω-tilts [°] 0, -18.4, -26.6, -33.2, -39.2, -45.0, -50.8 

The divergence slit in primary optics was varied to keep the measurement area approx-

imately constant as the illuminated area would otherwise increase at higher tilt angles. 

To compensate for sample surface roughness, parallel beam with parallel plate collima-

tor was used. This configuration should ensure that diffraction data is only collected from 

desired scattering angles at the cost of longer measuring times as a point detector mode 

is required. The ω-tilts were selected as follows to produce equal spacings between ad-

jacent sin2𝜓 values. 

Anton Paar’s XRDAnalysis software was used to fit a complex, asymmetric pseudo-voigt 

function to each ω-tilt scan to a single peak. These function settings were used because 
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the peak contained a distinct shoulder most likely due to Cu Kα2 line, which has a slightly 

lower energy, thus producing a peak imposed to the main peak. The software automati-

cally calculates the lattice spacing from the fitted function at the peak position. 

XEC, particularly 
1

2
𝑠2 for the diffraction peak’s lattice plane was calculated for the carbide 

phase from FCC single crystal elastic constants utilizing the carbide compliance matrix 

and Hill model. A more detailed explanation for the calculations is given in section 3.4.2. 

The uniaxial stress in an arbitrary direction was calculated using a plane-stress elastic 

model (see Eq. 13). 

6.3 Simulating the cooling phase in the fabrication process 

In this section, the numerical methods to investigate the thermo-mechanical response of 

the carbide and matrix are presented. Firstly, procedures on how the RVE geometry was 

generated is shortly given. Following this, the material models and their constitutive 

equations are provided. Finally, the simulation setup and boundary conditions are pre-

sented. 

6.3.1 Synthetic 3D RVE geometry 

In this section, the author contributed only to produce the 2D microstructural images that 

were used as training data to generate the 3-dimensional synthetic microstructure. 

A microstructural RVE that contains separate element sets for carbide and metal grains 

was generated. 6 training images were taken with 500x and 1000x magnification, and 

these images were fed to sliceGAN, which is a freely available Python code that uses 

machine learning (ML) toolboxes to generate synthetic images. Once the ML model was 

trained, and parameters were adjusted, the 3D synthetic RVE was generated as an im-

portable Abaqus input file, which contained the required element sets for future simula-

tions. The average carbide grain size was taken from the microstructural images. Metal 

matrix grain size was assumed to be 5 𝜇𝑚 on average, as the true size could not be 

resolved with any characterization technique. 

6.3.2 Single crystal plasticity model 

A crystal plasticity model was used to simulate the fabrication-induced residual stresses 

in the matrix phase. A similar model was used in work done by Lindroos et al. [1] simu-

lating a solidification process. This model assumes small strain assumption, where the 

total strain tensor is additively decomposed into elastic, plastic, solidification and thermal 

strains as 
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𝜖 = 𝜖𝐸 + 𝜖𝑃 + 𝜖𝑆 + 𝜖𝑇 . (27) 

Temperature dependent thermal and elastic constants (𝛼, 𝐶11, 𝐶12 and 𝐶44) were taken 

from similar work done by Peterson et al. [21]. The elastic part of the total strain was 

calculated using temperature dependent cubic elasticity constants presented in Appen-

dix B. 

Solidification induced volumetric strain in the matrix was computed with ThermoCalc 

2024b using the TCFE13 database, and the linear strain used in the simulations was 

simply the cube root of the volumetric strain. The thermal strains were calculated using 

Eq. 22 presented in section 4.2.3. 

Plasticity in the matrix phase was modelled using a dislocation density-based model, 

where the total plastic strain rate tensor is computed with the sum of active slip systems. 

In FCC material, the amount of slip systems is generally taken to be 12 octahedral slip 

systems of type {111}<110>, which are given more in detail in section 4.2.4. Now, the 

plastic strain rate can be computed as 

𝜖̇𝑃 = ∑ 𝛾̇𝑠𝑁𝑠

𝑁𝑠=12

𝑠=1

(28)  

where 𝑠 represents the slip system, 𝛾̇𝑠 is the slip rate and 𝑁 is the orientation tensor of 

the respective system. Power-law type formulation was used to compute the current slip 

rate given as 

𝛾̇𝑠 = 𝛾̇0 (
|𝜏𝑠|

𝜏𝑐
𝑠 )

𝑛

𝑠𝑖𝑔𝑛(𝜏𝑠). (29) 

Here, 𝛾̇0 is the reference slip rate, 𝜏𝑠 resolved shear stress and 𝜏𝑐 is the critical resolved 

shear stress of a slip system and 𝑛 denotes the strain rate exponent. The 𝑠𝑖𝑔𝑛 function 

was used to permit slip in both directions in the system, which yields -1 if 𝑠𝑖𝑔𝑛(𝑥) < 1, 0 

if 𝑠𝑖𝑔𝑛(𝑥) = 0 and +1 if 𝑠𝑖𝑔𝑛(𝑥) > 0. Slip is activated in the system if, and only if resolved 

shear stress exceeds current critical resolved shear stress, which is calculated and up-

dated using a Taylor-type strain hardening formulation: 

𝜏𝑐
𝑠 = 𝜏0 + 𝜇𝑏

𝑠√∑𝑎𝑒𝑓𝑓
𝑠𝑗
𝜌 
𝑗 . (30) 

Here, 𝜏0 is the initial slip resistance, 𝜇 is the shear modulus, 𝑏𝑠 is the magnitude of 

Burger’s vector, 𝑎𝑠𝑗 is the interaction matrix of available slip systems, and lastly, 𝜌𝑗 is 

the dislocation density of a slip system. The dislocation interaction coefficients are up-

dated with a saturation type of law derived from dislocation dynamics [64]: 
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𝑎𝑒𝑓𝑓
𝑠𝑗

= [0.2 + 0.8
ln(𝑏𝑠√∑ 𝑎𝑠𝑗𝜌

𝑠
𝑠 )

ln(𝑏𝑠√𝜌𝑟𝑒𝑓)
]

2

𝑎𝑠𝑗 , (31) 

as otherwise, the effect of unbounded dislocation generation would excessively increase 

the flow stress. Here, 𝜌𝑟𝑒𝑓 denotes the reference dislocation density, where the initial 

interaction matrix coefficients were determined. Eq. 31 effectively reduces the magnitude 

of interaction matrix coefficients with increasing dislocation density beyond the reference 

value. 

Rate of dislocation density is updated in the model by considering dislocation annihilation 

and dislocation interaction by forest and coplanar hardening effects. The total dislocation 

density rate is then computed as 

 

𝜌̇𝑠 =
|𝛾̇𝑠|

𝑏𝑠

(

 
√∑ 𝑎𝑒𝑓𝑓

𝑠𝑗
𝜌 
𝑗

𝑓𝑜𝑟𝑒𝑠𝑡

𝐾𝑓𝑜𝑟𝑒𝑠𝑡
+
√∑ 𝑎𝑒𝑓𝑓

𝑠𝑗
𝜌 
𝑗

𝑐𝑜𝑝𝑙𝑎𝑛𝑎𝑟

𝐾𝑐𝑜𝑝𝑙𝑎𝑛𝑎𝑟
− 𝑦𝜌𝑠

)

 , (32) 

where 𝐾𝑓𝑜𝑟𝑒𝑠𝑡 and 𝐾𝑐𝑜𝑝𝑙𝑎𝑛𝑎𝑟 are the different hardening effects, respectively, and 𝑦  is the 

dislocation annihilation distance. The plastic response of the matrix at higher tempera-

tures was further improved by introducing temperature dependency to annihilation dis-

tance, which was strictly used as a fitting parameter. 

Modelling the carbide phase as purely elastic was found to be insufficient as the stresses 

would build up excessively, and therefore, dislocation slip was allowed in the model. A 

total of 24 slip systems were introduced, in which the primary slip systems were six cubic 

{100}<010> and {110}<110> families and twelve octahedral systems of type {111} 

<110>. The basis of this was that according to Hannink et al. [26], the slip family {111} 

<110> activates at high temperatures for the carbide phase at the brittle to ductile tran-

sition.  

The same flow rule was used for the carbide phase as described in Eq. 28. However, a 

phenomenological hardening rule is used for the carbides [65] given below 

𝜏𝑐
𝑐𝑎𝑟𝑏 = 𝜏0

𝑐𝑎𝑟𝑏 + 𝑄∑𝐻𝑐𝑗[1 − exp(−𝑏𝑝
𝑗)]. (33) 

Here, 𝑄 is the hardening parameter, 𝐻𝑐𝑗 is the interaction matrix and 𝑏 is a saturation 

parameter. 𝑝𝑗 represents cumulative slip in the slip system, which is the integral of slip 

rate with respect to time, integrated over total time. No available experimental data was 

found to calibrate the parameters shown in Eq. 33, and furthermore, the interactions 

between different slip systems is difficult to validate accurately thus, only self-hardening 
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effects were considered. With these modifications, the overall update of plastic strain 

tensor becomes 

𝜖̇𝑃 = ∑ 𝛾̇𝑠𝑁𝑠

𝑁𝑠=12

𝑠=1

+ ∑ 𝛾̇𝑐𝑁𝑐

𝑁𝑐=24

𝑐=1

, (34) 

where activity of dislocation slip depends on the phase, only allowing one or the other. 

The crystal plasticity model parameters for the matrix phase were adjusted to match 

experimental stress-strain behaviour at different temperature regimes (293K, 500K, 

750K, 1000K and 1500K) by doing a simulated tensile test to a polycrystal RVE shown 

in Figure 17. The experimental stress strain curves were digitized were from similar work 

done by Peterson et. al [21]. 

Z-set finite element software was used to perform the simulated tensile test to a 4096 

element (type C3D8), randomly oriented polycrystal cube up to 5 % strain, where the 

displacement and reaction force was recorded as an output to produce stress-strain 

curves. Each crystal had 8 elements, and the total volume of the cube was 1 𝑚𝑚3.  

 

Figure 17. Mesh used for matrix phase’s temperature dependent stress-strain be-
haviour calibration. The coloured blocks are separate crystals. The black dots repre-

sent node sets used in boundary conditions. 

Roller type boundary conditions were assigned to three intersecting face’s nodes 

(𝑥0, 𝑦0, 𝑧0), where the displacement to face normal was fixed. The displacement boundary 

condition was set to nodes at face 𝑧1. Explicit Runge-Kutta integration method was used, 

and the total simulation time was set to 500 s where 5 % strain was achieved with an 

effective strain rate of 0.0001 𝑠−1. 

The CP-model parameters shown in Table 4 were calibrated by trial and error to match 

the experimental stress-strain curves, and MATLAB R2025a curve fitting tool was used 

to find the final parameters. 
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Table 4. Adjusted CP-model parameters. 

Initial dislocation density mm-2 𝜌0 

Initial yielding at crystal planes [MPa] 𝜏0 

Forest obstacle parameter 𝐾𝑓𝑜𝑟 

Coplanar obstacle parameter 𝐾𝑐𝑜𝑝 

Dislocation annihilation distance [nm] y 

Slip viscous parameter 𝐾 

Strain rate parameter 𝑛 

Firstly, initial yielding was tuned by modifying 𝜏0 and initial dislocation density separately 

for each temperature. Following this, a curve fitting tool was used to fit an exponential 

decay for 𝜏0 as a function of temperature in the form 𝐴 ∙ 𝑒−𝐵∙𝑇, where 𝐴 and 𝐵 are fitting 

parameters and 𝑇 is temperature. The initial dislocation density was set to 1000 𝑚𝑚−2 

at high temperatures, increasing by a factor of 10 for lower temperatures. The hardening 

behaviour of the matrix was calibrated using the forest and coplanar obstacle parameters 

and with dislocation annihilation distance. 𝐾𝑓𝑜𝑟 and 𝐾𝑐𝑜𝑝 were kept constant for each 

temperature regime, however a polynomial function was fitted to the dislocation annihi-

lation distance as a function of temperature. The fitted stress strain curves to experi-

mental data are shown in Figure 18 and the final values for all used parameters are 

collected in Appendix B. 
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Figure 18. Calibration results for the matrix phase. 

The model stress strain behaviour follows the experimental data quite well. The yield 

stress is captured, however at lower temperatures, the hardening rate is initially higher, 

then it lowers in comparison to the experimental data as strain increases. Although, the 

difference is only some MPa, the results should not be affected a lot. 

6.3.3 Simulation setup 

Similarly to the parameter calibration, Z-set was used to simulate the cooling phase of 

the fabrication process. Random orientations were assigned for each carbide and metal 

crystal in the RVE, which is shown in Figure 19. 

 

Figure 19. Meshed polycrystal RVE for the particle reinforced metal matrix compo-
site. Spherical objects refer to the carbide phase. 
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The orientations were given for the crystals using a pseudo-random generator that is 

used to produce Euler angles for each crystal, and these angles were calculated with 

expressions shown below 

𝑒1 = 360° ∙ 𝑅 

𝑒2 = 180° ∙
acos(2𝑅 − 1)

𝜋
 

𝑒3 = 360° ∙ 𝑅,  

where 𝑅 is the output of the random generator in range of (0, 1).  

Explicit Runge-Kutta integration method was used to simulate the cooling phase with 

reduced integrated hexahedral elements (C3D8R). Initial homogenous temperature field 

was assigned to the whole model as an initial condition, which was set at the liquid-solid 

transition point of the metal. Total simulation time was set to 1436 s, where the metal 

matrix is brought from the solidification point to room temperature, which led to a constant 

cooling rate of 1 K/s. Although the solidification of the matrix could be instantaneous in 

a real sense, it was set to happen in the first 6 seconds of the simulation to ensure 

numerical stability and convergence. In addition to the thermal load, roller type boundary 

conditions were set as in the parameter calibration simulations to faces 𝑥0, 𝑦0, 𝑧0, to allow 

free contraction due to the thermal load. High power computing with 36 processors and 

90 Gb of memory was used. The total time to complete the simulation was 59 hours. 

6.4 Simulating microscale dynamic compression behaviour 

Abaqus/Explicit 2023 finite element software was used to simulate dynamic compression 

tests at various strain rates to the same RVE that was used in section 6.3.3. The simu-

lations were done to the stressed structures and unstressed structures where the mate-

rials were modelled separately for the carbide and metal phase. Johnson-Cook (JC) rate 

dependent plasticity model was used to simulate viscoplastic response of the metal ma-

trix, and additionally, a JC dynamic failure model was used to model the degradation of 

strength in the matrix. A modified Johnson-Holmquist-Cook (JHC) strength and damage 

model written as an Abaqus VUMAT subroutine was used to model the carbide phase, 

which was proposed by Lindroos et al. in [2]. 

6.4.1 Constitutive models 

Johnson-Cook plasticity model describes the flow stress of a material considering strain 

hardening, strain rate effects and temperature. There exist modified versions of the JC 
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model, e.g. [66], however in this thesis, the readily available model in Abaqus was used. 

The Von-Mises equivalent stress in the JC model is given as [67] 

𝜎 = [𝐴 + 𝐵(𝜖𝑝)
𝑛
] [1 + 𝐶 ln(

𝜖̇𝑝
𝜖0̇
)] [1 − 𝑇∗𝑚], (35) 

with 𝐴, 𝐵, 𝑛, 𝐶 and 𝑚 being constants determined from experiments. The first factor of 

the equation describes the hardening behaviour of the material. 𝐴 is the yield stress of 

the material, 𝜖𝑝 is the equivalent plastic strain, and 𝐵 and 𝑛 are the hardening constant 

and exponent respectively. Second factor determines the strain rate dependency, where 

𝐶 is the strain rate constant, 𝜖̇𝑝 is current equivalent plastic strain rate and lastly, 𝜖0̇ is 

the reference strain rate. The final factor in the equation depicts thermal softening of the 

material, where 𝑇∗ is a homologous temperature defined as 𝑇∗ = (
𝑇−𝑇0

𝑇𝑚−𝑇0
) with 𝑇 being 

current temperature, 𝑇0 is transition temperature where thermal softening begins to take 

effect and 𝑇𝑚 is the melting temperature of the material. Lastly, 𝑚 is described as the 

thermal softening exponent governing the softening sensitivity. [67] In this thesis, the 

thermal contributions were not considered. 

To model possible material strength degradation of the metal in the simulations, the dy-

namic JC damage model was used. This model assumes that material failure is initiated, 

once the damage variable exceeds 1. The evolution of damage was not considered and 

therefore material points were degraded once the damage variable exceeded 1. This 

damage variable is computed from the ratio of increment of equivalent plastic strain with 

respect to the strain at failure as [68] 

𝐷 =∑(
Δ𝜖𝑝

𝜖𝑝
𝑓
) , (36) 

where the summation is done over all the increments in the simulation. Here, Δ𝜖𝑝 is the 

increment of equivalent plastic strain and 𝜖𝑝
𝑓
 is plastic strain at failure, which is defined 

in the failure model as follows: 

𝜖𝑝
𝑓
= [𝐷1 + 𝐷2 exp(𝐷3

𝑝

𝜎𝑒𝑞
)] [1 + 𝐷4 ln(

𝜖̇𝑝

𝜖0̇
)] (1 + 𝐷5 𝑇∗). (37)  

This model considers evolution of plastic strain at failure with dimensionless stress triax-

iality 
𝑝

𝜎𝑒𝑞
, where 𝑝 is pressure and 𝜎𝑒𝑞 is the equivalent stress, and additionally strain rate 

and temperature, similarly to the JC strength model. The parameters 𝐷1 − 𝐷5 are meas-

ured from experiments. [68] 



51 

Parameters for JC strength and failure models that were used in the simulations are 

shown in Table 5. 

Table 5. Material parameters for metal matrix. [67] 

Density and elasticity 

𝝆 [tonne·mm-3] 𝑬 [MPa] 𝝂 

8.9E-9 207E+3 0.31 

Plasticity (JC) 

A [MPa] B [MPa] C n m 𝝐̇𝟎 [𝒔
−𝟏] 

163 648 0.006 0.33 1.44 1.0 

Damage initiation (JC) 

D1 D2 D3 D4 D5 

0.5 -0.1 0.005 0.01 0 

It is significant to mention that no experimental data was found to determine the param-

eters for the JC damage model. Values for 𝐷1 − 𝐷3 are assumed on the fact that the 

strain at failure would decrease with increasing stress triaxiality. Values for 𝐷4 and 𝐷5 

were motivated by the fact that the metal in question is not significantly strain rate sen-

sitive and temperature effects were not considered. 

The modified JHC model used to simulate the carbide phase is a variant of Johnson-

Holmquist 2 model, which is suited for brittle materials. One of the main characteristics 

of the models is that the strength of the material is considered to increase with increasing 

pressure. This aspect of the model is attractive to study the effect of residual stresses on 

deformation behaviour of the carbide phase. The flow stress is expressed as functions 

of reference uniaxial compressive strength (UCS), tensile strength and additionally re-

garding strain rate dependency as [2] 

𝜎 = 𝐴[𝑃∗ + 𝑇∗(1 − 𝐷)]𝑁  [1 + (
𝜖̇

𝜖0̇
)]
𝐶

. (38)  

Here, 𝐴 and 𝑁 are material strength constants, 𝐷 and 𝐶 are damage variable and strain 

rate sensitivity constant, similarly as in the JC strength model. The pressure (𝑃) and 

tensile term (𝑇) are scaled with the UCS as 𝑃∗ =
𝑃

𝑈𝐶𝑆
 and 𝑇∗ =

𝑇

𝑈𝐶𝑆
. The yielding of the 

material follows Von-Mises yield surface considering equivalent stress, flow stress and 

UCS as follows: 
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𝜎𝑒𝑞 − 𝜎 ∙ 𝑈𝐶𝑆 ≤ 0. (39) 

This material model uses same formulation to compute the damage variable 𝐷 as de-

scribed in Eq. 36, However the plastic strain to failure is calculated with 

𝜖𝑝
𝑓
= 𝐷1(𝑃∗ + 𝑇∗)𝐷2, (40) 

where 𝐷1 and 𝐷2 are failure parameters (different from the JC dynamic failure model). 

Different failure modes are tracked separately in the material model if a certain condition 

is achieved. The failure modes are tensile, shear/compressive and volumetric failure re-

spectively. [2] 

In the original Johnson-Holmquist 2 model, pressure as a function of volumetric strain is 

governed by a cubic equation 

𝑃 = 𝐾1𝜇 + 𝐾2𝜇
2 + 𝐾3𝜇

3, (41) 

where 𝜇 is volumetric strain and 𝐾1, 𝐾2, 𝐾3 are material parameters. [69] In this work, the 

last two terms are taken to be 0 for simplicity, thus the pressure is governed solely by 

𝐾1, which is the material bulk modulus. The material parameters used for the carbide 

phase are collected in Table 6 below. 

Table 6. Material parameters for carbide phase. 

Density and elasticity 

𝝆 [tonne·mm-3] 𝑮 [MPa] 𝑲 [MPa] 

4.9E-9 175.9E+3 241.5E+3 

Strength (JHC) 

A N C T [MPa] 𝝈𝒇 𝝈𝒊 UCS 
[MPa] 

𝝐̇𝟎 [𝒔
−𝟏] 

1.55 0.81 0.04 300 0.139 1.39 3100 0.1 

Damage (JHC) 

D1 D2 𝝐𝒎𝒊𝒏 𝝐𝒎𝒂𝒙 𝝐𝒎𝒂𝒙
𝑽𝒐𝒍  

0.077 0.46 0.006 0.08 0.25 

Again, experimental data for most of the parameters were not available, thus they were 

approximated from similar materials, where experimental data was at hand. Tensile 

strength and UCS were taken from Ansys Granta 2024 R1 selector. Additionally, the 

parameters were adjusted to match results of uniaxial compressive test that has been 

done to the material in previous studies.  



53 

6.4.2 Simulation setup 

As Abaqus does not have an inherent unit system, consistent units of N, mm, tonne and 

seconds were adopted. An explicit solver was used in the compression tests as highly 

non-linear behaviour is expected in the dynamic strain rate regimes. Simulations were 

done at strain rates of 10, 100, 1000 and 10000 𝑠−1. The strain rate in the simulations 

was varied by changing the total simulation time, which were 1000 𝜇𝑠, 100 𝜇𝑠, 10 𝜇𝑠 and 

1 𝜇𝑠 for each strain rate respectively. 

The use of mass scaling was a necessity in other cases than the highest strain rate, 

since explicit time integration is conditionally stable. The stable time increment is calcu-

lated from the time it takes for a dilatational wave speed to cross the shortest dimension 

of an element. In this case, the RVE has dimensions of 38.98 µm with roughly 100 ele-

ments across an edge. This means that one element is approximately 0.3898 µm in size. 

The dilatational wave speed can be computed as 𝑐𝑑 = √
𝐸

𝜌
. 

Considering the carbide phase with the highest stiffness and lowest density, the wave 

speed can be estimated to be 9.4 km/s. Now, the stable time increment would be Δ𝑡 =

𝐿𝑒

𝑐𝑑
≈ 0.0411 𝑛𝑠 with 𝐿𝑒 being the element length. This time increment would become even 

shorter as the simulation progresses due to the non-linear behaviour and thus, the sim-

ulation would require excessive number of increments to complete. The mass scaling 

was set to semi-automatic to target a time increment of 0.1 𝑛𝑠 or 10 𝑛𝑠 depending on the 

case. This would effectively multiply the total mass in the simulation by a factor of 80 – 

6000, again depending on the case, however the total mass in the simulation is already 

small (3.3E-10 kg), the mass scaling should not drastically affect the physicality of the 

simulation. This was confirmed by monitoring work done by mass scaling with respect to 

internal energy, which was low in all cases. 

Hexahedral, reduced integrated elements (C3D8R), were used with enhanced hourglass 

control without element deletion to track damage fields in the system. Same boundary 

conditions were used as in section 6.3. These boundary conditions, in addition to the 

compressive displacement, which was set to a reference point, are shown in Figure 20. 
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Figure 20. RVE model and boundary conditions for dynamic compression test. Dark 
grey regions are the carbide phase, and light grey areas are the metal matrix. 

An additional kinematic constraint was added to the reference point and the nodes at the 

top face. This constraint ensures that the reference point is tied to the nodes and all the 

nodes remain level during the loading. The total displacement was set to 1.2 % strain as 

the carbide phase is expected to degrade at small strains. The total displacement was 

modulated using a smooth step amplitude, where the displacement increases slowly in 

the beginning and end to ensure stability and reduce inertial effects. Finally, reaction 

force and displacement in Y direction was tracked to produce force-displacement output 

from the simulation. Similar setup was used for the stressed structures. The initial stress 

field was directly read from the cooling phase simulation output database file using a 

predefined field.  

As in the cooling simulations, high power computing was used with 30 processors and 

90 Gb of memory. The total time it took to complete the simulation varied between the 

cases, taking 7 hours at shortest. The longest time to complete was in the case with 

residual stresses and lowest strain rate taking roughly 70 hours. 
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7. RESULTS 

In this chapter, the results from the experimental and numerical parts are presented. 

First, the microstructural analysis is shown followed by the measured XRD stress results. 

The results obtained from the cooling simulations are shown and lastly, the results from 

the various compression simulations are presented. 

7.1 Microscopy 

The microstructure of the sample was analysed using a digital light optical microscope. 

1000x magnification micrograph is shown in Figure 21 below. The carbides (dark grey 

regions) are mostly spherical, however they are not confined with surrounding matrix but 

rather formed in a skeleton structure. This phenomenon occurs mainly in all regions, as 

no segregated carbides can be observed. The metal matrix surrounding the carbides 

seem to form extremely thin regions, sub-micron in thickness, however in some areas, 

thicker matrix regions can be seen. 

 

Figure 21. Microstructure of the sample S18 taken with 1000x magnification. 

Some porosity is also seen in the sample. Especially in the middle of carbide clusters, 

black regions without matrix are seen. This could be due to the miniscule amount of 

metal present in this region during the fabrication process. Consequently, as the metal 



56 

cools, a significant amount of tensile residual stress is formed, which is relaxed with 

migration to other available areas leaving a void at the centre of the cluster. The circled 

region in the figure shows small, wedged areas in the carbide, which are due to polishing 

step in sample preparation. 

The carbides in S18 are different in size, which can be seen from the size distribution 

shown in Figure 22, where the range is roughly from 2 𝜇𝑚 to 16 𝜇𝑚. The distribution is 

roughly normal with a slight skew towards higher diameters. 

 

Figure 22. Size distribution of the carbides in S18. 

The collective results of microstructure evaluations are in Table 7 below. The most no-

table feature is very high volume fraction of carbide at almost 90 %. The contiguity is 

also high, meaning the carbides are mostly in direct contact with each other. 

Table 7. Microstructural properties of sample S18. 

Sample 𝒇𝒓 𝒅𝒓 [𝝁𝒎] 𝑪 𝝀 [𝝁𝒎] 

S18 0.8940 6.67 0.55 1.76 

On the contrary, the MFP of the MMC is rather low, meaning that the average separation 

between the carbides is less than 2 𝜇𝑚, thus the metal matrix is constrained in thin sec-

tions within the carbide skeleton. 
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7.2 Experimental and analytical residual stress 

An overall 2𝜃 scan was required to find suitable peaks to measure uniaxial residual 

stress. The general diffraction pattern from the sample S18 is shown in Figure 23. 

 

Figure 23. Sample S18 general diffraction pattern. The indexed peaks are for the 
carbide phase. 

Most of the diffraction peaks relate to the carbide phase. The metal matrix in S18 pro-

duced only 2 distinct diffractions with resolvable intensity at low 2𝜃 angles, approximately 

at 42º and 51º. The diffraction peak of the carbide phase (511) at 135.4º was selected to 

measure the residual stress. The peak had no other overlapping peaks, and its position 

had the highest diffraction angle maximizing the lattice spacing resolution. Additionally, 

its intensity was sufficient to conduct peak fitting. The (511) peak was scanned with 7 

negative ω-tilt angles with 2𝜃 ranging from 132º to 140º. As an example, all ω-tilt scans 

from the third measurement area are shown in Figure 24 below. The other scans from 

areas 1 and 2 are collected in Appendix C. 

 

Figure 24. ω-tilt scans from area 3 measuring the (511) peak. 

Sample S18 had at best 400 counts of intensity from the (511) peak with zero omega 

offset. It is also noticeable that with higher tilt angles, the intensity is greatly reduced. As 

the tilt angle is higher, the radiation source is more parallel to the sample surface, thus 
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less X-rays illuminate the measured area, which was kept constant. It can be noticed 

that as the tilt angle increases, the position of the peak shifts slightly towards higher 2𝜃 

angles. The sample’s peaks were mostly asymmetrical due to the Cu Kα2 line. This can 

be observed as a slight shoulder imposed in the main peak. The results from fitted peaks 

from all areas are collected in Table 8 below, where lattice spacing corresponding to a 

tilt angle is presented. 

Table 8. Lattice spacing corresponding to the peak position at various tilt angles. 

ω-tilts [º] Area 1 (𝒅𝟎𝝍) [Å] Area 2 (𝒅𝟎𝝍) [Å] Area 3 (𝒅𝟎𝝍) [Å] 

0 0.83277 0.83283 0.83299 

-18.4 0.83261 0.83265 0.83280 

-26.6 0.83258 0.83255 0.83264 

-33.2 0.83243 0.83240 0.83244 

-39.2 0.83229 0.83229 0.83225 

-45.0 0.83224 0.83219 0.83215 

-50.8 0.83219 0.83202 0.83205 

The ω-angles were converted to sin2𝜓 values with expression sin2𝜓 = sin2 (
𝜔𝜋

180°
). The 

lattice spacings were plotted against the converted sin2𝜓 values to get a linear regres-

sion fit. The linear regression for sample S18 from all 3 measurement areas are shown 

in Figure 25. 

 

Figure 25. Linear fits and 𝒅𝟎𝝍 vs. 𝒔𝒊𝒏𝟐𝝍 plots from all areas measured for (511) 

plane at 𝟐𝜽 ≈ 𝟏𝟑𝟒. 𝟒°. 
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As seen from Figure 25, the data points follow an adequate linear relationship. Employing 

the plane stress elastic model to calculate the residual stress should be valid for this 

measurement setup. It can be noted that the slope of the regression line is negative in 

all measured areas, which indicates a compressive stress in the carbide, although the 

slope can be seen to vary with different areas.  

In addition to the linear regression, the 
1

2
𝑠2 XEC is required for the (511) lattice plane to 

calculate the residual stress. This was calculated with the Hill model (see section 3.4.2) 

using the FCC elasticity matrix of the carbide. With the regression fit constants and the 

computed XEC and substituting those into Eq. 13, the average uniaxial compressive 

stress in the carbide phase could be calculated. 

Gurland’s formula (see Eq. 3) was used to calculate an analytical value for the average 

stress in the carbide phase. The parameters for the calculations were the same as used 

in the simulated residual stress presented in Appendix B. Namely, room temperature 

elastic and thermal constants. Also, the upper limit of estimated stress in the metal phase 

was calculated with force balance relation (see Eq. 2) in all cases. The results from the 

experimentally measured and from the analytical formula are listed below in Table 9. 

Table 9. Collective results of experimentally measured and analytically calculated 
residual stresses in the MMC. 

Method 𝟏

𝟐
𝒔𝟐 [𝑴𝑷𝒂

−𝟏] Stress (carbide) [𝑴𝑷𝒂] Stress (matrix) [𝑴𝑷𝒂] 

XRD (Area 1) 2.796E-6 -425 ± 33 3580 ± 282 

XRD (Area 2) 2.796E-6 -553 ± 19 4667 ± 158 

XRD (Area 3) 2.796E-6 -691 ± 36 5829 ± 305 

XRD (Average) 2.796E-6 -556 ± 29 4692 ± 248 

Gurland’s formula - -297 2506 

It can be noted that the values of residual stress in the MMC vary markedly between the 

different methods. The experimentally measured value is much higher in all measured 

areas compared to the analytical model and varies between measurement areas with 

highest compressive stress measured from area 3. The magnitude of stress in the matrix 

phase predicted by force balance is very high, in the excess of 2 – 5 GPa. 
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The residual stresses from same areas were also measured externally with an Xstress 

DR45 diffractometer dedicated for stress measurements. Further details regarding the 

externally measured stresses are shown in Appendix A. 

7.3 Simulated residual stress 

The quantitative results from the cooling simulations were calculated separately for each 

phase. The results were taken from a middle region inside the RVE, in a way that each 

side of the region is 10 % in length away from the RVE boundaries. This was done to not 

consider possible stress concentrations where boundary conditions were determined. All 

values shown in the contour plots’ legends are in MPa. 

The phase averaged residual stresses were calculated similarly to several other studies 

[14], [21], [22], [39], [70], [71]. This was done in a way that is comparable to the uniaxial 

XRD measurements, where the stress value between two principal axes in an arbitrary 

direction can be measured. The mean value of the 3 principal stresses was calculated 

for all elements separately from the simulation, which were further summed and lastly 

normalized with total number of elements in the phase. Mathematically this is given as 

〈𝜎𝑖𝑗
𝑋〉 =

1

3𝑁𝑋
∑𝑻𝒓(𝜎𝑘

𝑋),

𝑁𝑋

𝑘=1

(23) 

where 𝑋 corresponds to the phase, 𝑁 is the number of elements and 𝑻𝒓 is the trace of 

the stress tensor converted to principal coordinates. 

The graph below (Figure 26) shows the evolution residual stresses through the cooling 

process. The initial temperature is at the solidification temperature of the metal where 

the most notable ramp of residual stresses is produced due to high magnitude of solidi-

fication strain. 
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Figure 26. Phase averaged residual stress evolution with temperature for carbide 
and matrix phases. 

The matrix solidification produced 1.68 GPa of mean tensile stress and 0.170 GPa of 

mean compressive stress in the matrix and carbide phase respectively. The rest of the 

residual stresses is produced mostly due to thermal strains because of mismatch in CTE 

between the phases. The rate of internal stress build-up is low for both phases after the 

solidification process. 
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Figure 27 shows the residual stress distributions after the simulated solidification and 

cooling process to room temperature. 

 

Figure 27.  Phase averaged residual stress distributions. 

The key aspects of these distributions are that the matrix phase is in mean tensile stress 

state and the carbide is in mean compressive state. Furthermore, it can be noted that a 

significant portion of elements in the carbide phase are also in tensile state, whereas 

only a minimal number of elements are in compressive state for the matrix phase. Addi-

tionally, the distribution of stresses is broader for the matrix, where it ranges from zero 

to high levels of stress of approximately 5.0 GPa. Moreover, the mean value of stress is 

approximately 2.4 GPa in the matrix. Considering the carbide phase, vast majority of 

elements are in compression ranging from 0 to -2.0 GPa. The distribution of stress is 

also sharper, peaking around -0.4 GPa. In total, the mean stress in carbide phase was 

evaluated as -0.22 GPa, significantly lower in magnitude than the matrix. 

The contour plots in Figure 28 show the distribution of equivalent stress and pressure 

(positive in compression). The highest magnitude of equivalent stress is concentrated in 

the near vicinity of the carbide-metal interfaces reaching values over 3.0 GPa. 
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Another important result is that the equivalent stress in the matrix grains is almost com-

pletely relaxed, where only values of 160 MPa are reached. Although it can be noted that 

there is some spottiness with high value of stress within the metal matrix. These spots 

are carbide crystals that should not be there in the real sense, as the RVE was syntheti-

cally generated. The regions of carbide that are further away from the carbide-metal in-

terfaces have significantly lower amount of equivalent stress, less than 1.0 GPa. Simi-

larly, the residual pressure in the carbide crystals is lower in magnitude further from any 

interface. High amount of positive pressure (as high as 2.0 GPa) is located at regions 

where the MFP of carbide is low and on the contrary, the contours indicate that the pres-

sure is negative in the regions of metal matrix (dark blue regions). The gradient in pres-

sure is high, especially at the interfaces where the sign shifts from positive to negative. 

In order to visualize the tensile and compressive stress regions better, the maximum 

principal stresses and minimum principal stresses are shown separately for the matrix 

and carbide phases in Figure 29. If positive, the maximum principal stress indicates the 

highest tensile stress. If negative, the minimum principal stress indicates the highest 

compressive stress. 

 

Figure 28. Von-Mises stress (left) and pressure contours (right) in the middle region of the RVE. Positive 
pressure indicates compressive stress. 
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In the right-hand side plot in Figure 29, vast majority of regions is in compressive stress 

state, however close to the metal interface, the stresses are tensile. Again, the highest 

compressive stress zones are located at regions where high content of metal is present, 

i.e., carbide mean free path is low. Interestingly, it can be observed that the dark orange 

regions in the carbide phase are under tensile residual stress. These regions are exactly 

at the carbide-metal interfaces. Considering the left-hand side plot in Figure 29, where 

maximum principal stress in the matrix phase is presented, it can be observed that mainly 

all metal grains are in tensile stress. The absolute magnitude of stress is also greater 

than in the carbide crystals, where values as high as 6.7 GPa is reached in some ele-

ments compared to -5.2 GPa of compression in some elements in the carbide phase. 

Observing more closely how the stresses distribute at grain level in the carbide phase, a 

2D section is shown in Figure 30, where also the individual grains are shown and the 

directions of residual compressive stresses. It can be deducted that in the middle of car-

bide grains, the magnitude of compressive stress is lower, and it increases closer to 

carbide-carbide junctions. Furthermore, the magnitude increases more if the carbide 

grain is enclosed by large amount of metal grains indicated by black arrows in left side 

plot. 

Figure 29. Maximum and minimum principal stress contours for metal matrix (left) and carbide phase 
(right) respectively. 
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Figure 30. 2D section cut near the middle region of the carbide phase. Left-side 
contours show the distribution of minimum principal stresses and right-side plot shows 

the direction of the stresses in addition to individual carbide crystals. 

The directions of compressive stresses shown in Figure 30 right side plot indicate that 

they distribute mostly radially with respect to individual carbide crystals. At carbide-car-

bide junctions (circled in the right figure) high level of compressive stress is seen per-

pendicular to the junctions. In contrast, the tensile stresses present near the carbide-

metal are more parallel to the interface (not shown in the figure). 

Figure 31 shows same section cut as presented above for the metal phase. Here, max-

imum principal stress is presented, which indicates the highest tensile stress regions. It 

can be noted that almost all regions are under significant tensile stress. The stresses 

can be seen to distribute differently with the metal network. 

 

Figure 31. 2D section cut of the metal matrix phase. Left-side contours show the 
distribution of maximum principal stresses. Right-side plot shows individual metal 

grains. 
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At regions with high number of separate grains, the tensile stresses are higher in mag-

nitude (circled in the figure), whereas at regions with isolated grains, the magnitudes are 

markedly lower. It can also be observed that the tensile stresses are mainly hydrostatic 

due to low amount of equivalent stress, meaning that the direction of stresses are also 

radial with respect to individual grains. 

7.4 Simulated microscale dynamic mechanical behaviour 

The effect of residual stresses was evaluated with uniaxial compression simulations. 

Figure 32 shows the final fracture paths as 3D isosurface plots at the end of the com-

pression simulation for strain rates of 10 𝑠−1 (a,c) and 10000 𝑠−1 (b,d). Simulations done 

for strain rates of 100 𝑠−1 and 1000 𝑠−1 are not visualized here, as the results set be-

tween the two extremes. Fracture paths for stressed structures are shown in Figure 32a 

and Figure 32c, while Figure 32b and Figure 32d are without residual stresses. The leg-

end in the figure indicates the amount of cumulative damage in an element, where 1.0 is 

completely fractured (red) and 0.0 is intact material (blue). 
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Figure 32. Isosurface plot of carbide phase fracture paths in the RVE loaded with 

different strain rates. (a) 10 𝒔−𝟏 with RS, (c) 10000 𝒔−𝟏 with RS. (b) 10 𝒔−𝟏 without RS 

and (d) 10000 𝒔−𝟏 without RS. 

Similar trends can be observed between the simulations. All cases have a main diagonal 

fracture path (arrow in Figure 32b) that traverse through the RVE in roughly 50°-60° 

angle. This indicates that the largest fracture path in the carbide occurs nearly in the 

direction of highest shear stress. Additionally, a secondary fracture surface (circled in 

Figure 32d) is present in all cases. This triangular fracture in the carbide occurred in the 

corner of the RVE, where low content of metal was supporting the carbide from beneath. 

The tertiary fractures, which can be seen as straight paths across the RVE are tensile in 

nature where the tensile strength of the carbide was exceeded due to collapse of the 

structure. Interestingly, it can be also noted that the portion of fracture surface is greater 

in the non-stressed structures, more pronounced in Figure 32b, which had a lower load-

ing rate. 

Conversely to the carbide phase, the metal matrix phase did not have completely dam-

aged paths in any of the simulated cases. In Figure 33, the contours of JC damage var-

iable are shown. A value of 1.0 indicates completely degraded element, where the load-
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carrying capacity is diminished, and value less than 1.0 has intact strength. In all cases 

the damage has localized at regions where the carbide had initially fractured indicating 

a significant load transfer due to sudden increase of strain in the matrix. Some differ-

ences can also be noted from the cases. The amount of cumulative damage in the lower 

strain rate cases (a,b) is seemingly lower than in the cases where the strain rate was 

10000 𝑠−1 (c,d). 

 

Figure 33. Metal matrix cumulative damage contours in the RVE loaded with differ-

ent strain rates. (a) 10 𝒔−𝟏 with RS, (c) 10000 𝒔−𝟏 with RS. (b) 10 𝒔−𝟏 without RS and 

(d) 10000 𝒔−𝟏 without RS. 

In cases (c,d) vast majority of elements had damage variable exceeding 0.6, whereas in 

cases (a,b) was significantly lower at approximately 0.2. In addition, the residual stresses 

have influenced the damage accumulation. The instances with residual stresses have 

higher amount and localized damage near the initial fracture point in the carbide at re-

gions highlighted in b and d. 

Figure 34 shows the increase in plastic strain in the matrix phase near the primary frac-

ture zone shown earlier. Differences can be observed in cases with higher strain rates 

and with residual stresses. Firstly, in cases where residual stresses are as an initial con-

dition, the matrix has yielded at the beginning of the simulation seen as approximately 

1.2 % plastic strain. Without residual stresses, yielding occurs at approximately 0.3 𝑚𝑠 
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and 0.3 𝜇𝑠, respectively. As time progresses, the carbide phase carries most of the load 

indicated by only a marginal increase in plastic strain in the matrix.  

Secondly, the time of primary fractures in the carbide can be seen as a sharp increase 

in plastic strain in the matrix. Interestingly, the fracture of the RVE is slightly delayed if 

residual stresses are present, more pronounced at lower strain rates. The delay of frac-

ture is 0.9 𝑚𝑠 with strain rate of 10 𝑠−1 and 0.3 𝜇𝑠 with strain rate of 10000 𝑠−1.  

 

Figure 34. Average evolution of equivalent plastic strain in the matrix phase at the 
primary fracture zone. 

The sudden increase in plastic strain manifested as a major local increase in strain rate 

in all cases. With residual stresses, and in the case of global strain rate of 10000 𝑠−1, 

the local strain rate near the fractured area was 3.56 million 𝑠−1. Without residual 

stresses, the local strain rate was even higher at 3.84 million 𝑠−1 calculated from the 

slope of the sharp increase. In the case of lower global strain rate of 10 𝑠−1, the residual 

stresses did not influence the increase of local strain rate. In both cases, the local strain 

rate was increased to 2680 𝑠−1. Finally, after the primary fracture of the carbide, it can 

be observed that the plastic strain in the matrix plateaus indicating that the load is trans-

ferred back to intact carbides. 

Distinct shear bands at 45-degree angle to loading direction were observed to concen-

trate in the carbide phase at the time of damage accumulation. This is visualized and 

highlighted with dashed arrows in Figure 35. The stresses seem to concentrate at areas 

with thin regions of metal and at sharp corners. Highest concentrations are seen where 

small amount of carbide is surrounded by metal. The magnitude of stress concentrations 

is higher in the stressed instance. 
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Figure 35. In-plane shear banding in the carbide phase during loading. Left-side 
and right-side contours are for the stressed and non-stressed case respectively. The 

initial fracture point is circled in the right-side plot. 

The damage localization areas in the carbide phase (metal matrix not shown) are visu-

alized in Figure 36 below and the alphabetical indexing in the figures follow the same 

logic as in Figure 32. Additionally, it should be noted that the legend maximum value is 

set to 0.05 to highlight damage localization. 

 

Figure 36. Three-axis section cut of initial damage localization areas in the carbide 

phase. (a) 10 𝒔−𝟏 with RS, (c) 10000 𝒔−𝟏 with RS, (b,d) without RS. 

It is apparent in all cases that the initial damage in the carbide localizes at the carbide-

metal interfaces quite uniformly. The reason for this is stresses concentrating in the car-

bide due narrow regions of metal matrix. However, the initial damage regions did not 
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strictly follow the shear bands observed earlier. Additionally, the stiffness discrepancy 

between the metal and carbide can influence local load distribution greatly. Interestingly, 

damage accumulation is less evident in the stressed RVEs (b,d) even though it was 

observed that at these regions, the carbides are in mean tensile residual stresses, as 

shown in section 7.3. The reason for this observation could be that the tensile residual 

stresses oppose the compressive loading, delaying the damage initiation (highlighted in 

b). It is also apparent that damage localizes earlier in the cases loaded with lower strain 

rate at same amount of strain, which indicates that higher strain rate increases the 

strength of the structure.  

The reasons for delayed damage accumulation in the RVEs with residual stresses are 

further explained below, where the pressure contours are visualized. Figure 37 shows 

the pressure localization in the carbide phase during the initial damage accumulation. It 

can be noticed that the magnitude of pressure is markedly higher in the instance with 

residual stress. Although the residual stresses at the metal-carbide interfaces were ten-

sile in nature at first, during compressive loading a significant amount of compressive 

stress is localized at those regions (red areas in the figure), which rises the flow stress 

of the carbide (see Eq. 34) essentially strengthening it. In comparison, the amount of 

compressive stress at those same regions in the non-stressed case is much lower, ap-

proximately 300 – 500 MPa, which could explain how the damage begins to accumulate 

slightly earlier without residual stresses. 

 

Figure 37. Cross-sectional view of pressure contours (in MPa) in the carbide phase 
at the time of damage accumulation with and without residual stresses. Positive value 

indicates a compressive stress. 

Lastly, to assess how the residual stresses affect the global mechanical behaviour of the 

RVEs, stress-strain curves were computed from displacement, and reaction forces. En-

gineering strain was calculated with the ratio of applied displacement to initial length of 
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the RVE. Engineering stress was simply obtained by the ratio of reaction force to initial 

cross-sectional area. The global stress strain curves at various strain rates with and with-

out residual stresses are shown in Figure 38 below. The dashed lines in the figure rep-

resent behaviour of the non-stressed structures. Solid lines are with residual stresses 

and the colours correspond to loading at different strain rates. 

 

Figure 38. Simulated uniaxial compression stress-strain curves at various strain 
rates in stressed and non-stressed conditions. Dashed curves are for non-stressed 

structures. 

The phenomena shown earlier, such as delayed fracture, can be noticed from the curves. 

The delayed fracture in the stressed instances is observed as slightly higher strain at 

failure, although in all cases, the strain at failure is low at less than 1 %. The primary 

fractures are seen as sharp drops in stress, followed by secondary fractures, where the 

reduction in stress seem to slow down subsequently reducing again. The tertiary frac-

tures occur after vast majority of carbide phase is in fully fractured state, and the load is 

mostly distributed in the matrix seen as a plateau in stress. It appears that the secondary 

fractures in the stressed instances are delayed as well. The higher strain rate cases 

(1000 𝑠−1 and 10000 𝑠−1) show a distinct shoulder, however the non-stressed instances 

immediately fall in the completely fractured state. 
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It is important to point out that the computed compressive stresses start at a value devi-

ating from zero in the stressed cases, even though applied strain is zero. This will slightly 

elevate the ultimate compressive stress in the stressed cases compared to non-stressed 

cases. It is also observed that the ultimate compressive strength is considerably higher 

if residual stresses are present, especially at lower strain rates, as shown in Table 10. 

Table 10. Simulated uniaxial compressive strengths in stressed and non-stressed 
conditions. 

Strain rate 

[𝒔−𝟏] 

UCS [MPa] 

(stressed) 

UCS [MPa] (non-

stressed) 

Increase 

[%] 

10 2899 2629 10.2 

100 3141 2927 7.30 

1000 3215 3061 5.02 

10000 3163 3160 0.120 

UCS in the case with highest strain rate was quite similar regardless of residual stresses. 

When considering all cases, the highest UCS is obtained with strain rate of 1000 𝑠−1 in 

the stressed state, exceeding the strength of the most abruptly loaded case. A notable 

increase in strength can be seen between the stressed and non-stressed cases, more 

obvious at lower strain rates. 
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8. ANALYSIS AND DISCUSSION 

In this chapter the results are discussed as a whole, however before interpreting the 

results, it is crucial to assess the assumptions and limitations the models had. In section 

8.1, the limitations in the RVE are firstly discussed followed by issues, assumptions and 

simplifications used in the cooling simulation. Lastly, limitations and assumptions used 

in the compression simulations are discussed. 

This is followed by analysis of the experimental, analytical and simulated residual stress 

results, and lastly the effect of residual stresses on the dynamic mechanical behaviour 

is discussed. 

8.1 Validity of models used in simulations 

The synthetic geometry, which was generated from real micrographs, had some limita-

tions and inaccuracies. It was observed that the generated RVE had singular carbide 

elements mixed in the metal phase producing spottiness within the RVE. Of course, this 

did not directly reflect the real microstructure, where the carbides and metal matrix were 

separated in respective phases without additional small, segregated carbides. Additional 

limitation in the RVE was small sampling size. The RVE was roughly 40 𝜇𝑚 in size, which 

captures only a small number of carbides and metal in the RVE. The average diameter 

of carbide was calculated to be 6.67 𝜇𝑚 in size, thus it is plausible that the sampled 

region does not reflect accurately global behaviour of the MMC.  

Another limitation of the RVE was coarse mesh size for the metal phase. Due to high 

carbide fraction of 0.9, the metal matrix was constrained in very thin regions in the RVE, 

which represents the true microstructure well, however in terms of numerical simulations, 

regions where only singular elements represent a section in the geometry, can produce 

inaccurate results.  

Lastly, the RVE had structured mesh, which does not follow interfaces adequately if 

coarse mesh is used, however the use of structured mesh could be a necessity in this 

type of simulations to achieve convergence. All in all, the RVE reflected the true volume 

fraction of carbide extremely well, with 0.9 in RVE and 0.894 from micrographs. Further-

more, the structured nature of the mesh allowed to simulate the formation of stresses 

and subsequently to simulate the compressive behaviour of the MMC. 
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Next, the issues faced in the cooling simulations and possible reasons are discussed. 

Originally, an additional composition was considered, which contained a smaller fraction 

of carbide (approximately 0.8), and a smaller carbide diameter compared to the other 

composition. It was found out that for unknown reasons, the cooling simulation produced 

significant element hourglassing and poor convergence in the case with lower carbide 

volume fraction. Interestingly, the only major difference between the RVEs was the 

amount of metal and carbide. The case with higher carbide content converged well, and 

the stress distributions seemed appropriate. On the other hand, the case with lower car-

bide content, converged extremely poorly taking roughly 45 days to complete, after which 

it was found that majority of the elements in the metal phase contained zero stresses, 

thus indicating zero energy deformation (hourglassing).  

Now, the question one might ask is why not use fully integrated elements, which do not 

hourglass. The reason was that to conduct the compression simulations, reduced inte-

grated elements were needed, since the explicit solver performed poorly with fully inte-

grated elements. Additionally, to transfer the stress state to the compression simulation 

with a predefined field, 1 to 1 mapping of stress was needed, essentially requiring the 

use of reduced integrated elements in cooling and compression simulations. 

The material model used in the cooling simulation should reflect physical phenomena 

well, as it is based on a crystal plasticity model. Additionally, almost all temperature de-

pendent parameters were from experimental data, which in turn, should reflect how the 

materials behave. One limitation that the material model had was that the materials (car-

bide and metal) essentially behaved as continuous mass, even though they were mod-

elled as individual grains. This means that although the metal was liquid initially, the 

solidifying matrix cannot translate or push the carbides between each other and thus, 

the stresses generated in the microstructure could be much higher. In reality, while the 

metal matrix is still molten and the carbides are already present, it could be that the 

solidification induced stresses are partially relaxed by small movement of the carbides 

to other locations, however studying this phenomenon would be another work itself.   

Another limitation that the model had was the grain size in the matrix phase. It was as-

sumed to be small at approximately 5 𝜇𝑚, since the time it takes for the metal to solidify 

is extremely small, giving nearly no time for grain growth. Electron back-scatter diffraction 

was trialled to resolve the grain size and orientation from the matrix to no avail. It was 

observed as single crystal in a large area and thus it was assumed as an impossible 

result.  
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The most notable assumption in the compression simulations was the material model 

parameters, especially in the JHC model. The lack of available experimental data on the 

mechanical behaviour of the carbide in question made it difficult to adjust the parameters 

correctly, however they were approximated from similar materials, and the global re-

sponse of the whole composite were in line with previous compression tests. To make 

the model better, extensive experimental procedures would be needed to truly capture 

the rate sensitivity and strength parameters of the carbide, thus the results of the fracture 

process should be taken as indicative and not absolute. 

The parameters used for the JC model had available experimental data for the strength 

terms, and only the damage model had assumptions, most notably the strain rate and 

thermal contributions. Again, experimental procedures would be required to tune the 

damage parameters in the metal phase. Additionally, an assumption was made that the 

overall thermal contributions were not considered, although they could be significant in 

the failure of the metal due to the abrupt strain concentration (see Figure 34). Moreover, 

the bonding between the metal matrix and carbides were assumed to be ideal. This of 

course is a limitation, however in work done by Wu et al. [72], where the strength of the 

bond was considered, it was found out that the tensile strength of the bond might be 

markedly higher than the tensile strength of the reinforcement. This means that the frac-

tures would favour intergranular, rather than intragranular fracture. Of course, this again 

is dependent on loading mode how the stresses concentrate in the microstructure. 

Another minor limitation that the compression simulation had was the use of mass scal-

ing. The use of mass scaling was not needed in the highest strain rate simulation, how-

ever in the cases of 100 𝑠−1 and 1000 𝑠−1 it was set to semi-automatic to target an 

increment of time around 0.1 𝑛𝑠. This would effectively multiply the mass to 80 times the 

original value. In the case where strain rate was 10 𝑠−1, the target time was set to 10 𝑛𝑠, 

which would multiply the mass at worst to 6000 times the original value. Mass scaling 

causes problems if the additional energy produced by it is comparable to internal energy, 

which is energy used to cause deformation etc. in the simulation. In all cases where mass 

scaling was used, the work done by it was approximately 1 % of the internal energy of 

the system, so the effect of mass scaling was miniscule and should not alter the results 

drastically. Indeed, numerous simulations were done to tune the mass scaling to ac-

ceptable levels. If mass scaling dominated, it was observed as significantly delayed frac-

ture and non-linear behaviour at elastic regime of the MMC. 

In this thesis, the complete dynamic mechanical behaviour of the composite was not 

studied, but rather only uniaxial compression. Also with any simulations, it would be of 

interest to conduct experimental work on the compression behaviour of the MMC in 
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stressed and stress relieved state to see if the results have possible differences or simi-

larities and what would be the reason for those differences. Additionally, it would be of 

interest to study impact, tensile, shear and torsional properties at various strain rates to 

fully capture the effect of residual stresses on the MMC, because the residual stresses 

might not be beneficial at all in some loading cases. 

Considering all these limitations, the results from the compression simulations should 

mostly be taken as qualitative approximations on how the residual stresses affect the 

mechanical behaviour. The use of estimated parameters in the JHC model and the use 

of global damage model does not provide quantitative details on the fracture character-

istics. However, it cannot be refuted that the uniaxial compression simulations have pro-

vided meaningful indications on how the residual stress state affects the mechanical be-

haviour at microscopic level. Despite different loading rates, the residual stress state has 

been the only major variable in the simulations providing comparable results on how the 

stress state affects the mechanical behaviour of this composite, even if further experi-

mental calibration is required for quantitative validation. 

8.2 Analysis of experimental, analytical and simulated residual 
stresses 

To make comparison between the different results, it is necessary to understand the 

limitations and premises that the measurement methods had. Firstly, and most im-

portantly, XRD can only resolve surface stresses if layer removal is not used. Using linear 

mass attenuation coefficients provided by [73], approximately 68 % of X-rays are atten-

uated after 6 𝜇𝑚 of penetration in the MMC. This makes the plane stress approximation 

perfectly valid in this study. However, when considering the fabrication process, the sur-

face layers of the MMC cool faster compared to interior of the MMC. Faster cooling time 

reduces the time of viscoplastic relaxation of the matrix and elevate the magnitude of 

surface stresses.  

Another concern is, local inhomogeneities could be present at the surface, meaning that 

the area fraction of carbide may vary between measurement areas. From cross-sectional 

observations, it was found that the microstructure was homogeneous, however mapping 

the whole surface of the sample and assessing the homogeneity would be time consum-

ing. 

Additionally, the opposing stress from the metal matrix could not be measured due to 

severe texture and was calculated from force balance relation. Considering these limita-

tions, the measurement was done in the radial direction and near the middle region of 
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the sample, using as large collimator as possible to gather data from a larger area. This 

effectively yields the stress in an arbitrary direction between two principal axes. 

The RVE used in the simulations is a representative sample of the bulk material, and the 

simulation was set to reflect on how the residual stresses form within the bulk in micro-

structural level. In this case, the experimental method to validate the simulation had dis-

tinctly different premises as discussed above. The fact that the phenomena during the 

sample fabrication could vary significantly between the surface and interior regions, 

makes the validation between XRD and simulations only just qualitative. Possibly, the 

use of radiation with higher penetration depth, like neutrons, could yield information from 

deeper sections of the sample, providing more comparable data to simulations. Indeed, 

Chen et al. [39] got comparable mean residual stress results to neutron diffraction ex-

periments from a 2D microstructure-based simulation for a WC/Co cermet. Similarly to 

XRD stress measurements, the use of an analytical formula provides only qualitative 

information on the magnitude of stress present in the phases.  

The collective results from each method are shown in Table 11. All methods agree that 

the carbide phase is in mean compression and matrix phase in mean tensile stress as 

theory predicts. The stress values between different methods vary with highest discrep-

ancy being with the experimentally measured and simulated value. 

Between different measurement areas in the sample, the stress values in the carbide 

varied a lot with values as high as 691 ± 36 MPa of compressive stress near the middle 

region of the sample surface. Towards outer edges, the compressive residual stresses 

were lower in magnitude, approximately 425 ± 33 MPa, however still higher than in the 

analytical or simulated values. This variation in residual stress between different meas-

urement areas indicate that the sample surface is prone to heterogeneity, likely due to 

local differences in microstructure or phase distributions. 

Table 11. Residual stress results from experimental, analytical and simulation meth-
ods. 

Method Mean stress (carbide) [MPa] Mean stress (metal) [MPa] 

XRD -556 ± 29 4692 ± 248 

Analytical -296 2506 

Simulation -221 2376 

The stress in the metal matrix calculated with force balance is high, especially in the XRD 

measurements. Above, it was discussed that the variation in stress was most likely due 
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to local differences in phase distributions. This could not be taken into consideration 

when calculating the force balance and thus, it was calculated from the same volume 

fraction as measured from micrographs. This assumption naturally elevates the stress in 

the matrix as the stress in the carbide fluctuates. It could be that at the region where the 

highest compressive stress in the carbide was measured, the volume fraction of carbide 

was much lower compared to the bulk average. 

With the limitations discussed above, and additionally no other experimental data on 

similar composition is available at the time of writing, no definite conclusions can be 

made which magnitude of stress in the experimental or simulated result coincides with 

the global stress state the best. Thus, the first research question can be partly answered 

that the magnitude of simulated stress state cannot be validated using diffraction-based 

measurements due to experimental limitations and different measurement premises. 

The predictions from the analytical and simulated values in the carbide phase differ by 

roughly 34%, however the premise in those methods is suited to approximate the bulk 

residual stresses. The analytical formula does not consider plasticity and is only fixed to 

static elastic and thermal constants. In the simulations, the elastic, plastic and thermal 

properties varied with temperature, producing a softer response, which is then seen as 

a lower magnitude of stress. Furthermore, the analytical formula does not consider the 

carbide regions under tensile stress, which were present in the simulations (see Figure 

27) and thus the mean compressive stress in the carbide phase was higher in compari-

son. The results from the analytical and simulated values in the matrix phase yields an 

approximate 5.2 % absolute difference. This prediction coincides remarkably well com-

pared to the results with the carbide phase. 

The analytical and simulated values gave broadly similar results for both phases, how-

ever this agreement cannot be considered as a definite validation as both methods are 

numerical in nature with their respective simplifications. The first research question can 

now be fulfilled that the analytical formula gave confidence that the physical principles in 

the simulation have been reasonably captured, and the internal stress state produced by 

it should reflect the actual stress state the best. 

One of the goals in the cooling simulation was to get detailed and quantitative information 

on type II residual stresses, i.e. how does the stresses distribute at grain level. Most 

importantly, it was found out that the stress state in the microstructure was nearly hydro-

static, meaning that all shear stresses were negligible with respect to the diagonal com-

ponents of stress. This result is also supported by the experimental measurements 

shown in Appendix A. The hydrostatic stress state was more pronounced for the metal 



80 

phase, as the carbide had some amount of tangential tensile stress at the metal-carbide 

interfaces. 

Additionally, due to the high contiguity measured from the micrographs, the carbide-car-

bide junctions possessed significant amount of compressive stress, which magnitude 

reduced towards the middle region of the carbides. These stresses were later found to 

be beneficial for the compression behaviour of the MMC. Similarly, Chen et al. [22] deal-

ing fabrication induced stresses in a WC/Co cermet, found out that the carbide-carbide 

junctions produce nearly perpendicular compressive stresses at the interface. Further-

more, other studies e.g. [14], [22], [30], [70] have similar results where the carbide has 

tensile stresses near the metal-carbide interface. These similar findings indicate that the 

simulation results approximate the quality of residual stress distributions well and thus, 

it can be deducted that the simulations gave detailed results on how microstructural fea-

tures affect the variation of stress in the RVE.  

The evolution of stresses (see Figure 26) during initial solidification and subsequent cool-

ing showed that the highest contribution to total stress was due to volumetric shrinkage, 

while the CTE mismatch only marginally increased the stresses. The volume averaged 

stress distributions (see Figure 27) showed a narrow stress distribution in the carbide 

phase that extended to tensile stress levels, which were later found near the metal-car-

bide interfaces. The distribution of average principal stresses in the metal was mostly 

Gaussian with mean value of approximately 2.3 GPa, whereas the mean value of equiv-

alent stress was low at roughly 0.16 GPa indicating a high level of hydrostatic tensile 

stress. 

The comparison shows that although experimental, analytical and simulated approaches 

might differ in their premises and limitations, they converge to the same average bulk 

behaviour, where the carbide phase carries mostly compressive stresses and metal 

phase is under tensile stress. Despite any definite quantitative agreement, this provides 

more confidence to the physical relevance of the simulated stresses. 

Most importantly, one of the key points of using experimental measurements and simu-

lations in parallel is to complement the stress state. XRD measurements revealed that 

the surface regions are prone to local heterogeneity manifesting as vastly different stress 

states depending on the measurement area. Moreover, the simulations provided detailed 

insights on what microstructural features and what kind of physical aspects affect the 

formation and distribution of residual stresses, answering the second research question 

well. These details might be impossible to reveal with experimental methods and thus 

the need of accurate simulations is required. 
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The obvious discrepancy in stress magnitudes emphasizes the need of other validation 

methods like neutron diffraction that could resolve bulk stresses better. Also, it would be 

of interest to conduct similar thermal simulations, where the geometry and simulation 

setup reflects what occurs at surface level. This in turn, would provide more comparable 

data on what XRD measures and what the simulation result yields. 

8.3 Fracture characteristics and effect of residual stresses on 
the mechanical behaviour of the MMC 

The simulated compression tests provided details on how the residual stresses affect the 

compression behaviour of the MMC and showed the stress and damage localization re-

gions. It was mostly observed that microstructural details affected the propagation of 

fractures the most. Residual stresses had effect on the yielding behaviour of both phases 

and most importantly, residual stresses affected the onset of yielding. 

It was observed that the compressive residual stresses, especially at carbide-carbide 

junctions, significantly increased the yield strength of the carbide. Simultaneously the 

tensile residual stresses near the metal-carbide interfaces and in the metal phase itself, 

did not affect the fracture characteristics negatively, in other words they did not produce 

premature yielding, fracture or lower the strength of the carbide. 

One explanation for this difference could be the instantaneous plastic strain in the matrix 

phase seen from Figure 34. Once the initial stress state was read in the solver, the matrix 

yielded as is parametrized in the JC model. This small plastic strain was most likely 

enough to partly relax the tensile stresses in the metal and consequently in the stiff car-

bide, thus no observable difference was seen in the fracture behaviour of stressed and 

non-stressed states. 

Residual stresses did not affect the mode of fracture but primarily influenced the timing 

of fracture initiation. Across all instances, the initial damage accumulated mostly at the 

metal-carbide interfaces, however the fracture was not seen to propagate strictly at the 

45-degree angle, which indicates a more complex load transfer and fracture phenome-

non. 

Regardless of residual stresses, the fractures appeared to follow certain paths across 

the microstructure, which had an angle of 50-60 degrees to loading direction. This angle 

did not vary with different loading rates. The initial fracture point was consistent for all 

cases (circled in Figure 35), indicating that the point was a structural weakness in the 

RVE. It had a thin section of carbide on top and from beneath, it was supported by metal 
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matrix. This geometrical configuration was ideal for stress concentration and served as 

a structural weakness. 

Across all instances, the stress concentrations were consistently near the interfacial re-

gions where the metal MFP was low, and at geometrical features such as sharp corners. 

It was also noticed that regions with clustered carbides caused additional concentrations, 

and distinct 45-degree shear stress bands were seen in the carbide phase. 

As the fracture initialized, the crack would connect to the next stress concentration, which 

would in all cases be near sharp corners or at regions with thin slice of metal matrix. Due 

to the concentrated shear stress in the 45-degree plane, the crack would preferably fol-

low the same plane, however it was seen that the web-like structure of the metal matrix 

affected the crack propagation in the carbide. The crack appeared to follow the edge of 

the metal-carbide interface. If the local region in the interface ended, the crack would 

connect to the next region by shearing in the diagonal direction. This fracture propagation 

produced an observable M-like pattern through the diagonal of the RVE, which is seen, 

for example in Figure 32d. 

Again, in all instances, the global effect of residual stresses was seen as elevated uni-

axial compressive strength due to enhanced yielding and delayed damage behaviour. 

However as seen from Table 10, the effect was more pronounced with lower strain rates 

and only marginal increase in UCS was seen at high strain rate. Possible reasons for 

this could be that the increase in yield strength due to residual pressure was only mar-

ginal in comparison to strain rate. 

The results indicate that the residual stresses play a stronger role in determining when 

yielding occurs rather than in controlling the fracture paths. Compressive stresses at the 

carbide-carbide junctions were beneficial in delaying the fracture initiation, while the ten-

sile stresses present in the matrix and metal-carbide interfaces did not cause premature 

damage. The tensile stresses were relaxed in the initial stages of the simulation. This 

suggest that residual stresses mainly affect the onset of yielding rather than the final 

fracture behaviour.  

The insensitivity of fracture angle due to residual stresses and loading rates indicates 

that microstructural features dominate the crack propagation. A consistent observation 

was made that sharp corners and thin material sections produced stress concentrations 

regardless of initial stress state, which then governed fracture propagation. In addition, 

the high level of contiguity made the load distribute primarily in the carbides resulting in 

an abrupt load transfer in the matrix after initial fractures. 



83 

As pointed out in the limitations of the simulated compression tests, the lack of local 

interface model limited the quantitative observations in fracture characteristics. Real 

MMC systems may have more pronounced differences in fracture modes under com-

pressive and tensile residual stresses. 

Taken the results together, an indication can be made that the microscopic stress state 

affects the yielding behaviour positively, delaying damage initiation and elevating UCS. 

Within the present modelling framework, the third research question can be answered 

that no distinct observation was made on how the residual stresses affected predominant 

fracture mechanisms for a given stress state. However, it was seen that the fracture 

occurs primarily by shearing in 50–60-degree angle, following geometrical features 

where stresses concentrated. The reason for the effects can be explained by increased 

strength due to residual compressive pressure and early tensile stress relaxation due to 

plastic strain in the matrix.  

The delayed fracture under pre-stress conditions have been observed for example in 

computational study done by Holmquist and Johnson [74] dealing with an impact simu-

lation for a ceramic material. They found that the pre-stress condition increased the dwell 

time, which is the time it takes for fractures to occur quite markedly. Although impact is 

a different phenomenon compared to simple compression, the initial mechanical load is 

a compressive wave propagating through the material. 

Now, the final research question can be answered that given these simulation premises 

and supported by another study, high compressive residual stress can be seen as ben-

eficial to the uniaxial compressive behaviour of the MMC material, although more exten-

sive simulations and practical measurements would provide better quantitative infor-

mation to assess behaviour under different loading modes. 
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9. CONCLUSION AND FUTURE PROSPECTS 

In this study, the formation of residual stresses in an MMC material was simulated with 

finite element method using a crystal plasticity material model for a 3D representative 

volume element in microscopic scale. This allowed to assess the complete stress state 

in high detail with physical basis to find geometrical factors, which affected the distribu-

tions and magnitudes of type II residual stresses. The simulated stresses were attempted 

to be validated using X-ray diffraction and an analytical formula. Following the residual 

stress simulation, the stress state was brought as an initial condition to simulate dynamic 

uniaxial compressive behaviour of the MMC, and it was compared to non-stressed con-

ditions. The main conclusions of this study are listed below. 

 The mean residual stresses from the carbide phase measured with XRD and 

calculated from simulations differed in magnitude. The values from XRD were 

approximately 152 % higher compared to simulations. The probing depth of X-

rays was not sufficient to yield stress information from the bulk, and the meas-

urement was restricted to surface layers, which were susceptible to macroscale 

inhomogeneities and faster cooling times. In comparison, the results from analyt-

ical formula coincided better with the simulated results. They coincided within 34 

% in the carbide phase and 5 % in the metal phase making the numerical predic-

tions more credible. 

 The stress simulations showed a high magnitude hydrostatic stress state within 

the microstructure, where the carbides were in mean compression and metal ma-

trix in mean tensile stress. It was found out that high contiguity between the car-

bides provided highest levels of compressive stress, whereas a high amount of 

localized tensile stress was found at metal-carbide interfaces. 

 It was seen that the fracture characteristics of the MMC was not influenced by 

residual stresses, but the fracture paths were mostly driven by microstructural 

factors, like sharp corners acting as stress raisers. In all cases, the damage ac-

cumulated at metal-carbide interfaces initially. The uniaxial compression behav-

iour of the MMC was enhanced by the residual compressive pressure in the car-

bide phase, most notably between the carbides. This was seen as slightly de-

layed fracture initiation and higher compressive strength in all simulated cases. 

The increase of time in fracture initiation was higher for lower strain rates and 

lowered towards higher strain rates. 



85 

From the experimental part, it was found that XRD was not the most sufficient experi-

mental method to compare the simulated bulk residual stresses, thus radiation with 

higher penetration capability should be used. In addition, the true grain size or stress in 

the metal matrix could not be resolved, which leaves a separate study behind. 

Also, it would be of interest to study the elastic equivalent case for the same geometry. 

Basically, this means, what kind of change in temperature is needed in a purely elastic 

case to produce similar stress levels as in the complex instance. Finding this value would 

be beneficial to compute different compositions much faster and would leave room for 

iterative studies. 

This study acted as a preliminary work to understand the complex fabrication phenom-

ena and mechanical behaviour of an MMC material. However, it was evident that some 

assumptions had to be made. The material models used in this thesis, particularly dam-

age models, should be calibrated with experimental data, and additionally, thermal con-

tributions in mechanical simulations should be considered. 

Furthermore, broader loading conditions should be explored in simulations, as only the 

compressive behaviour was studied. This should then be accompanied by experimental 

tests to validate the effect of the residual stresses. It would also be of interest to incor-

porate an interface strength model, perhaps in 2D first, to see does residual stresses 

affect the mechanical behaviour differently. Lastly, this thesis considered only a single 

composition leaving room for a broader study where different MMC compositions are 

used. 
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APPENDIX A: STRESS MEASUREMENTS WITH 
STRESSTECH XSTRESS DR45 

Texture in the metal matrix can be seen as oscillating behaviour between measured 

points. The texture present at the surface made stress measurement impossible using 

XRD. 

 

 

 
Figure 39. Stress measurement from the matrix phase. The negative index relates 

to negative tilt angles, positive vice versa. 

The ratio of max. and min. intensity from Figure 39 can be seen as extremely high, mean-

ing that the intensity has varied greatly with different tilt angles indicating large grain size 

and or texture present in the material. 

The stresses from same areas shown in Figure 15 were measured with a diffractometer 

designed for stress measurements. The scanned diffraction peak and the source radia-

tion was the same as described in section 6.2.2. The measurements were done to vari-

ous directions to see possible orientation in stress, and all the results are shown in Figure 

40. 
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Figure 40. XStress DR45 diffractometer stress measurement results from the carbide 
phase. 

Despite varying measurement direction (angle 𝜙), the value of stress is similar indicating 

that the stresses do not have a preferred direction. The shear stresses are also negligible 

compared to normal stresses indicating a mostly hydrostatic stress state. 
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APPENDIX B: CRYSTAL PLASTICITY MODEL 
PARAMETERS 

Table 12. Crystal plasticity model parameters for matrix phase. 

𝐶11 [GPa] 252 ∙ (−4.36 ∙ 10−4 ∙ 𝑇 + 1.13) 

𝐶12 [GPa] 152 ∙ (−4.36 ∙ 10−4 ∙ 𝑇 + 1.13) 

𝐶44 [GPa] 123 ∙ (−4.36 ∙ 10−4 ∙ 𝑇 + 1.13) 

𝛼  (−5.07 ∙ 10−7 ∙ 𝑇2 + 5.83 ∙ 10−3 ∙ 𝑇 + 11.65) ∙ 10−6 

𝑏𝑠 [nm] 0.248 

𝜏0 [MPa] 33.136 ∙ 𝑒−0.0032∙𝑇 

𝐾𝑓𝑜𝑟  13 

𝐾𝑐𝑜𝑝  25 

𝑎𝑠𝑗  0.124, 0.124, 0.07, 0.625, 0.137, 0.122 

𝑦 [nm] 1.4312 ∙ 10−10 ∙ 𝑇2 + 8.0228 ∙ 10−9 ∙ 𝑇 + 7.8084 ∙ 10−6 

𝐾  5 

𝑛  35 

𝜖𝑆  −0.0177 
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Table 13. Crystal plasticity model Parameters for carbide phase. 

𝐶11 [GPa] 488.6 ∙ (−6.36 ∙ 10−9 ∙ 𝑇2 − 3.79 ∙ 10−5 ∙ 𝑇 + 1.01) 

𝐶12 [GPa] 117.9 ∙ (−6.36 ∙ 10−9 ∙ 𝑇2 − 3.79 ∙ 10−5 ∙ 𝑇 + 1.01) 

𝐶44 [GPa] 169.6 ∙ (−6.36 ∙ 10−9 ∙ 𝑇2 − 3.79 ∙ 10−5 ∙ 𝑇 + 1.01) 

𝛼  (−7.24 ∙ 10−8 ∙ 𝑇2 + 2.35 ∙ 10−3 ∙ 𝑇 + 6.41) ∙ 10−6 

𝜏0 [MPa] 1100 

𝐾  275 

𝑛  20 

𝐵  10 

𝑄  80 
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APPENDIX C: OMEGA-TILT SCANS FOR AREAS 
1 AND 2 

 
Figure 41. Omega-tilt scan data from measurement area 1. 

 
 
 
 
 

 
Figure 42. Omega-tilt scan data from measurement area 2. 


	1. Introduction
	2. Metal matrix composites – an overview
	2.1 Classification and properties
	2.2 Fabrication methods

	3. Residual stresses in metal matrix composites
	3.1 Classification
	3.2 Formation
	3.3 Effects
	3.4 Measurement techniques
	3.4.1 Hole-drilling method
	3.4.2 X-ray diffraction


	4. Microscale modelling and simulation of residual stresses in MMC materials
	4.1 Short overview to finite element method
	4.2 Microscale models for simulating residual stresses
	4.2.1 Representative volume element
	4.2.2 Elastic models
	4.2.3 Elasto-plastic and elasto-viscoplastic models
	4.2.4 Crystal plasticity models


	5. Ductile and Brittle material behaviour in dynamic loading conditions
	5.1 Effect of strain rate
	5.2 Failure characteristics of MMC materials

	6. Materials and methods
	6.1 Particle reinforced metal matrix composite
	6.2 Characterization techniques
	6.2.1 Microscopy
	6.2.2 Residual stress

	6.3 Simulating the cooling phase in the fabrication process
	6.3.1 Synthetic 3D RVE geometry
	6.3.2 Single crystal plasticity model
	6.3.3 Simulation setup

	6.4 Simulating microscale dynamic compression behaviour
	6.4.1 Constitutive models
	6.4.2 Simulation setup


	7. Results
	7.1 Microscopy
	7.2 Experimental and analytical residual stress
	7.3 Simulated residual stress
	7.4 Simulated microscale dynamic mechanical behaviour

	8. Analysis and Discussion
	8.1 Validity of models used in simulations
	8.2 Analysis of experimental, analytical and simulated residual stresses
	8.3 Fracture characteristics and effect of residual stresses on the mechanical behaviour of the MMC

	9. Conclusion and future prospects
	REFERENCES

