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ABSTRACT 

Press hardening, or hot stamping, is a manufacturing method used to produce the 

safety components of car bodies. In the direct press-hardening process, steel blanks 

are first austenitized in a furnace, followed by hot forming and rapid cooling in a die.  

Quenching in a cooled die results in the formation of a martensitic microstructure 

and high strength. The steel properties are finalized in a paint baking process, which 

is carried out as part of the serial production of car body components.  

The increased use of press-hardening boron steels, such as 22MnB5 grade with a 

tensile strength of around 1500 MPa, has been a kind of first-aid kit for the car 

manufacturing industry when aiming for weight reduction and thereby improved fuel 

economy and decreased CO2 emissions without compromising safety performance. 

Hot-dip galvanized steels are attractive materials, providing the desired combination 

of ultra-high strength and galvanic corrosion resistance. However, the press-

hardening process creates significant challenges for zinc-coated steels. Firstly, hot 

forming at 850-700 °C exposes steel to liquid metal embrittlement, which is known 

to cause the formation of macroscopic cracks. Secondly, frictional forces and the 

surface stresses generated in the outer sidewalls of the components have been 

connected to the formation of so-called micro-cracks, which has crucially limited the 

application of hot-dip galvanized steels. Moreover, there has been a constant 

demand for a steel providing higher strength, even up to 2000 MPa, which sets a 

group of new requirements for the design of steel chemistry and process control. 

In this work, the behaviour of uncoated and hot-dip galvanized (Zn- and ZnFe-

coated) press-hardening steels were investigated using laboratory-built press-

hardening equipment. The primary objective was to increase understanding on the 

behaviour of hot-dip galvanized press-hardening steels regarding the reactions 

occurring on the coating/steel interface, including high-temperature phase 

development and undesired cracking phenomena. These effects play a crucial role in 

the performance of hot-dip galvanized press-hardening steels. Industrially 

manufactured steel grades 22MnB5 and 34MnB5, together with a 22MnMoB8 steel 

designed during this thesis work, were studied as coated versions. A second objective 

was to understand the key metallurgical factors that control the final mechanical 
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properties of press-hardening steels within the framework of industrial processing. 

Studies addressing the microstructure-property relationships of steels were carried 

out for both commercial 22MnB5, 30MnB5 and 34MnB5 steels and laboratory 

manufactured 34MnB5-based steels. New 34MnB5-based steels with Ti and/or V 

micro-alloying were designed to support the development of 2nd generation press-

hardening steels, reaching a tensile strength of up to 2000 MPa.  

The results indicated that the mechanical properties of essentially martensitic 

press-hardening steels are, in addition to carbon content, strongly controlled by the 

auto-tempering of martensite that occurs during die-quenching, and the prior 

austenite grain size that determines the refinement potential of martensitic 

microstructures. It was discovered that, together with steel chemistry, the 

appropriate control of the initial microstructure can be used to refine the prior 

austenite grain size, and thus increase the robustness of the material. The mechanical 

tests and fracture surface analysis implied that the paint baking treatment (170 °C/20 

min) can be utilized to improve the ductility and toughness of 34MnB5 type steels, 

in which the baking effects introduce more plasticity and even up the microstructural 

heterogeneities formed during quenching. On the other hand, the tensile strength 

level decreased towards 1900 MPa due to the tempering effects of the martensitic 

matrix. Micro-alloying with V, when alloyed together with Cr or Mo, is a potential 

way to refine the prior austenite grain size and improve the mechanical behaviour 

through the formation of nano-sized VC precipitates.  

The studies of hot-dip galvanized steels showed that the steel chemistry plays a 

key role in the reactions occurring on the coating/steel interface. It was 

demonstrated that Zn- and ZnFe-coated 34MnB5 steels are susceptible to the 

formation of martensitic micro-constituents α’-Fe(Zn), which will most likely further 

limit the industrial application of this group of steels. In general, successful 

manufacturing of hot-dip galvanized press-hardening steels requires modifications 

of the process and steel chemistry. It was shown that successful processing of 

designed 22MnMoB8 steel can be facilitated with the improved hardenability of the 

steel, as the simultaneous avoidance of liquid metal embrittlement and detrimental 

micro-cracking requires applying exceptionally low hot forming temperatures in the 

range of 550-500 °C. In these conditions, the liquid phases are solidified, whereas 

the minimizing of micro-cracks is based on avoiding the formation of high-

temperature ferrite below the coating/steel interface together with the de-activation 

of metal-induced embrittlement featured by the presence of Zn or Zn-rich phases.  
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TIIVISTELMÄ 

Muottikarkaisu on autoteollisuuden käyttämä valmistusmentelmä, jota hyödynnetään 

henkilöautokorin suojauskomponenttien valmistuksessa. Suorassa 

muottikarkaisuprosessissa teräsaihio austenoidaan uunissa ja kuumamuovataan sekä 

karkaistaan muovaustyökalun avulla korkean pintapaineen alaisena. Karkaisulla 

saavutetaan teräkselle martensiittinen ja erittäin luja mikrorakenne. Komponenttien 

maalaus, ja sitä seuraava maalin kuivaus noin 170 °C:n lämpötilassa viimeistelevät 

teräksen ominaisuudet. Muottikarkaistujen booriterästen, kuten 22MnB5 

(murtolujuus 1500 MPa),  hyödyntäminen on mahdollistanut autokorin 

keventämisen turvallisuusominaisuuksista tinkimättä, ja sen myötä 

polttoainekulutuksen ja CO2- päästöjen vähentämisen.  

Sinkkipinnoitetut teräkset ovat ominaisuuksiltaan erityisen houkuttelevia, sillä 

niiden avulla saavutetaan sekä korkea lujuus että erinomainen korroosionkesto. 

Prosessi asettaa kuitenkin merkittäviä haasteita näiden materiaalien käytölle: 

kuumamuovaus 850-700 °C:ssa altistaa sulametallihaurausilmiölle, joka johtaa 

komponenttien makroskooppiseen säröilyyn. Lisäksi teollista hyödyntämistä 

rajoittavat kuumamuovauksessa muodostuvat korkeat kitkavoimat ja pintaan 

muodostuvat leikkausjännitykset, jotka aiheuttavat pinnoiteesta teräkseen etenevää 

mikosäröilyä etenkin komponenttien ulkoseinämissä. Kysyntää on myös yhä 

lujemmille uusille teräslaaduille, aina noin 2000 MPa:n murtolujuuteen asti. Tämä 

kunnianhimoinen tavoite asettaa uusia haasteita sekä teräksen koostumuksen 

suunnittelun että koko valmistusprosessin kontrolloinnin näkökulmasta.  

Tässä työssä tutkittiin sekä pinnoittamattomia että Zn- ja ZnFe-pinnoitettuja 

teräksiä hyödyntäen laboratorioon rakennettua, teollista prosessia simuloivaa 

muottikarkaisulaitteistoa. Työn ensisijaisena tavoitteena oli lisätä ymmärrystä 

sinkkipinnoitettujen terästen käyttäytymisestä suorassa muottikarkaisuprosessissa. 

Pinnoitettujen 22MnB5 ja 34MnB5 laatujen, sekä tässä työssä kehitetyn 22MnMoB8 

teräksen, tutkimus painottui  pinnoite/teräs -rajapinnan reaktioihin, sisältäen 

hehkutusprosessin aikana tapahtuvat korkean lämpötilan faasimuutokset sekä 

kuumamuovauksesa esiintyvät säröilyilmiöt. Näiden tekijöiden ymmärrys ja ratkaisut 

säröilyn eliminoimiseksi ovat merkittävässä roolissa teollisen valmistettavuuden 

kannalta. Työn toisena tavoitteena oli ymmärtää teräksen mekaanisten 
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ominaisuuksien kannalta keskeiset mekanismit. Mikrorakenteen ja ominaisuuksien 

yhteyksien selvittämiseksi tutkittin sekä kaupallisia teräslaatuja (22MnB5, 30MnB5, 

ja 34MnB5) että tässä työssä suunniteltuja 34MnB5-teräkseen pohjautuvia Ti- ja/tai 

V-mikroseostettuja teräksiä. Näiden terästen tutkimus tukee toisen sukupolven 

muottikarkaistavien terästen kehitystä, joilla tavoitellaan 2000 MPa:n murtolujuutta.  

Tutkimuksissa havaittiin, että teräksen itseispääseminen on muottikarkaisulle 

ominaista. Hiilipitoisuuden ohella itseispääseminen kontrolloi martensiittisen 

teräksen mekaanista käyttäytymistä yhdessä perinnäisen austeniitin raekoon kanssa, 

jolla voidaan vaikuttaa martensiittisen mikrorakenteen hienontamiseen. Teräksen 

lähtörakenteella ja sen tarkoituksenomaisella kontrolloinnilla voidaan vastaavasti 

vaikuttaa austeniitin raekokoon yhdessä teräksen koostumuksen kanssa ja vähentää 

sen myötä prosessiparametriherkkyyttä teollisissa prosesseissa. Mekaaninen testaus 

ja murtopinta-analyysit osoittivat, että autokorin komponenteille suoritettavaa 

maalin kuivatusprosessia (170 °C/20 min), voidaan oleellisesti hyödyntää 

eräänlaisena matalan lämpötilan päästönä ja sitä kautta lisätä etenkin 34MnB5-

tyyppisten terästen sitkeyttä ja plastisuutta. Lisäksi havattiin, että 34MnB5-terästen 

sitkeys on korkeamman hiilipitoisuuden ja lujuuden myötä herkempi paikallisille 

jäähtymisnopeusvaihteluille. Maalin kuivatusprosessilla voidaan vähentää näiden 

sitkeyden kannalta haitallisten tekijöiden vaikutusta ja parantaa sitä kautta mekaanista 

käyttäytymistä yleisellä tasolla - tosin sen kustannuksella, että murtolujuus laskee noin 

1900 MPa:n tasolle. Vanadiinilla ja/tai titaanilla mikroseostettujen 34MnB5-

pohjaisten terästen tutkimus osoitti, että etenkin vanadiinia voidaan hyödyntää 

yhdessä kromi- tai molybdeeniseostuksen kanssa, kun tavoitellaan perinnäisen 

austeniitin raekoon hienontamista ja mekaanisen käyttäytymisen optimoimista.  

Zn- ja ZnFe-pinnoitettujen terästen tutkimustulokset osoittivat, että itse teräksen 

koostumuksella on merkittävä rooli pinnoite/teräs -rajapinnalla tapahtuvissa 

ilmiöissä ja muovauksessa esiintyvän säröilyn kontrolloinnissa. Sinkkipinnoitetut 

34MnB5-teräkset ovat korkeamman hiilipitoisuutensa myötä alttiita martensiittisen 

α’-Fe(Zn)-faasin muodostumiselle etenkin pinnoite/teräs -rajapintaan, jonka voidaan 

arvioida rajoittavan tämän tyyppisten terästen teollista hyödyntämistä. Yleisellä 

tasolla, sulametallihauraus ja haitallinen mikrosäröily voidaan ratkaista teräksen 

karkenevuuden parantamisella, eli käyttämällä 22MnMoB8 terästä 22MnB5 sijaan, ja 

yhtäaikaisella kuumamuovausprosessin modifioinnilla siten, että teräs muovataan 

poikkeuksellisen matalassa 550-500 °C:n lämpötilassa. Näissä olosuhteissa 

pinnoitteeseen muodostuneet sulafaasit ovat jo kiinteässä tilassa, ja mikrosäröilyä 

edesauttava, korkeassa lämpötilassa rajapintaan muodostuva ferriitti sekä sinkin tai 

sinkkipitoisten faasien aiheuttamat metallihaurausilmiöt saadaan minimoitua. 
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SYMBOLS AND ABBREVIATIONS 

α’ martensite 

α ferrite 

α-Fe(Zn) ferritic phase containing zinc 

α’-Fe(Zn) martensitic phase containing zinc 

αFmax bending angle at maximum force in 3-point bending test 

β constant (see Equation 1) 

γ austenite 

γG,B austenite grain boundary 

γ-Fe(Zn) austenitic phase containing zinc 

Γ intermetallic Zn-Fe phase, Fe3Zn10 

Γ-Zn-Fe intermetallic Zn-Fe phase, Fe3Zn10 

Γ-Fe3Zn10 intermetallic Zn-Fe phase, Fe3Zn10 

Γ1 intermetallic Zn-Fe phase, Fe5Zn21 

δ intermetallic Zn-Fe phase, FeZn10 

δ-Zn-Fe intermetallic Zn-Fe phase, FeZn10 

ε  transition carbide, Fe2.4C 

ζ intermetallic Zn-Fe phase, FeZn13 

η  transition carbide, non-stoichiometric 

σ stress 

∆σ increase in yield strength due to the bake-hardening effect 

2θ diffraction angle 

A1 lower austenitization temperature 

A3 full austenitization temperature 

A50 total elongation with a gauge length of 50 mm 

A80 total elongation with a gauge length of 80 mm 

Ac1 lower austenitization temperature during heating 

Ac3 full austenitization temperature during heating 

Ag uniform elongation 

F ferrite 

Fmax maximum force in 3-point bending test 
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HV Vickers hardness 

LM mean linear intercept length 

M martensite 

Mf finish temperature of martensitic phase transformation 

Ms start temperature of martensitic phase transformation 

P pearlite 
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HAGB High-Angle Grain Boundary 

HE Hydrogen Embrittlement 

HDG Hot-Dip Galvanizing or Hot-Dip-Galvanized 

HPF Hot Press Forming 

HR-TEM High-Resolution Transmission Electron Microscope 

IHPF Immediate Hot Press Forming 

IPF Inverse Pole Figure 

IR Infra-Red 

K-S Kurdjumov-Sachs 

LMAC Liquid Metal Assisted Cracking 

LME Liquid Metal Embrittlement 

LMIE Liquid Metal Induced Embrittlement 

LTT Low-Temperature Tempering 

MART (steel) Martensitic steel 

MIE Metal-Induced Embrittlement 

N-W Nishibata-Wasserman 

OEM Original Equipment Manufacturer 

OM Optical Microscopy 
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1 INTRODUCTION 

1.1 Background 

Car body designs combine a variety of different high-strength materials. The 

industrial competition between lightweight alloys and advanced high-strength steels 

(AHSS) has been a significant driving force for steel development [1]. The 

automotive industry has been the main motivator for the continuous development 

of AHSS. Generally speaking, the thickness of the car body components can be 

halved without sacrificing crashworthiness when using AHSS instead of 

conventional mild steel in the safety components, structural parts and chassis of 

passenger cars [2]. In addition to high strength, AHSS have an excellent strength-

weight ratio, which is comparable with the more expensive lightweight alloys [1; 2]. 

Moreover, AHSS provide unique processability, such as weldability and paintability. 

The virtual strength of many AHSS can also be improved during the paint baking 

stage and when subjected to high strain rate deformation corresponding to crash 

events. To sum up, the energy absorption capacity and processing flexibility of AHSS 

cannot be easily outperformed by other structural materials, which can only be 

expected to result in the increased use of AHSS also in the future. [2] 

The introduction of the 1st generation of AHSS began in the late 1990s with the 

development of novel multi-phase steel grades providing an excellent combination 

of formability and strength. Dual phase (DP), complex phase (CP) and 

transformation-induced plasticity (TRIP) steels (Figure 1) have essentially improved 

the safety performance of passenger cars [3]. Even though AHSS primarily stand for 

multi-phase steels, the 1st generation of AHSS can be understood to include single-

phase cold formed martensitic steels (MART) and hot press formable steels, i.e. 

press-hardening steels (PHS), which result in a martensitic microstructure after the 

hot press forming process [4]. Originally, martensitic steel grades were mainly used 

in simple-shaped components, e.g. as side impact beams and roof panels, to 

maximize the weight reduction and stiffness of car bodies [2].  

However, the 1st generation cold-formable DP, CP and TRIP steels suffered from 

the complex spring back phenomenon as well as unexpected cracking during cold 
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forming, i.e. cold stamping [5]. Spring back, i.e. the amount of deformation that is 

recovered after the forming load is removed, weakens the dimensional accuracy of 

the components [2]. At the same time, it was also identified that retained austenite 

(RA) can effectively increase both the formability as well as the strength of the steels 

with strain hardening mechanisms, as the austenite transforms into martensite during 

plastic deformation. This so-called TRIP effect has been utilized especially in the 

components where excellent hole expansion properties are required. Driven by this, 

the 2nd generation of AHSS was developed, comprising, for example, high Mn TRIP 

steels and fully austenitic twinning-induced plasticity (TWIP) steels. These steel 

grades are not, however, economically attractive. In addition to high alloying costs, 

there is still a lack of understanding on their weldability and delayed cracking etc., 

which has crucially hindered the major commercialization of 2nd generation AHSS. 

[5; 6] 

In recent years, development of the 3rd generation of AHSS (Figure 1), 

comprising quenching & partitioning (Q&P) steels, TRIP-aided bainitic ferrite (TBF) 

steels and medium Mn steels has led to promising results [3; 7].  It is likely that the 

3rd generation of AHSS will be increasingly used in the automotive industry, since 

lean alloy compositions can be used to obtain attractive properties with the aid of 

stabilized retained austenite. However, there is still essential uncertainty related, for 

example, to the industrial processing of Q&P steels: the steel industry has faced 

challenges with the practical applicability of industrial-scale heat treatment, 

weldability and hot-dip galvanizing (HDG) processes for this type of steel [8; 9].  

Nowadays, the development of 3D-roll forming technologies has also allowed 

the design of more complex geometries from cold formable and zinc-coated MART 

steels [10], and even enabled the manufacturing of simple components using 1800-

2000 MPa martensitic steels [11]. Despite the development of cold formable steels, 

the hot forming process has received significant attention during the last decade 

thanks to its immediate potential to serve both the automotive industry and the 

environmental goals set by the decision makers. The European Commission has 

continuously tightened the level of CO2 emissions allowed for new cars. For 

example, the 2015 limit of 130 g/km was changed to 95 g/km for 2021 [12]. 

Meanwhile, the automotive industry has had an urgent need for premium steels with 

even higher strength to be able to utilize steel sheets with an even thinner gauge 

thickness. It is also clear that original equipment manufacturers (OEMs) cannot 

afford to compromise on safety properties. Thus, improving fuel economy and 

decreasing emissions occurs principally by means of car body weight reduction [13]. 

The importance of lightweighting cannot be overlooked either in the case of electric 
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cars due to the high weight of the batteries and other electrical appliances. An urgent 

demand for lighter and higher-strength car bodies has driven the rapid expansion of  

the use of PHS, since upgrading the strength of the steel provides the potential for 

reducing the weight of components[14]. 

 

 

Figure 1.  a) Classification of the steel grades used in the automotive industry. b) Stress vs. strain 
curves of selected AHSS grades. Modified from [4]. 

Whereas the first 25 years or so (1984-2010) of the research among the press-

hardening technology focused mainly on understanding the special characteristics of 

the process itself and the behaviour of standard 22MnB5 steel, the last 10 years 

(2010-2020) have emphasized the development of coated PHS together with the 

design of 2nd generation PHS. Within the time span of this thesis work, steel 

manufacturers have been set two main goals by the OEMs: to commercialize PHS 

protected with zinc-based coatings and develop a new steel grade providing tensile 

strength of around 1900-2000 MPa.  

In addition to the demands set for the mechanical properties, the corrosion 

resistance of car body components is of high importance. Car body corrosion is 
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typically caused by de-icing salt, a marine atmosphere and acid rain [15]. One of the 

targets set by the OEMs is to have all body-in-white (BIW) components made from 

coated steel. In PHS, a coating can provide oxidation and scaling resistance during 

the heating and austenitization of the blanks together with in-service corrosion 

resistance. Currently, Al-10%Si-coated steel (hereinafter AlSi), providing a barrier 

protection against corrosion, dominates the market. However, OEMs have been 

seeking replacements for both commercial and technical reasons. To maximize the 

protection against corrosive conditions, the coating should also preferably provide 

cathodic/galvanic corrosion resistance. This means using hot-dip galvanized (HDG) 

PHS, which sets new requirements for the steel industry and process control.  

HGD PHS are susceptible to undesired cracking phenomena in hot forming, 

which crucially limits their application. This cracking can be divided into liquid metal 

assisted cracking (LMAC) and so-called micro-cracking. Currently, only two steel 

producers supply hot-dip galvanized PHS with a strength level of 1500 MPa. 

However, some phenomena related to the processing of hot-dip galvanized PHS are 

still unknown or have not been explained satisfactorily. As mentioned above, there 

is an increasing demand to reach a strength level of 2000 MPa in commercial PHS – 

also in HDG versions. However, reaching a combination of 2000 MPa and 

appropriate ductility/toughness, has proved challenging. For now, a few uncoated 

2000 MPa PHS grades have been launched industrially, whereas there are no hot-dip 

galvanized 2000 MPa PHS grades commercially available. 

1.2 Aim of the work 

The primary aim of this thesis is to increase understanding on the behaviour of HDG 

PHS. The factors controlling the phase structure development, i.e. coating 

characteristics, and widely observed cracking phenomena of HDG PHS will be 

elaborated. The understanding gained will help to optimize the properties of 

commercial 1500 MPa PHS grades and to develop novel ultra-high strength PHS 

grades with galvanic corrosion protection capacity in the future. The second 

objective is to identify the main factors controlling the final mechanical properties 

of PHS within the context of industrial steel manufacturing and press-hardening 

processes. The microstructure-property relationships of PHS, rarely reported in a 

detailed and systematic manner in academic research work, will be addressed. In this 

context, the effects of steel chemical composition, manufacturing history and bake 
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hardening, i.e. the effect of paint baking treatment, will be discussed. Figure 2 shows 

the palette of the research topics addressed in the present thesis work. 

 

Figure 2.  Schematic illustration of the research topics of this thesis work. 

1.3 Hypotheses 

The hypotheses of this thesis are as follows: 

1) Manufacturing operations, process parameter control and micro-alloying 

can all be utilized to improve the final mechanical properties of PHS with 

tensile strength levels of 1500-2000 MPa. 

2) Both liquid metal assisted cracking (LMAC) and micro-cracking can be 

avoided by adjusting the parameters of the direct press-hardening process. 

3) The cracking tendency of hot-dip galvanized PHS can be reduced by 

optimizing the chemical composition of the steel, i.e. by reducing materials 

susceptibility to micro cracking.  

1.4 Research questions 

The main research questions of this thesis work are as follows: 
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1) Which are the key metallurgical factors and phenomena controlling the final 

mechanical properties of PHS? (Figure 3) 

 

 

Figure 3.  Schematic illustration of research question 1 and related publications.  

2) How to produce hot-dip galvanized PHS without LMAC and micro-

cracking, while simultaneously aiming for appropriate mechanical properties 

and corrosion protection capacity? (Figure 4) 

 

 

Figure 4.  Schematic illustration of research question 2 and related publications. 
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2 THEORETICAL FRAMEWORK 

2.1 Press-hardening technology 

Press-hardening technology was developed and patented in 1977 by the Swedish 

company Plannja Jernverk. The process was originally used to produce wear-

resistant components for agricultural machinery. In 1984, the technology was firstly 

introduced in the automotive industry by Saab Ab. [16] Nowadays, press hardening 

is an established manufacturing method used for producing ultra-high strength anti-

intrusion safety components of passenger car bodies. Components such as bumpers, 

side impact beams, tunnels, A and B pillars, cross members and roof rails are 

manufactured from both uncoated and coated steel sheets. [17] Most importantly, 

PHS has enabled weight reduction without compromising the passive safety 

performance of cars [16]. Currently, the typical weight fraction of PHS in the car 

body is 10-30% but Volvo, for example, has set the goal of reaching a fraction of 

approximately 40–45% [18]. 

The current press-hardening technology comprises two main process routes: 

direct and indirect press-hardening processes (Figure 5). The direct hot forming 

process combines austenitizing, hot forming, and quenching in a cooled die. The 

indirect process consists of two separate forming stages: a blank is firstly cold 

stamped after which it is austenitized and hot press formed to meet the final 

geometry. In both process types, hot forming minimizes the spring back 

phenomenon, which is a major challenge in cold stamping. After the combined hot 

forming and die-quenching stage, the component is trimmed and shot blasted to 

clean the surface of oxide scale. In this thesis, the discussion will focus on the direct 

process, which is more common and cost-effective, yet simultaneously more 

demanding from the point of view of material robustness. [19]  
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Figure 5.  Illustration of direct and indirect press-hardening processes. Modified from [20]. 

In addition to the above-discussed process routes, press-hardening technology is also 

used to manufacture so-called tailor-welded and rolled components as well as tailor-

cooled or tempered parts [21; 22]. The hot press forming (HPF) process has also 

been investigated in combination with the Q&P process [23; 24], when aiming for 

improved combination of strength and elongation. These special processes are not 

discussed in this thesis work in further detail. In turn, slightly modified processes, 

such as low-temperature hot stamping, have become more common through the 

development of new steel grades, enabling more arbitrary cooling paths and forming 

temperatures [25].  

2.1.1 Direct press-hardening process 

The industrial press-hardening process starts with austenitizing, carried out typically 

at 900–950 °C for 3–10 minutes. Then, the blank is transferred within 3–10 seconds 

to the press in which it is hot formed and quenched in a closed die.  High surface 

pressure between the blank and the die and the subsequent martensitic phase 

transformation of the steel result in the ultra-high strength and excellent dimensional 

accuracy of the components. [19; 26] In the automotive industry, the press-hardening 

process is followed by painting of the car body. During the paint drying process 
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stage, PHS components are subjected to a heat treatment cycle, also known as paint 

baking. This process is typically simulated with 20 min soaking at 170 °C, which 

finalizes the mechanical properties and crash performance of PHS via the so-called 

bake-hardening (BH) effects. [19; 27] In industrial baking lines, the paint baking 

parameters may vary between 140 and 200 °C and 20-90 min [28]. The entire heat 

treatment cycle is shown schematically in Figure 6. 

 

Figure 6.  Description of the heat treatment cycle of direct press-hardening process combined with a 
separate paint baking heat treatment stage. Modified from [29]. 

In the austenitization stage, a steel blank is heated and soaked above the Ac3 

temperature of steel. The Ac3 of 22MnB5 is about 840-860 °C, meaning that 

annealing treatments below 900 °C are not common nor the most economic [30; 31]. 

The typical austenitization cycle, i.e. austenitization time and temperature, depends 

on the sheet thickness and coating type if coated steel is used [16; 19]. In any case, 

the heat treatment process should take only some minutes to guarantee the high 

productivity of the process. From the mechanical properties perspective, the optimal 

austenitizing temperature has been reported to be close to 900 °C [32-34]. An 

insufficiently short austenitizing time at too low a temperature may result in an 

undesired microstructure consisting of undissolved pearlite, some fragmentary 

ferrite and a limited amount of martensite [34]. In the case of 22MnB5, too high an 

austenitizing temperature and soaking time must be avoided, as they promote prior 

austenite grain coarsening, which is reflected in a larger effective grain size of 

transformed martensite [32; 34].  
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The uncoated sheets are typically annealed at around 950 °C for approximately 

3-5 min to maximize the productivity of the process [16; 19]. However, the use of 

zinc-coated PHS limits the austenitization temperature to closer to 900 °C due to 

the risk of Zn vaporization [35; 36]. Therefore, a soaking temperature of 900 °C has 

proved optimal for HDG steels [37]. In comparison, AlSi-coated PHS are typically 

austenitized at 900-930 °C for 5-10 minutes [38]. It is worth noting that the 

properties of both coating types also change significantly during the austenitization 

stage. Consequently, the soaking time and austenitization temperature need to be 

regulated in terms of phase structure and desired coating properties in order to 

control the undesired cracking phenomena of coated steel, and also to attain the 

desired corrosion resistance and weldability of the end-products. [39] 

It is desirable to carry out the hot forming stage (Figure 6) in the austenite phase 

region of the steel, namely around 850–750 °C. The start temperature of the hot 

forming stage depends practically on the transfer time between the furnace and 

forming die [40; 41]. At these temperatures, the steel is soft and has high ductility 

[19; 42], since the formability of steel is drastically improved in the austenitic region. 

During the transfer stage, the hot forming temperature is controlled by the natural 

air cooling of the blank. Depending on the sheet thickness, a cooling rate of around 

8-15 °C/s is attained in the early stages of passive air-cooling. The lower limit of the 

forming start temperature is typically considered to be 650 °C, since forming at lower 

temperatures may result in the formation of bainite and decrease the formability [43]. 

In industrial conditions, the die-quenching stage itself takes only around 5-10 s 

[16]. The cooling rate of the steel blank, > 30 °C/s, is determined by the contact 

pressure between the tool and the blank, which is the main parameter controlling 

the heat transfer from blank to tool [44; 45]. However, in serial production, the 

cumulative heating of the die during quenching hinders the cooling rate, which may 

have a significant effect on the final microstructure. Therefore, efficient cooling of 

the die is important to guarantee high productivity and full hardening of the steel 

[46].  

2.2 Physical metallurgy of PHS 

PHS are typically categorized as hot formable CMnB steels. The practical excellence 

of the standard PHS 22MnB5 grade can be explained by its robustness as well as the 

unique combination of mechanical properties and lean alloying concept. On the 

other hand, the more ambitious targets of improved strength and ductility 
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combinations have recently created more space for alloy and process development. 

Despite the rapid increase in the use of PHS, this group of steel products can still be 

seen as a niche product in the automotive industry, meaning that the market is open 

to innovative process and alloy modifications as long as the properties of the end-

product are significantly improved. This argument is especially valid for HDG PHS 

components, which are treated on the market as premium products.  

The high academic interest has proven that there is still a lack of understanding 

regarding the effects of alloying, paint baking treatment and hydrogen embrittlement 

(HE) on the mechanical behaviour of PHS. Most importantly, the special 

characteristics and limitations of the press-hardening process itself, such as the 

limited austenitization window, have also highlighted the importance of 

understanding the physical metallurgy of PHS. Finally, the increased use of coated 

steels has created new challenges for metallurgists. This chapter summarizes the 

behaviour and properties of martensitic steels, and thus provides an in-depth analysis 

of the special characteristics of the physical metallurgy of PHS.  

2.2.1 Martensite and general characteristics of martensitic steels 

Martensite, typically designated α’, is a micro-constituent formed as a result of 

austenite decomposition under cooling. In practice, martensite can be formed when 

steel is quenched to room temperature quickly enough that transformation to ferrite 

or bainite is largely prevented [47]. Depending on the chemical composition and heat 

treatment history, each steel grade has the characteristic ability to transform into 

martensite. This property is described using the term hardenability.  

Martensitic phase transformation is athermal by nature. This means that the 

fraction of martensite is increased as a function of undercooling below the 

martensite start temperature Ms – not as a function of time at the isothermal 

temperature. The athermal nature of martensitic phase transformation is typically 

described using the Koistinen-Marburger equation [48] (Equation 1): 

 

1 − 𝑉𝛼′ = exp{𝛽(𝑀𝑠 − 𝑇𝑞)}, 𝑤ℎ𝑒𝑟𝑒 𝛽 ≅ −0.011.                (1)  

In Equation 1, Vα′ is the fraction of martensite and Tq the temperature below Ms to 

which the steel is cooled during quenching. A completely martensitic structure is not, 

however, attained in practice and therefore also the martensite finish temperature Mf 

expresses a temperature where 95% of the martensitic phase transformation is 
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completed. The austenite which stays untransformed is denoted as retained austenite 

(RA). 

It is generally accepted that martensitic transformation is diffusionless. The 

diffusionless manner of martensitic phase transformation relies on the following 

facts: martensite has the ability to form at low temperatures, transformation 

propagates very quickly at the speed of sound, and the chemical composition of prior 

austenite (parent phase) and transformed martensite (product phase) are identical 

[49]. In turn, the phase transformation occurs by means of rapid deformation in the 

austenite lattice. In this case, the deformation involves the coordinated movement 

of atoms occurring across a moving interface, i.e. the habit plane. This results in the 

formation of shear stress as well as volumetric expansion of the lattice structure. 

Therefore, martensitic transformation is controlled by strain energy. In order to 

minimize the strain energy, martensite forms in the lenticular shapes of laths and 

plates, which are characteristic of the morphology of martensite. [47] 

Martensitic transformation is not only restricted to steels but in steels the initial 

condition of martensite, right after transformation, is considered as a supersaturated 

solid solution of carbon in ferritic iron. However, the degree of supersaturation 

depends on the carbon content, and to a smaller extent on other alloying elements, 

which together have a strong effect on the Ms. Several empirical equations have been 

determined to describe the effect of alloying elements on the Ms. These equations 

indicate that all hardenability-increasing alloying elements decrease the Ms 

temperature, and thus increase the amount of RA when steel is cooled down to room 

temperature. The equation proposed by Andrews (Equation 2) is one of the most 

well-known (elemental concentrations in wt%) [47]. 

 

𝑀𝑠(°𝐶) = 539 − 423(%𝐶) − 30.4(%𝑀𝑛) − 17.7(%𝑁𝑖) − 12.1(%𝐶𝑟) − 7.5(%𝑀𝑜)      (2) 

 

In steels with a low Ms, the face-centred cubic (FCC) crystal structure of austenite 

transforms into the body-centred tetragonal structure (BCT) of martensite due to 

the supersaturation of carbon atoms. A body-centred cubic (BCC) crystal contains 

three octahedral sites for carbon atoms, and the BCT structure is a direct 

consequence of the interstitial solution of carbon atoms in the BCC lattice [47]. 

Tetragonality is increased at higher carbon content as more interstitial sites are filled 

with carbon atoms [50]. However, the solubility of C is very limited in the BCC lattice 

and is therefore easily exceeded. This explains the metastable nature of martensite, 

meaning that the C atoms have a natural driving force to diffuse out of the octahedral 
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sites of the BCC unit cells, resulting in the immediate disappearance of the tetragonal 

structure [50]. 

In practice, tetragonality is only attained in steels with 0.6 wt% C or higher [51]. 

In case of low-carbon steels with a relatively high Ms, some degree of tempering 

easily occurs during quenching (Figure 7). This widely accepted auto-tempering 

phenomenon, observed for example by Speich [52], readily results in the formation 

of BCC martensite, and the simultaneous relieving of tetragonality in the already 

formed martensitic micro-constituents [53]. In the case of auto-tempering, 

temperatures below Ms provide a high enough driving force for the diffusion of 

carbon atoms to form iron-based carbides (Figure 7), namely cementite (Fe3C) and 

possibly also transition carbides ε (~Fe2.4C) or η (non-stoichiometric). Auto-

tempering can be seen as a stage towards the equilibrium condition comprising 

ferrite and cementite [50]. 

 

 

Figure 7.  A scanning electron microscope image showing regions of auto-tempered martensite (1) 
with fine cementite (Fe3C) precipitates and (2) small amounts of “fresh martensite” without 
or having only marginal amounts of Fe3C precipitates in die-quenched lath martensitic 
22MnB5 steel (0.23 wt% C).  

In addition to the steel chemistry, the Ms temperature and fraction of RA are also 

influenced by other identified factors. For example, the plastic deformation of 

austenite decreases the Ms, which can be understood as the mechanical stabilization 
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of austenite. The increasing stabilization of austenite can also occur if the cooling of 

the steel is arrested between the Ms and Mf. The first mechanism behind this 

phenomenon is the mechanical accommodation of the surrounding austenitic matrix 

in the vicinity of the cores of martensitic phase transformation. The mechanical 

adaptation, i.e. straining of austenite, results in an increasing number of dislocations 

which interact with the simultaneously gliding dislocations of martensite lath/plate 

boundaries. The interaction described above prevents the growth of martensitic 

laths/plates and stabilizes the austenite.[47] Secondly, slow cooling between the Ms 

and Mf may result in carbon diffusion, i.e. dynamic partitioning (or auto-partitioning) 

from the already formed martensite to austenite, thus decreasing the Mf of the 

residual austenite [54; 55] As a result, the retained austenite content of slowly cooled 

steel is generally higher compared to efficient quenching conditions.  

2.2.2 Hardenability 

According to Siebert et al. [56], hardenability can be defined as “the capacity of a 

steel to transform partially or completely from austenite to some percentage of 

martensite at a given depth when cooled under some given conditions”. 

Hardenability can be expressed by means of the critical cooling rate in continuous 

cooling transformation (CCT) diagrams, the ideal critical diameter (Grossman’s test) 

or depth of hardening (Jominy end-quench test). In the context of PHS, CCT 

diagrams are the most practical tools. Modern CALPHAD (CALculation of PHAse 

Diagrams) method-based software allows quick hardenability analysis and 

comparisons. An example of CCT diagrams for 22MnB5 steel calculated using 

JMatPro® (version 10.2) is shown in Figure 8 [57].  
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Figure 8.  Example CCT diagrams of 22MnB5 (on the left) and critical cooling rate diagrams (on the 
right) determined with JMatPro® software. a) Austenitization at 900 °C - prior austenite 
grain size 10 µm; b) Austenitization at 950 °C - prior austenite grain size 30 µm. 

Hardenability depends mainly on the chemical composition and heat treatment 

history of steel. It is worth considering that the chemical composition of austenite 

determines the hardenability, not the nominal composition itself. For example, in 

high carbon and strongly alloyed steels the austenitization temperature may be too 

low to dissolve all elements in austenite, thus leading to decreased hardenability. 

Similarly, the elemental segregation effects occurring during solidification lead to 

local hardenability differences in steel products. [58] The heat treatment history has 

an effect on the prior austenite grain size (PAGS), as also illustrated in Figure 8.  A 

larger PAGS increases the hardenability (decreases the critical cooling rate), by 

decreasing the grain boundary area per unit volume [59]. Consequently, the 

diffusion-based phase transformations are slowed down. In turn, it is known that 

finer PAGS decreases Ms. The explanation for this is that finer PAGS results in 



 

32 

stronger mechanical stabilization of austenite, i.e., plastic strain required to transform 

austenite to martensite is hampered [60]. 

Instead of using CALPHAD-based software, the effect of alloying elements on 

the hardenability of steel can be evaluated by means of hardenability multiplying 

factors. As the carbon content and PAGS of steel create the basis for hardenability, 

the hardenability multiplying factor expresses how much the hardening depth is 

increased when a larger amount of alloying element is used [61]. The hardenability 

multiplying factors for the most common alloying elements of steel are presented in 

Figure 9. They help to understand the mutual effectiveness of the elements. As 

indicated in Figure 9, Mn, Mo and Cr are strong hardenability-increasing elements, 

whereas Si and Ni have a weaker effect on the hardenability of steel. It is noteworthy 

that Ni can still provide strong synergistic hardenability effects together with Mn, Cr 

and Mo. Ni is preferred when aiming for maximal ductility for specific hardness and 

hardenability level. [58] Furthermore, together with hardenability targets and other 

functional properties such as weldability, the cost of alloying elements ultimately 

determines the final chemical composition of commercial steels.   

 

 

Figure 9.  Hardenability multiplying factors for the most common alloying elements of steels [62]. 

2.2.3 Crystallography  

As briefly described above, martensitic phase transformation occurs by means of the 

coordinated movement of atoms, which is accompanied by the homogeneous 

deformation in the austenite lattice, eventually resulting in volume change. Bain [63] 
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was the first to provide an explanation for the systematic relationships between 

austenite and martensite. The mechanism, named the Bain strain, demonstrates how 

the martensitic BCC (presence of carbon atoms not considered) lattice can be 

eventually obtained from the FCC structure with a minimum amount of atomic 

movement accompanied by a volume change of approximately 3%. The Bain strain 

is the lowest energy required to obtain a martensitic structure from austenite [49]. 

Figure 10 illustrates the occurrence of the Bain strain. 

 

Figure 10.  Illustration of the Bain strain, i.e. FCC-BCT-BCC transformation. a) The crystal structure of 
austenite is face-centred cubic (FCC). b) A body-centred tetragonal (BCT) unit cell can be 
outlined between the two FCC cells. As shown in c) and d), a unit cell of BCC martensite 
can be formed from BCT austenite when the lattice is subjected to a suitable amount of 
strain, denoted as Bain strain. [49] 

The above-described systematic dependency between the parent and product lattice 

is characteristic of austenite-martensite phase transformation. This lattice 

correspondence can be described using the term orientation relationship (OR). The 

OR between the parent austenite and martensitic lattices can be expressed as the 

parallelism or near-parallelism of certain close-packed planes and directions. 

According to the Bain correspondence, an exact parallelism of the (111) planes of 

austenite and the (011) planes of martensite is attained. However, exact parallelism 

has not been observed in the experimental analysis of martensite since the Bain strain 

does not constitute the total transformation strain. In practice, martensitic phase 
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transformation occurs because of a rapidly moving semi-coherent interface between 

the austenitic and martensitic lattices. Interfacial coherency requires the presence of 

a so-called invariant line on the interface. The invariant line is understood as a line 

which is not affected by the direction and magnitude of the transformation, whereas 

the interface between austenite and martensite is denoted as the habit plane. The 

only way to bring the invariant line to the interface is to combine the Bain strain with 

a rigid body rotation. The combination of these two crystallographic operations 

matches the experimentally observed ORs [49]. 

Nor are the experimentally observed ORs identical with some of the most well-

known theoretical ORs named after their discoverers, i.e. Kurdjumov-Sachs (K-S), 

Nishiyama-Wasserman (N-W) and Greninger-Troiano (G-T). The low and medium 

carbon martensites follow typically K-S orientation relationships, which can be 

expressed in short as (111)γ//(011)α’ [110]γ//[111]α’. This designation means that the 

crystallographic planes (111) and directions [110] of prior austenite are parallel to the 

(011) planes and [111] directions of transformed martensite, respectively [64]. Even 

though further details of the ORs are not discussed in this thesis, the relevancy of 

ORs comes to light in crystallographic analyses and measurements. One of the 

analyses needed for martensitic steels is the identification of prior austenite grain 

boundaries (PAGBs) and potentially the determination of the PAGS. Most 

importantly, it is possible to identify PAGBs based on the experimentally determined 

OR between martensite and prior austenite. Nowadays, there exist several methods 

and algorithm scripts which can be used to refine electron backscatter diffraction 

(EBSD) measurement data of martensitic samples in order to calculate prior 

austenite grain orientations and ultimately to reveal austenite grain boundaries [65-

67]. This type of EBSD-based characterization of PAGB and PAGS, supported by 

a Matlab-based algorithm script developed by Nyyssönen et al. [67], was used in this 

thesis work.   

2.2.4 Morphology  

The morphology of martensite is determined by the steel carbon content: steels with 

a carbon content less than 0.6 wt% will show a mainly lath structure, whereas steels 

with a higher carbon content will show plate martensite as the main morphology 

[53]. Commercial PHS with 0.2-0.4 wt% C falls in the category of lath morphology, 

and hence the further focus is on the morphology of lath martensite. Since 
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martensite is inherited from austenite, the prior austenite grain structure controls the 

morphology of the transformed martensite. 

As presented in the work of Morito et al. [68; 69] and Kitahira et al. [64], lath 

martensite forms a hierarchical grain structure based on K-S orientation 

relationships. Accordingly, there exist 24 equivalent orientation variants for 

martensite laths originating from a single austenite grain, which results from the 

cubic symmetry of a BCC crystal [64]. According to Morito et al. [68], each austenite 

grain can be divided into packets separated by high-angle grain boundaries (HAGB). 

Each packet consists of a group of blocks also separated by large angular 

misorientations, i.e. HAGBs. All the blocks and laths of one packet share the same 

habit planes, (111)γ or alternatively (011)α’ [64]. Each block consists of laths with two 

different orientation variants, which are separated by small angular misorientations 

[64; 68]. Blocks can be further divided into sub-blocks sharing angular 

misorientations of about 10° [68]. The martensite lath itself is a single crystal 

containing a high density of dislocation structures, i.e. lattice defects created in the 

shear strain-controlled transformation mechanism of martensite [53; 64]. The 

hierarchical structure of lath martensite is illustrated in Figure 11. 

 

 

Figure 11.  a) Description of the hierarchical structure of lath martensite, characteristic of steels 
containing up to 0.4 wt% C. Modified from [68]. b) EBSD map with inverse pole figure 
(IPF) colouring, showing the prior austenite grain boundaries in white and packet 
boundaries in red. Each block consists of laths of two orientation variants named for 
example V1 & V4. Modified from [64]. 

From an industrial standpoint, the PAGS is an essential factor defining the 

possibilities for grain refinement in the final steel product. The packet and block 

sizes can be refined by controlling the morphology of the prior austenite grains, and 

thus the strength and toughness of martensitic steels correlate with the PAGS. It has 

been shown [70; 71] that the PAGS satisfactorily obeys the Hall-Petch relationship, 
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which generally connects decreasing effective grain size to the increasing yield 

strength of steel. On the other hand, the concept of effective grain size is not easy 

to comprehend due to the complexity and hierarchical structure of lath martensite. 

Nowadays, the details of fine-grained lath martensite can be quantitatively analysed 

using EBSD mapping, which has allowed the use of another term - equivalent grain 

size - as a mean effective grain size [64]. Generally, the equivalent grain size stands 

for the total length of the HAGBs per unit area, whose misorientations are larger 

than 15° [72]. According to Mohrbacher [73], the effective grain size of martensite 

should be defined differently when considering strength, toughness, ductile-to-

brittle transition temperature or intergranular embrittlement behaviour.  

Nevertheless, Morito et al. [69] have proposed that the block size can be 

considered the effective grain size of lath martensite, since blocks are separated by 

HAGBs boundaries having the ability to restrict a dislocation slip. Morito et al. [69] 

showed a clear dependency between the block size and yield strength of lath 

martensites. Finer PAGS resulted in a smaller block width; however, lath width did 

not show dependency on the PAGS, but preferably on the carbon content of the 

steel. Morris et al. [74] and Wang et al. [75] have concluded that the block size also 

controls the brittle fracture of lath martensitic steel. According to Du et al. [76], both 

block and sub-block boundaries can strengthen the steel by acting as a barrier for 

dislocation motion. A meta-study and model developed by Galindo-Nava et al. [77] 

(Figure 12a and 12b) established the above-discussed  dependencies between PAGS, 

packet size and block size. As can be seen in Figure 12c and 12d, the lath width as 

well as dislocation density correlate with the carbon content of the steel. 
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Figure 12.  Summary of the observed correlations between a) PAGS and packet size; b) PAGS and 
block size; c) C% of the steel and lath width; d) C% of the steel and dislocation density. 
Modified from [77]. 

2.2.5 On the origins of the strength of martensite 

The origin of the exceptionally high strength of martensite, and the mutual 

contribution of each recognized strengthening factor is a fruitful topic of debate 

among researchers. A number of possible strengthening mechanisms have been 

summarized, for example by Bhadeshia [49]: interstitial and substitutional solid 

solution strengthening, dislocation strengthening (work hardening), fine twins, fine 

grain size, segregation of carbon atoms, precipitation of iron carbides, and 

precipitation of alloy carbides, carbonitrides and nitrides. However, in this context 

the potential strengthening mechanisms will be discussed only to the extent required 

to understand the core findings of this thesis work and the behaviour of the PHS in 

question. 

In practice, the hardness and tensile strength of martensite are largely determined 

by the carbon content of the steel [53]. Considering the tensile strength of 
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martensite,  the effect of substitutional alloying elements Si, Mn, Cr, Ni and Mo is 

weak [78]. The strength of martensite increases straightforwardly up to around 0.6 

wt% of C [79]. At a higher C content, between 0.6-1.0 wt%, the strength is a 

compromise between the strength of martensite and the amount of retained 

austenite [80]. Nevertheless, the role of carbon is yet complex: earlier investigations 

proposed that the strength comes from the interstitial solid solution strengthening 

of C atoms, whereas recent findings, such as the study of Hutchinson et al. [51], have 

proposed that segregated C atoms and their interaction with lattice defects is the 

largest single factor for the strength of as-quenched martensite.  

The high dislocation density of martensite is a consequence of the deformation-

based transformation mechanism together with the characteristic accommodation 

required for volume change [53]. It has been shown that martensites with higher C 

contents have a higher dislocation density [81], which partially explains the role of C 

in the strength of martensite. The interaction between the existing dislocations and 

C atoms, segregating on the cores of dislocations, contributes to the strength of 

martensite via the dislocation pinning effects. Hence, a larger density of dislocations 

and interactions can be expected with increasing C content. Moreover, packet and 

block boundaries are HAGBs, understood for example as grain boundary 

misorientation higher than 15°, which contribute to the work hardening by acting as 

obstacles for dislocation slip during plastic deformation [72]. Fine effective grain 

size, nowadays understood primarily as the block size [68; 77], is also characteristic 

of martensitic microstructures. Although the dependency between effective grain 

size and tensile strength is not very strong, researchers have been able to connect 

yield strength (0.2% proof stress) to the effective grain size/block size of martensite 

[77]. Moreover, the auto-tempering effects and readily occurring precipitation of fine 

Fe-based carbides contribute to the strength of low and medium carbon as-quenched 

Fe-C martensites [51]. 

2.2.6 Mechanical behaviour 

The strength values of martensite, i.e. tensile strength (Rm) and yield strength (0.2% 

proof stress or Rp0.2), behave almost linearly with the C content of steel [79].  

However, martensitic steels exhibit so-called gradual yielding, but show a high work 

hardening rate in tensile deformation in both as-quenched and low-temperature 

tempered (LTT) conditions. This means that the point of initial plastic yielding is 

much lower compared to that of yield stress [82].  
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In recent literature, the gradual transition from elastic to plastic yielding has been 

connected by two main explanations: the heterogeneous nature of martensitic 

microstructures containing locally different strength levels [53; 78; 83] and the 

presence and gradual strain-induced relaxation of small-scale, intra-granular residual 

stresses [82; 84; 85]. According to Hutchinson et al. [82], Type I residual stresses 

exist macroscopically, for example between the surface and core of the quenched 

parts, whereas Type II residual stresses can be understood as inhomogeneous 

stresses at the scale of the effective grain size of martensite. According to Badinier 

et al. [83] and Galindo-Nava et al. [77], the so-called composite structure is a 

consequence of martensitic micro-constituents formed at different stages below the 

Ms, resulting in the formation of both auto-tempered martensite and fresh, hard, 

non-tempered martensite. This leads to the uneven distribution of carbon and local 

differences in lath size and shape. Hutchinson et al. [84] have concluded that 

microstructural heterogeneities affect the yielding behaviour, but that the presence 

of Type II residual stresses is the dominating factor. The internal stress fields are 

caused by the presence of high density of HAGBs in the martensitic microstructures 

[85]. According to this theory, regions exist where stresses act in the same direction 

as the external loading and regions where the stress states are contrary to the applied 

loading direction. Accordingly, the aligned stresses enable micro-yielding at low 

strains and LTT-induced relaxation of these stresses results typically in elevated yield 

stress, even though the tensile stress tends to decrease as a result of LTT. [82]  

The high strength of martensite opens up a lot of engineering opportunities but 

many applications also require some degree of ductility and toughness. In PHS, the 

importance of ductility is emphasized in the crash events requiring the ability to 

withstand local plastic deformation. In other words, toughness and plasticity are 

required to absorb kinetic energy. The plasticity of lath martensite decreases typically 

as a function of the increasing C content of steel [53]. Early studies [53] proposed 

that the plasticity of lath martensite, especially at low strain levels, is caused by the 

presence of thin films of RA on the lath boundaries. However, Du et al. [86] have 

suggested that grain boundary sliding is the dominating micro-mechanism behind 

plasticity, whereas crystallographic slip co-exists at higher strain levels. Accordingly, 

boundary sliding can be activated on the lath, sub-block and block boundaries of 

lath martensite. Again, the presence of a thin RA film on the lath boundaries and the 

known plasticity of austenite (a large amount of slip systems in the FCC lattice) is 

one proposed explanation for the above-described interface plasticity. According to 

Morsdorf et al. [87], a nano-scale, thin film of RA is transformed to martensite after 
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an average strain of 4%, and further plasticity is facilitated by the dislocation gliding 

along the interfacial (110) planes of the adjacent martensite blocks.  

Kyoung-Rae et al. [88] have studied the plasticity mechanisms of lath martensitic 

PHS with 0.31 wt% C and demonstrated a completely ductile fracture mode in 

tensile tests. They proposed that the microplasticity of the lath boundaries is caused 

by non-screw dislocations with high mobility. Macro-plasticity, in turn, is activated 

via the generation of screw dislocations with more limited mobility. According to an 

earlier study of Saeglitz and Krauss [89], as-quenched martensite contains large 

amounts of dislocations with and without carbon atom segregation on lath 

boundaries. In cases where screw dislocations are pinned by carbon atoms, the cross 

slip is efficiently restricted, dislocation multiplication is simultaneously prevented, 

and cleavage fracture occurs readily after reaching uniform elongation. Based on this 

explanation, LTT treatments, resulting in the partial relaxation and formation of 

transition carbides with simultaneous weakening of the dislocation pinning effect, 

can increase the plasticity of martensite. In tensile loading, this effect is typically seen 

as increased post-uniform elongation (PUE) values (Figure 14).  

It has been pointed out [90] that conventional tensile testing cannot be used as 

such to evaluate crash ductility or the toughness required of PHS.  Instead, crash 

ductility can be connected to the bendability performance, which measures the steel’s 

ability to withstand strain localization. This characteristic can also be measured in 

laboratory conditions using simple 3-point bending tests conducted according to the 

specifications of automotive standard VDA 238-100 [90]. The bending angle at 

maximum force (αFmax) correlates in a satisfactory way with the crash folding capacity 

[91]. Hence, 3-point bending is a valid method for assessing the crash behaviour of 

PHS, even though this test is also sensitive to large scatter between individual 

experiments [92].  

On the other hand, the plasticity of lath martensite can easily be lost due to 

activation of several embrittling phenomena. In particular, the role of hydrogen 

embrittlement (HE) needs to be considered in the context of martensitic steels, since 

it can have a dramatic effect on mechanical behaviour. Even though HE is not within 

the experimental scope of this thesis, the identified risk of HE has been one of the 

main driving forces for the development of 2nd generation PHS. It is important to 

understand the basics of HE, and thus also the identified ways to tackle HE will be 

addressed in the present thesis by leaning on the published research.   

HE has been recognized for over 140 years [93]; however, it is still one of the 

main limiting factors in the use of AHSS [94]. In practice, HE results in the 

simultaneous loss of ductility and tensile strength [95]. Hydrogen originates either 
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from steel processing or from in-service conditions such as the humidity and acidity 

met in the service environment [95]. There is a clear consensus that it is diffusible 

hydrogen that causes the embrittlement of steel [93; 94]. Accordingly, the mechanism 

of HE is based on local hydrogen transport within the steel. Local solubility of 

hydrogen is increased in regions which are subjected to stress, i.e. lattice distortions. 

The diffusion-driven accumulation of hydrogen results in the increase in local 

hydrogen concentration, which can reach much higher levels than the existing 

average concentration of the entire volume. This explains why stressed areas are the 

most susceptible to HE [94]. The critical hydrogen concentration decreases as a 

function of steel strength, thus making UHSS steels, such as PHS, prone to delayed 

cracking. For example, the critical value for inducing HE in a typical quench and 

tempered (Q&T) steel with a tensile strength level of around 1500 MPa is less than 

1 ppm [94].  

On the other hand, HE can be avoided by preventing its penetration into steel or 

by immobilizing it when already existing in the steel [93]. Although it may be 

impossible to avoid hydrogen uptake during steel production and processing, so-

called hydrogen trapping, e.g. by means of micro-alloying with Ti, V and/or Nb and 

intentional formation of nano-sized precipitates, is a feasible way to mitigate HE [96-

98]. In general, as-quenched martensite is more susceptible to HE than tempered 

martensite [99]. To explain this, as-quenched martensite is over-saturated with 

hydrogen, meaning that the hydrogen atoms will desorb from martensite. Hydrogen 

desorption is a diffusion-controlled phenomenon, and thus tempering accelerates 

the desired degassing process [100]. Accordingly, it has been observed that low-

temperature tempering reduces the amount of hydrogen in steel and decreases the 

HE susceptibility of PHS [101; 102]. The beneficial effect of tempering may also be 

connected with the occurring microstructural changes, i.e. relaxation of martensitic 

matrix (decrease in tensile strength) and the formation of fine transition carbides, 

which can also reportedly act as hydrogen-trapping sites [9; 93; 101; 103]. 

2.2.7 Role of precipitates 

In low- and medium-carbon steels, including the commercial PHS, the auto-

tempering of martensite resulting in the formation of fine cementite Fe3C and related 

effects contribute to the mechanical behaviour. Similarly, transition carbides ε 

(Fe2.4C) and η (non-stoichiometric) of some nanometers in size (or even fine 

cementite Fe3C) can be formed during LTT treatments understood to cover the 
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temperature range of 150-200 °C [53]. The precipitation of transition carbides has 

been connected with an increase in yield strength, but also with minor increases in 

total elongation [89]. It is understood that the precipitation of fine transition carbides 

does not trigger the onset of brittle fracture of martensitic steels. It has been 

estimated that particles in the hundred-nanometer range will start affecting the mode 

of mechanical behaviour. [104] It is characteristic of martensitic steels that the critical 

defect size is exceeded as the transition carbides transform into coarse, rod-like 

cementite. The detrimental effect of coarse cementite, formed as a result of auto-

tempering or tempering, has also been observed in the case of PHS when post-

tempered at 200-400 °C [105]. Consequently, the formation of rod-like cementite 

may also occur during auto-tempering but this has not been investigated 

comprehensively.  

It is known that the coarse particles and non-metallic inclusions do not play a 

significant part in martensite strengthening  but can substantially control the fracture 

behaviour of martensitic steels [104]. For example, sharp-edged and relatively coarse 

TiN particles act as sites for micro-void formation and coalescence [106; 107]. Also, 

coarse arrays of carbides, such as coarse, rod-like cementite on the grain boundaries, 

have been connected to the onset of the brittle fracture mode and tempering 

embrittlement of martensitic steels [53]. In these cases, grain boundary cohesion is 

lost and a crack can easily proceed on the cleavage (100) planes [104]. 

Novel martensitic steels, micro-alloyed with Ti, V or Nb, are designed to contain 

fine nano-scale carbides and carbonitrides, and nitrides [108-110]. Fine precipitates 

can pin the grain growth during high-temperature heat treatments and refine the 

PAGS and effective grain size of martensite. The grain refining effect has also been 

utilized in the design of 2nd generation PHS [104; 111]. Furthermore, it has been 

widely shown  [112; 113] that the presence of nano-sized micro-alloy precipitates in 

2000 MPa HPS can improve the steel’s resistance to HE.  

2.2.8 Bake-hardening effect 

Bake hardening (BH) is a generally known strengthening mechanism, which can be 

largely explained by the phenomenon of the static strain ageing (SSA) of steel [114]. 

The BH effect has been utilized in automotive steels as it helps to attain higher 

strength and dent resistance for cold-formed low-carbon steel components [115]. In 

traditional BH steels, the occurring increase in yield strength (∆σ) is attributed to the 

dislocation pinning effect resulting from the interactions between solute carbon 
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atoms and dislocations, which are introduced during priorly performed cold-forming 

operations. In steels with higher C content, particle strengthening contributes to the 

hardening effect. [114] The slightly elevated temperatures of the paint baking process 

line, generally 150-200 °C, provide the driving force for the diffusion of dissolved 

carbon atoms, and can thus crucially trigger the BH effect [116]. 

The theory of SSA covers a number of successive mechanisms (Figure 13): the 

strain-induced ordering of solute atoms, i.e. the so-called Snoek effect [117; 118]; the 

dislocation pinning effect, i.e. the so-called Cottrell effect (Cottrell atmosphere 

formation) resulting from the interaction between interstitials and mobile 

dislocations [119; 120]; and successive formation of solute clusters finally leading to 

the precipitation of fine transition carbides (particle hardening) [121]. The activation 

of SSA mechanisms and the resulting BH response depends on the amount of solute 

carbon [114; 116], grain size [122-124], phases present [125] and dislocation density 

[125]. For example, the precipitation of transition carbides does not occur in 

essentially ferritic steels  [114], but is characteristic of LTT (temperature range of 

100-200 °C) martensitic steels [79]. It has been established that as-quenched 

martensitic microstructures contain a large number of dislocations without any 

externally applied strain, which can explain a strong BH effect in the non-deformed 

condition [126]. 

The BH behaviour of martensitic steels is not so straightforward due to the widely 

accepted auto-tempering phenomenon and resulting microstructural heterogeneities 

[83], which regulate the balance between solute carbon and precipitation of transition 

carbides and cementite. It has been established that carbon atoms can segregate on 

the cores of fresh dislocations created during transformation already during 

quenching [127; 128]. Hutchinson et al. [51] have shown that this type of carbon 

segregation on lath boundaries occurs in martensitic steels with a C content of 0.1–

0.5 wt%. In martensitic steels, the Cottrell atmosphere formation and precipitation 

of transition carbides occurs very quickly, which can be explained by the athermal 

nature of the martensitic phase transformation, fine grain size and high dislocation 

density of martensite [29]. Consequently, during paint baking, there are two main 

mechanisms controlling BH behaviour: the further precipitation of fine iron carbides 

and the simultaneous relaxation of the martensitic matrix [79; 129]. Hence, instead 

of considering the BH behaviour of martensitic steels, it would be more specific to 

discuss the effects of paint baking, which is a type of low-temperature tempering 

process for martensitic steels.    
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Figure 13.  Schematic diagram of the characteristic stages of bake hardening as a function of time 
[130].  

The number of studies focusing on the paint baking effects in PHS is still relatively 

limited. However, the existing studies confirm that PHS behave similarly to 

martensitic steels on a general level, and that the auto-tempering plays a crucial role 

in defining the initial conditions before paint baking. Choi et al. [29] studied the 

behaviour of 22MnB5 and observed an internal friction peak already in a die-

quenched condition. This result is supported by the study of Sulistiyo et al. [131], 

who investigated the BH effect of 0.31% C PHS. They noted that carbon atoms 

segregate on the core of transformation-induced dislocations already during die 

quenching, leading to the simultaneous auto-tempering of martensite, which is 

characteristic of press hardening. The successive formation of transition carbides, 

occurring during paint baking treatment at 170 °C,  has been confirmed [19; 131]. In 

PHS, the precipitation of transition carbides and results in an increase in yield 

strength. However, the simultaneously occurring relaxation of small-scale residual 

stresses [82; 84; 85] and the tempering of martensite reduces tensile strength [131]. 

Therefore, bake-softening would describe the behavior of martensitic steels better 

than bake hardening. Although the uniform elongation typically slightly decreases as 

a result of LTT [89; 132] and relaxation of small-scale residual stresses, the post-

uniform elongation together with total elongation tend to increase, indicating the 

improved plasticity of martensite [129]. Typically observed effects for 34MnB5 steel 

(0.35 wt% C) are shown in Figure 14. 
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Figure 14.  Effect of paint baking treatment, i.e. the BH response of a 34MnB5 steel. The designation 
PH refers to the samples tested in the press-hardened condition, whereas PH+BH means 
additionally in the bake-hardened condition. The black circles show a point of uniform 
elongation and tensile stress. Modified from [Publication II]. 

2.2.9 Deformation-induced ferrite and bainite transformation 

The promoted ferrite or bainite transformation caused by the prior straining of 

austenite is generally denoted as deformation-induced ferrite (DIFT) or bainite 

transformation (DIBT). Of these, DIFT is more pronounced in PHS, and therefore 

DIBT will not be discussed further. The mechanisms of DIFT have been explained 

in depth for example by Dong and Sun [133]. According to Dong and Sun [131], the 

driving force for ferrite transformation is increased due to the increase in austenite-

free energy and the increased amount of nucleation sites due to deformation. 

Therefore, DIFT was understood to be controlled by the strain magnitude, strain 

rate, temperature, and type of deformation. However, it has been observed that the 

strain controlled model, i.e. the stored energy model, cannot totally cover the driving 

force required for dynamic austenite to ferrite transformation [134]. Jonas et al. [134] 

and Ghosh et al. [135] concluded that the strain is only able to explain a part of the 

displacive austenite to ferrite transformation, whereas the shear stress approach can 

supplement the earlier explanations and models. DIFT is also promoted by finer 

austenite grain size (larger amount of nucleation sites), since it is a nucleation-

dominant process [133]. However, Mintz et al. [136] have noted that deformation-
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induced ferrite (DIF) is formed very readily in both fine- and coarse-grained steels. 

Moreover, it has been reported that the volume fraction of DIF depends on the grain 

size so that more DIF is formed in fine-grained steels.  

The total driving force of DIFT consists of two parts: chemical-free energy and 

deformation-stored energy [137]. The chemical driving force is controlled by steel 

alloying elements: larger amounts of C and Mn in solution retard DIFT, and thus 

increase the critical stress/strain required to trigger the transformation. It has been 

reported that niobium (Nb) in solution retards DIFT since Nb segregates on PAGBs 

and decreases the grain boundary energy, which leads to a reduction in ferrite 

nucleation rate. However, as-precipitated Nb acts vice versa [137]. The deformation-

stored energy, in turn, increases with decreasing temperature and increasing strain 

rate. It is worthy of note that deformation-stored energy is a local measure depending 

on the localization of the strain in austenite. 

There are two interpretations for the DIFT mechanism. The first is the massive 

transformation mechanism, which is not affected by the long-distance diffusion of 

carbon atoms within austenite. The second possible mechanism relies on long-

distance diffusion, being similar to the formation mechanism of pro-eutectoid 

ferrite. According to current understanding, the truth lies somewhere between: 

transmission electron microscopy (TEM) studies have shown that DIF contains a 

large amount of fine Fe3C precipitates (with a diameter less than 20 nm), indicating 

that DIF has been initially supersaturated with carbon. This observation suggests 

that carbon diffusion occurs readily during DIFT but is largely insufficient to escape 

from the ferritic regions and is thus different from the mechanism of pro-eutectoid 

ferrite formation. Moreover, microstructural studies have revealed that the 

dislocation density of DIF is low, which implies that dynamic recovery occurs 

quickly during deformation. [133]  

2.2.10 Hot ductility loss 

The hot ductility of PHS requires attention as steel is subjected to tension at 

exceptionally high temperatures when typically hot-formed at 850-700 °C. In 

particular, the formation of pro-eutectoid ferrite on the austenite grain boundaries 

has been generally connected to the high-temperature embrittlement of low-carbon 

steels. Suzuki et al. [138] have observed the embrittling effect of low-carbon steels 

(0.05-0.4 wt%) in the temperature range of 1000-600 °C. The researchers reported 

that the fracture occurred along the film of pro-eutectoid ferrite on the austenite 
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grain boundaries. The embrittling effect itself was explained by means of strain 

localization in soft pro-eutectoid ferrite in a two-phase region of austenite + ferrite, 

together with the co-existing grain boundary sliding. The hot ductility loss is 

promoted by the presence of grain boundary precipitates, which promote voiding 

and finally lead to a micro-void coalescence type of failure [138; 139]. The coupled 

embrittling effect of grain boundary ferrite and precipitates is illustrated in Figure 

15.  

 

Figure 15.  Schematic representation of the embrittlement of steel induced by the presence of 
precipitates (PPT) and ferrite (α) on austenite grain boundaries γg.b, occurring in low-
carbon steels at 1000-600 °C when subjected to external stress σ [138]. 

A similar type of embrittling phenomenon has been also considered in the studies 

addressing the hot ductility of PHS. Dimatteo et al. [140] carried out high-

temperature tensile tests for a laboratory-manufactured PHS with 0.35 wt% C. The 

test performed at 700-1200 °C showed hot ductility loss at 700 °C due to the 

formation of ferrite on the austenite grain boundaries. The ductility loss was not 

observed at higher deformation temperatures where the microstructure was still 

completely austenitic prior to deformation, thus highlighting the role of ferrite in 

promoting crack formation. The explanation for the ductility loss was that, at high 

temperatures, ferrite is softer than austenite and the fast dynamic recovery rate of 

ferrite promotes strain localization in the soft ferrite film formed on austenite grain 

boundaries. Güler et al. [141] carried out hot tensile tests for AlSi-coated 22MnB5 

steel and concluded that the observed hot-ductility loss at 700 °C was caused by 

intergranular ferrite formation accompanied by impurity segregation on austenite 

grain boundaries. Similar ductility loss was observed between 700 and 800 °C for 

30MnB5 steel [142].  
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2.2.11 Metallurgical design of PHS 

The chemical composition of the standard 22MnB5 grade, material number 1.5528, 

is namely 0.22 C, 0.25 Si, 1.2 Mn, 0.2 Cr, 0.0020 B, 0.030 Al, 0.030 Ti (elements in 

wt%) [39]. The other standard PHS grades are named for example 30MnB5, 34MnB5 

and 38MnB5, referring to the higher nominal C content of around 0.30, 0.34 and 

0.38 wt%. The metallurgical concept of 22MnB5 relies on a combination of lean 

alloying, good weldability and high-enough hardenability. Larger amounts of Mn, Cr 

and Mo can also be alloyed in order to increase the hardenability of PHS [143]. 

However, considering the other requirements of the automotive industry, the 

weldability and coatability of PHS must not be overlooked, which limits the 

possibilities to develop new PHS grades.  

Carbon (C): As mentioned above, the existing PHS grades contain around 0.20-

0.40 wt% C. Carbon is known as a strong austenite stabilizer. The higher strength of 

PHS can be almost solely attained by using a higher C content, where the ductility 

or toughness measures simultaneously decrease. The C content also has a strong 

effect on increasing hardenability and, on the other hand, decreasing weldability.  

Silicon (Si): A silicon content of 0.20-0.40 wt% is typical in standard PHS grades. 

Si is a ferrite stabilizer, and thus increases the full austenitization temperature during 

heating, i.e. AC3. It is widely accepted that Si retards the formation of cementite, thus 

controlling the auto-tempering behaviour of martensites with a high Ms [144]. As Si 

has the ability to prevent the precipitation of C into cementite, the bainitic 

transformation is also decelerated by a higher Si content. It has been reported [105] 

that, in PHS, a higher Si content of 0.50-0.60 wt% increases the toughness and 3-

point bendability by hindering the formation of coarse cementite during the die-

quenching process and tempering at 200-400 °C [105]. A high Si content is, however, 

usually avoided in PHS since Si promotes ferrite formation, and may thus hamper 

the full hardening of the blank.  

Manganese (Mn): Mn is a strong austenite stabilizer and decreases the 

diffusivity of C in austenite, thus hindering the formation of ferrite, pearlite and 

bainite transformations [92]. Hence, Mn has a crucial role in improving the 

hardenability of PHS and in making this group of steels economically attractive. In 

general, a high Mn content is to be avoided in many commercial martensitic steels, 

since Mn promotes the micro-segregation of elements leading to microstructural 

banding and anisotropy in rolled steel products [145; 146]. Furthermore, some 

studies [111; 146; 147] have pointed out that Mn decreases grain boundary cohesion, 

and is thus detrimental to the steel’s ductility on a general level. Moreover, Mn with 
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the aforementioned segregation effects promotes the susceptibility to HE, causing 

delayed cracking of engineered components [146; 148]. On the other hand, there is 

evidence of the successful use of 1500 MPa PHS with around 2 wt% of Mn [92], 

and therefore the detrimental role of higher Mn contents is questionable, especially 

on the strength level of 1500 MPa.    

Chromium (Cr):  A low Cr content of 0.10-0.30 wt% is typically used to increase 

the hardenability of PHS. Cr is a ferrite stabilizer and slows down all diffusion-based 

phase transformations [149]. Consequently, Cr also provides some tempering 

resistance for hardened steels, as Cr retards cementite transformation [105]. Also, 

bainite transformation is retarded and transferred to lower temperatures due to Cr 

alloying [150]. 

Molybdenum (Mo): Mo is a ferrite stabilizer and a strong hardenability 

increasing element. However, it is not typically alloyed with standard PHS grades 

due to its high raw material cost. Nevertheless, Mo alloying could provide attractive 

advantages in PHS. It refines grain size through the solute drag effect and helps to 

avoid undesired ferrite formation [151]. Mo has also shown synergistic effects with 

other alloying elements, in particular with Cr [152], B [153; 154] and Nb [113; 154]. 

Therefore, Mo alloying helps to keep B in solution by delaying the precipitation of 

Fe23(C,B)6 on austenite grain boundaries [104], with the mechanisms elaborated by 

Hara et al. [154]. In general, Mo reduces the activity and diffusivity of C, thus 

providing tempering resistance for martensitic steels [91; 152]. Moreover, it  has been 

proposed [147] that Mo increases the grain boundary cohesion of HAGBs. 

Nickel (Ni): Ni is not typically alloyed in commercial PHS. In general, Ni 

increases the low-temperature toughness and hardenability of martensitic steels 

[155]. A recent study of Hui et al. [156], however, has suggested that Ni could also 

increase resistance to HE, which could be worth investigating in novel PHS. 

However, the relatively high alloying cost crucially limits the use of Ni in PHS. 

Boron (B): In general, B provides a very strong hardenability effect for low-

carbon steels with minor additions of 10-30 ppm [157]. An appropriate addition of 

boron can provide a hardenability effect equivalent to 0.6 wt% Mn, 0.7 wt% Cr, 0.5 

wt% Mo or 1.5wt% Ni [42]. Therefore, B alloying can be used to replace more costly 

alloy additions. The more specific effect of B addition is the prevention of ferrite 

formation. This effect is based on the ability to segregate on austenite grain 

boundaries, which are known to act as nucleation sites for ferrite formation. More 

specifically, it is understood that the effect of B is based on the non-equilibrium 

segregation of solute B atoms on austenite grain boundaries - during the cooling 

stage - after the isothermal austenitizing stage [158; 159]. The atom size of B is 
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exceptional as it is the largest interstitial but smallest substitutional atom in Fe. This 

explains the low solubility in austenite and its observed tendency to segregate on 

austenite grain boundaries during cooling [160]. As C also tends to segregate on 

austenite grain boundaries, the hardenability increasing effect of B is lost at too high 

a B content by the precipitation of Fe23(C,B)6. It has been evaluated that Fe23(C,B)6 

precipitates could decrease toughness, providing one reason to seek B-free 

alternatives for 2nd generation PHS [104]. 

Aluminium (Al): In PHS, around 0.03 wt% Al is added for deoxidation purposes 

together with Si. In general, an excess of Al forms aluminium nitrides (AlN) with 

excess nitrogen, which can create a grain refining effect but may also have a 

detrimental effect on the bendability of martensitic steels [110]. 

Titanium (Ti): Ti, together with Al, is an essential alloying element in PHS, since 

it has a high affinity for nitrogen, which is required so as to leave B in the solution. 

So-called Ti-Al protection is used in commercial boron steels to keep B in solution. 

At least the stoichiometric amount of Ti, i.e. Ti/N > 3.4, should be used to protect 

B [161]. TiN precipitates also prevent grain growth during slab reheating and hot 

rolling [73; 162; 163]. On the other hand, sharp-edged and coarse TiN particles 

decrease the ductility and bendability of martensitic steels [106; 107; 143]. Therefore, 

strict control of the Ti and N content is extremely important in novel PHS grades 

that aim for the improved combination of strength and crash ductility evaluated by 

means of the 3-point bending test [107]. In general, Ti alloying is used for grain 

refinement and there exist a number of studies [164; 165] that also prove its strong 

effect on martensitic PHS.  

Vanadium (V): V is a beneficial micro-alloying element since vanadium carbide 

(VC) has much higher solubility in austenite than vanadium nitride (VN) has [166; 

167]. V is a potential micro-alloying element that has also been tested in modern 

PHS grades. For example, Cho et al. [112] have reported that V microalloying 

reduced the negative impact of hydrogen in 1800 MPa and 2000 MPa PHS 

significantly.  

Niobium (Nb): Nb is an effective micro-alloying element and is generally used 

to create grain refinement and precipitation hardening effects [111]. Several recent 

studies have shown that in martensitic steels, including PHS, optimal Nb alloying 

increases resistance to HE [146; 168]. In addition, advantageous synergies with Mo 

alloying have been proposed [113; 154]. Therefore, the application of Nb or Nb+Mo 

alloying looks promising for the 2nd generation PHS aiming for tensile strength levels 

of approximately 2000 MPa [91]. 
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2.2.12 State of the art of 1st generation PHS 

The industrial press-hardening process of 22MnB5 typically results in a yield strength 

(Rp) of 1100 MPa, a tensile strength (Rm) of 1500 MPa and a total elongation A80 of 

5–6% [169] or A50 of 7-10% [170]. According to earlier studies [42; 171; 172], the 

hardness values of as-quenched 22MnB5 (0.19–0.25 wt% C) steel with at least 95% 

martensitic microstructure are 450-510 HV. The Ms and Mf temperatures of 22MnB5 

are 425 °C and 280 °C, respectively [173]. The Ac1 and Ac3 temperatures of 

austenitization, determined during a representative heating rate with dilatometry, are 

around 740 °C and 840 °C, respectively [42; 174]. In terms of the mechanical 

properties, the optimal austenitizing cycle for 22MnB5 steel is 3–10 minutes soaking 

at close to 900 °C [32-34]. It has been evaluated that soaking for 45 s above 870 °C 

is enough for complete austenitization with sufficient homogeneity [37].  

The hardenability of 22MnB5, expressed by means of the critical cooling rate in 

a CCT diagram, is around 27-30 °C/s [42; 175]. This means that quenching in a 

water-cooled die should result in attaining an essentially martensitic microstructure 

with the required mechanical properties. However, the microstructural studies 

carried out for hot-formed 22MnB5 steel have revealed that, in practice, the 

formation of ferrite and bainite occurs at higher cooling rates in the hot-forming 

process [173; 176]. The formation of these secondary phases occurs preferably in 

highly deformed regions of the parts [19; 177]. Therefore, it has been shown that an 

increase in strain results in a shorter incubation time for ferrite and bainite 

transformations. The shift in the transformation depends, for example, on the 

amount of deformation [150; 178]. The observed behaviour can be explained by 

means of the DIFT/DIBT mechanisms discussed earlier in Section 2.2.9. Both 

isothermal [30; 179-181] and non-isothermal [181-184] thermo-mechanical 

experiments have been conducted to increase understanding on the effect of 

austenite deformation on the phase transformation kinetics of 22MnB5. The effect 

of hot plastic deformation on the CCT curves of 22MnB5 reported by Barcellona 

and Palmeri is shown in Figure 16 [176]. 
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Figure 16.  Effect of hot plastic deformation on the CCT diagram of 22MnB5; a) without hot plastic 
deformation; b) with 17% plastic strain at 700 °C. The ferrite (F) and bainite (B) 
transformations are transferred towards shorter times (higher critical cooling rates) due to 
deformation, thus promoting the formation of ferrite in hot press forming. Martensite (M) 
transformation temperature is simultaneously decreased. Modified from [176]. 

According to Naderi et al. [42], the probability of forming ferrite and bainite is 

increased when the initial forming temperature falls below 780 °C. Merklein et al. 

[185] have noted that, at deformation temperatures below 650 °C, bainite formation 

increases the flow stress of 22MnB5 steel and makes forming more difficult. Thus, 

deformation temperatures above 750 °C are generally recommended to avoid more 

excessive formation of ferrite and bainite, which results in lower strength of 

22MnB5. Nevertheless, it is worth considering that the presence of a small amount 

of ferrite, typically formed below the surface of the components, does not 

substantially decrease the hardness or tensile strength of predominantly martensitic 

steel [177]. 

The characteristics of PAGS have been reported in only a few earlier studies [42; 

104; 170; 186]. Nevertheless, it can be summarized that the reported PAGS are 

around 7-15 µm after austenitizing at 900 °C [186] and can reach much higher values 

of 30-50 µm [143; 187] after austenitization at 930-950 °C. These are typical 

temperatures used with AlSi-coated or uncoated PHS, respectively. However, Golem 

et al. [188] carried out a more detailed study on AlSi-coated 22MnB5 and reported 

the following values after 6.5 min soaking time:  7 µm (850 °C), 12 µm (900 °C) and 

16 µm (930 °C). It is worth considering that PAGS is partially controlled by the 

manufacturing history of the steel. Maikranz-Valentin et al. [170] have discovered 

optimized thermo-mechanical processing strategies for 22MnB5. They suggest that 

the partially recrystallized (40%) initial microstructure of 22MnB5 steel results in a 
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finer PAGS of 8 µm, compared to a fully recrystallized initial microstructure with a 

PAGS of 14 µm. According to Maikranz-Valentin et al. [166], a smaller PAGS 

enhanced mechanical properties, especially toughness. Hikida et al. [186] have 

observed that the initial microstructure of 22MnB5 steel can have an effect on the 

hardening behaviour, especially with relatively short austenitizing times. They 

reported that a batch-annealed microstructure with spheroidized cementite in the 

ferritic matrix resulted in a smaller PAGS and hardenability compared to a cold-

rolled, i.e. full hard microstructure. Despite these individual findings, the effect of 

the initial microstructure or process parameters of press hardening has not been 

systematically connected with the PAGS and mechanical behaviour. Systematic 

studies connecting the PAGS, BH effect and final properties of 22MnB5 or other 

PHS has not yet been conducted either. 

Bardelcik et al. [172] studied 22MnB5 steel and reported that two different 

cooling rates of 45 and 250 °C/s led to similar martensite morphologies and a 

hardness of 460-470 HB. In turn, water-quenched 22MnB5 steels (0.21–0.22 wt% 

C) have shown somewhat higher hardness values of approximately 500–520 HV 

[171; 172]. Tabata et al. [189] have provided an explanation for this by observing that 

the strength of 22MnB5 also depends on the secondary cooling rate below the Ms. 

The auto-tempering of martensite can be used as an explanation for the observed 

hardness differences. In 22MnB5, auto-tempering occurs readily during die-

quenching since the cooling rate at temperatures below 450 °C (or Ms) is 20–300 

°C/s. In turn, the hot plastic deformation of austenite can increase the hardness of 

press-hardened steels. For example, Fan et al. [19] have reported that the hot plastic 

deformation of austenite refines martensite and results in higher strength. Similarly, 

Hutchinson et al. [51] have demonstrated that an austenite deformation of 10% and 

30% increases the hardness and tensile strength of as-quenched 22MnB5 steel. 

The high strain rate behaviour of 22MnB5 has attracted only limited attention 

even though it has to be considered when evaluating and modelling the crash 

behaviour of car body components. Bardelcik et al. [172] have studied the strain rate 

effects of 22MnB5 and report that fully martensitic 22MnB5 exhibited only a 

marginal increase in tensile strength (20 MPa) between high  960 s-1  and quasistatic 

strain rates of 3 x 10-3 s-1. More extensive or detailed research work focusing on the 

high strain rate behaviour of 22MnB5 or other PHS grades is still lacking. 

According to Gerber et al. [190], there have been two major directions in the 

development of PHS: increased formability in a press-hardened condition by 

introducing complex phase structures with softer phases and increased tensile 

strength of steel up to 1800-2000 MPa while retaining total elongation or formability. 
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The possibility to maximize the weight reduction of car body components has driven 

the development of new ultra-high strength PHS grades, providing an Rm of up to 

2000 MPa. New UHSS grades could be applied, especially in bumper and side impact 

beams, where the attainable weight reduction in certain components would be 5-

15% [190]. 

The early studies on the PHS with elevated strength levels [42; 191-193] were in 

practice based on the standard alloying concept of 22MnB5, but with a higher C 

content of 0.27-0.38 wt%. In general, a higher C content decreases 

ductility/toughness measures, and also has a negative effect on weldability. On the 

other hand, an increase in the C content promotes hardenability and decreases the 

Ac3 and Ms temperatures, which could help to refine the grain size. In this range of 

C content, the amount of retained austenite is in practice very small, with a maximum 

around 2%, and does not play a significant role in the final properties [51; 192]. 

In the case of essentially martensitic PHS, hardness and tensile strength increase 

almost linearly with increasing C content. The 30MnB5 grades with 0.27-0.30 wt% 

of C can reach 1750-1850 MPa [142; 191], whereas a 0.32-0.35 wt% of C is required 

to attain the target of 1900-2000 MPa [42; 112; 194]. The original target of higher 

strength PHS grades was intended to avoid a decrease in toughness as much as 

possible. However, the studies of Naderi [195] have indicated that a higher C content 

in the range of 0.33 wt% itself is not an appropriate solution, i.e. the original alloying 

concept must be modified. The same concern was also shared by Hikida et al. [191] 

when carrying out their first studies with an 1800 MPa PHS.  

2.2.13 Design philosophy of 2nd generation PHS  

Even though the need for new PHS grades was recognized back in the early 2010s, 

the demand for an even stronger PHS, providing tensile strength reaching 2000 MPa, 

has increased during the last five years or so [21]. The tensile strength of PHS is 

typically a matter for discussion, but from the application point of view, the ability 

to withstand local plastic deformation is required to avoid cracking and rupture in 

crash events. In this context, the 3-point bending test, according to standard VDA-

238-100, has become as an acceptable method for evaluating the local formability in 

crash conditions. The importance of application-relevant toughness characteristics 

is highlighted with ultra-high strength PHS grades, which are more susceptible to 

HE [143]. These characteristics were not optimized when the 22MnB5 alloy was 

originally designed only to provide high strength and wear resistance in other 
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demanding applications [91]. Consequently, the same development strategies have 

been recently applied for 1500, 1800 and 2000 MPa PHS.  

The first leaps towards the 2nd generation PHS were taken in around 2013. Hikida 

et al. [191] developed a new 1800 PHS for the bumper beam of the Mazda CX-5 

[191]. The material upgrade was enabled by the refined PAGS, which helped to retain 

the same toughness level as 22MnB5. The preliminary results of Tokizawa et al. [164] 

were also promising, as the developed 2000 PHS grade with an alloying concept of 

0.28 wt%C-3 wt% Mn together with Ti micro-alloying, showed at least comparable 

behaviour with the reference 22MnB5 grade in the BH condition. In these steels, Nb 

and Ti micro-alloying helped to refine the grain size compared to the reference steel. 

Also, Gerber et al. [190] have pointed out that even a small amount of tempering, 

i.e. baking for 20 min at 170 °C, increased the energy absorption capacity of a 1900 

MPa PHS grade.  

The identified threat of HE has been an important driving force behind the 

development of novel PHS. In a relatively early study, Bian and Mohrbacher [143] 

summarized the application-relevant metallurgical development strategies for novel 

PHS: refining the PAGS and relevant effective grain size of martensite, reducing the 

probability of micro-crack initiation with improved cleanliness of steel, and avoiding 

accumulation of hydrogen in the fracture process zone. Practical ways for achieving 

the above-listed targets have also been elaborated [104; 143]. In order to attain the 

most efficient grain refining effect of PAGS and martensite, Nb micro-alloying has 

been proposed. Whereas the grain refinement itself can improve the HE resistance 

by decreasing the amount of hydrogen in the unit grain boundary area [187], the 

maximum performance is facilitated by sophisticated micro-alloying, as the presence 

of effective hydrogen traps is the primary mechanism increasing HE resistance. The 

combined addition with Mo was also proposed to enhance the effect of the added 

Nb, and to improve the grain boundary cohesion which has been associated with 

Mo alloying in general [104; 147]. Starting from hot-rolling, Nb-Mo alloying will 

maximize the grain-refining effect by promoting a pancaked and finer grain 

structure. This refinement is inherited by cold rolling and as far as the 

annealing/austenitizing stage of press hardening. [113] On the other hand, Nb 

alloying and the presence of undissolved Nb precipitates may have a negative net 

effect on the hardenability of PHS, as the precipitates provide an increasing amount 

of nucleation sites for ferrite formation together with a refined PAGS and increased 

grain boundary area [143].  

The beneficial effects of Nb alloying have been reported for both 1500 MPa 

(22MnB5) [168; 196] and 1900 MPa PHS (32MnB5) [113]. NbC precipitates have a 
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high trapping energy and can act as irreversible trapping sites for hydrogen [97]. As 

proposed in [104; 143], Nb is a very effective micro-alloying element, since NbC 

requires high solution temperatures to dissolve in the matrix. NbC and Nb(C,N) 

precipitates can pin the grain boundaries during the entire process cycle. Thus, the 

beneficial effect of Nb is highlighted when the austenitization time and temperature 

are increased, i.e. NbC precipitates prevent detrimental grain coarsening, thus 

improving the robustness of the steel [143]. On the other hand, the dissolution 

temperature of NbC increases as a function of increasing C content [108]. Therefore, 

the combined amount of Nb and C must be optimized for different steel grades as 

the slabs are conventionally annealed at around 1200-1250 °C before rolling. For 

example, Zhang et al. [168] have shown that the optimal amount of Nb in 22MnB5 

is around 0.05 wt%.  

It is worth considering that, in theory, efficient micro-alloying can also be carried 

out with Ti or V or with certain combinations such as Nb+V, as studied by Song et 

al. [197]. In order to utilize each of the micro-alloy additions optimally, the solubility 

of different micro-alloy carbides, carbonitrides and nitrides must be considered 

(Figure 17) and comprehensively studied for each chemistry and heat treatment 

history. Kim et al. [198] have studied the effect of Ti micro-alloying in AlSi-coated 

22MnB5 and showed that Ti alloying with 0.03 wt% instead of 0.02 wt% increases 

the resistance to HE. Similarly, like NbC, nanoscale TiC precipitates act as 

irreversible hydrogen traps, having a high hydrogen binding energy. Cho et al. [112] 

have investigated 0.2 wt% V micro-alloyed AlSi-coated 30MnB5 (1800 MPa) and 

35MnB5 (2000 MPa) and observed that susceptibility to HE was significantly 

reduced by V alloying, as the nano-sized VC precipitates can act as hydrogen traps. 

The researchers observed that the net effect of V micro-alloying was clearly 

beneficial, even though the hydrogen absorption itself was higher in V alloyed steels 

because of the finer grain structure and presence of trapping sites. Matsumoto et al. 

[101] have investigated the effect of microstructural details on the HE susceptibility 

of 0.28 wt% C-3 wt% Mn PHS and showed the beneficial effect of Ti and V micro-

alloying. The comparison of Ti- and V-alloyed steels showed that Ti is more efficient 

in terms of alloying addition. As has been noted by Matsumoto et al. [101], VC 

precipitates can dissolve in the austenite at relatively low temperatures. This 

characteristic requires more attention as the solubility of VC depends strongly on 

the C content of the steel [167].  
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Figure 17.  Mutual solubilities of micro-alloy carbides and nitrides in liquid (only for TiN) and austenite 
expressed by means of solubility products as a function of temperature. A higher solubility 
product K, here expressed as Log K5, represents higher solubility. [167] 

The importance of the improved cleanliness in the 2nd generation PHS has also been 

pointed out in earlier studies [104; 107; 143]. Generally speaking, coarse isolated 

particles, i.e. oxides, sulfides, nitrides and carbides, act as nucleation sites for voids, 

and thus hamper the local plasticity required in the 3-point bending test [143]. Special 

attention has been paid to the presence of TiN particles in martensitic steels. An 

ultimate solution, i.e. discarding conventional Ti-B alloying, has been suggested by 

Bian and Mohrbacher [143] in order to eliminate the formation of coarse, sharp-

edged TiN particles. The removal of B would result in decreased hardenability but 

was thought to be feasible, especially in 1800-2000 MPa PHS, where the extra thin 

wall thickness of the components does not require maximum hardenability. It has 

been reported that 1900 MPa PHS without Ti-B can outperform 22MnB5 grades in 

the 3-point bending test when the chemistry is optimized with Mo-Nb alloying [143]. 

However, recent results [111] have indicated that B alloying itself is not very 

detrimental from the toughness point of view as long as the amount of Ti is 

simultaneously optimized.  

Also, surface engineering has turned out to be a promising solution for uncoated 

PHS. It has been suggested [199-201] that bendability can be maximized with the 

controlled decarburization of the surface, leading to the formation of a soft ferritic 

layer, which has a better ability to allow strain localization in bending. The tensile 

strength of steel is not, however, significantly affected as long as the thickness of the 

soft surface layer is well controlled.  
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2.2.14 Novel PHS grades with higher Mn content 

Even though Mn has a somewhat questionable reputation in martensitic steels, the 

use of an unconventionally high Mn content in PHS can bring certain advantages. 

Firstly, Mn decreases the AC3 temperature, meaning that austenitizing can be, at least 

theoretically, carried out at lower temperatures. Secondly, a high Mn content in steel 

stabilizes the austenite and enables the use of lower forming temperatures. A slightly 

higher Mn content of around 2 wt% has also been adapted for single-phase 

martensitic steels in order to improve the hardenability of PHS. This alloy 

modification resulted in the development of commercial 20MnB8 steel, which has 

been used for some years, especially in HDG PHS. The latest studies [36; 92; 169] 

have shown that a slightly modified process with a lower forming temperature below 

600 °C enabled by fast pre-cooling at a rate of around 50 °C/s (Figure 18), helps to 

minimize the undesired cracking of HDG PHS. The cracking phenomena of HDG 

PHS is discussed in more detail in Section 2.3.  

 

Figure 18.  Modified press-hardening process enabled by accelerated pre-cooling stage and higher 
Mn content (2 wt%) of steel [25]. 

2.3 Hot-dip galvanized PHS 

Hot-dip galvanizing (HDG) is an economical coating process performed in the 

continuous annealing lines of steel mills. In general, HDG is used to produce two 

types of zinc-based coatings for PHS (hereinafter the term zinc-coated is used when 

talking about both coating types in general): conventional zinc coating, hereinafter 

named Zn (also known as Z or GI) and zinc-iron alloy coating, hereinafter ZnFe 
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(also known as ZF, GA or galvannealed coating) [39]. The Zn-coating bath contains 

0.15-0.20 wt% Al to form an inhibition layer of Fe2Al5-xZnx at the coating/steel 

interface. This layer can temporarily prevent the diffusion of Fe and alloying 

elements of steel to the upper parts of the coating, thus retaining the coating as pure 

Zn. When producing a ZnFe coating, the bath contains an even smaller amount of 

Al, 0.13-0.14 wt%, combined with an in-line annealing treatment to modify the phase 

structure of the coating by means of Fe diffusion into the coating. The non-uniform 

inhibition layer formed enables Fe-Zn reactions and the formation of Zn-Fe phases 

during annealing at approximately 500 °C. Consequently, a ZnFe coating contains 

initially 8-12 wt% of Fe on average and consists totally of Zn-Fe intermetallics. [202; 

203]  

The requirements of PHS have increased as car manufactures demand the 

corrosion resistance of all car body components. The AlSi-coated 22MnB5 steel has 

dominated the market for a long time; however, recently ZnFe-coated PHS has also 

enjoyed commercial success [92]. In addition to corrosion resistance, the formability 

of press-hardened zinc coatings is better in a wider forming temperature range, 

which opens up opportunities for process and steel chemistry modifications in order 

to tackle other challenges related to the direct press-hardening process [204]. For 

example, the susceptibility to HE can be decreased with zinc-coated PHS [205; 206]. 

However, zinc-coated PHS exhibit undesired and unacceptable cracking during hot 

deformation and the lack of understanding of the material behaviour has prevented 

their final revolution [207].  

2.3.1 High-temperature phase development of Zn- and ZnFe-coated PHS 

As has been noted in previous studies [39; 202; 208; 209], zinc-based coatings 

experience substantial changes in phase structure and composition during the 

heating and austenitization/annealing stage of the press-hardening process. The 

binary Fe-Zn equilibrium diagram (Figure 19a) [210], comprehensively assessed for 

example by Su et al. [211], has been generally used to understand the basics of the 

high-temperature phase development of zinc-coated PHS.   
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Figure 19.  a) Binary Fe-Zn equilibrium diagram [210]. b) Zn-rich corner of the Fe-Zn binary diagram 
[202]. Note the different designation of Γ phases between the graphs shown in a) and b). 

The Fe-Zn binary system consists of the following phases (Figure 19b): pure zinc, 

intermetallic Zn-Fe compounds ζ, δ, Γ and Γ1 as well as ferritic solid solution phase 

α-Fe(Zn). The intermetallic Zn-rich phases have proved challenging to characterize, 

and thus there is no clear consensus on their structure or stoichiometry among 

researchers. When it comes to the Γ and Γ1 phases, Γ-Fe3Zn10 (or Γ-Zn-Fe) is 

typically discussed in the PHS literature and will only be used in this thesis. A recent 

in-situ XRD study by Mörtlbauer et al. [212] has confirmed that the microstructure 

development of the Zn coating follows the Fe-Zn equilibrium diagram quite 

consistently. However, the formation of the intermetallic ζ-Zn-Fe phase with a 

narrow stability range was not observed during heating [212]. In Table 1, there is a 

summary of the typically occurring reactions and temperatures of the phases in 

question determined for the equilibrium condition of Fe-Zn [210] and for the 

22MnB5-Zn system studied with in-situ methods in [212]. 
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Table 1.  Zn-Fe reactions according to the binary Fe-Zn equilibrium diagram [210] and in-situ 
XRD measurements carried out for the 22MnB5-Zn system by Mörtlbauer et al. [212]. 
The estimated heating/cooling rate related error evaluated in [212] is expressed in 
parentheses. 

Reaction Zn (solid) → 
Zn (liquid)     
(melting of zinc) 

Zn (solid) → 
liquid + ζ-Zn-Fe 
(formation of      
ζ-Zn-Fe)   

δ-Zn-Fe → 
liquid + Γ-Zn-Fe   
(decomposition 
of δ-Zn-Fe) 

Γ-Zn-Fe + α-Fe(Zn) ↔ 
liquid + α-Fe(Zn)  

(decomposition/ 
precipitation of Γ-Zn-Fe) 

Fe-Zn 
equilibrium 

419 °C 530 °C 672 °C 782 °C 

22MnB5-Zn 
heating, 
average of two 
measurements 

401°C (±10 °C) 

 

Not observed 659 °C (±10 °C) 

 

756 °C (±5 °C) 

 

22MnB5-Zn 
cooling, 
average of two 
measurements 

Not observed due 
to Zn-Fe 
interdiffusion 

Not observed 
due to Zn-Fe 
interdiffusion 

Not observed 
due to Zn-Fe 
interdiffusion 

735 °C (±30 °C) 

 

In the binary Fe-Zn system (Figure 19a), the austenitic solid solution γ-Fe(Zn) phase 

may exist only above 900 ˚C. It is worth mentioning that the binary Fe-Zn 

equilibrium diagram assumes pure Fe instead of the actual composition of the steel. 

Janik et al. [213] have calculated a phase diagram for the 22MnB5-Zn system using 

FactSage® software. In this diagram, the phase region of γ-Fe(Zn) is significantly 

wider compared to the binary Fe-Zn system. Accordingly, the austenitic solid 

solution γ-Fe(Zn) may also be present in the lower parts of the coating at typical 

austenitization temperatures [213]. Thus, the role of steel composition requires more 

attention when developing 2nd generation zinc-coated PHS. 

The high-temperature phase development of Zn- and ZnFe-coated PHS has been 

a widely investigated topic [208; 209; 214-217]. The formation of liquid phases is one 

of the most dominant effects in the high-temperature phase development of HDG 

PHS. Even though the low Zn-Fe phases melt during the heating/annealing stage, 

the continuously increasing Fe content of the coating layer also leads to the re-

solidification of the coating and finally to the formation and gradual increase in the 

fraction of the α-Fe(Zn) phase. The fraction of α-Fe(Zn) starts increasing in the 

lower parts of the coating where the high Fe content is first attained. Simultaneously, 

the top layers of the coating remain at least partially liquid due to the higher 

remaining Zn content. [213; 218]. Consequently, heating up to the minimum 

austenitization temperature of 850 °C at a typical heating rate of 5-10 °C/s results in 

the mixture of liquid and α-Fe(Zn) [208; 212; 218]. The continuously occurring Fe 

enrichment increases the fraction of solid α-Fe(Zn) in the coating layer at the 
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expense of the amount of liquid. The die-quenching stage, accompanied by a fast 

cooling rate, solidifies the remaining Zn-rich liquid with a peritectic reaction: liquid 

+ α-Fe(Zn) → Γ-Zn-Fe [212]. In this reaction some portion of the α-Fe(Zn) phase 

also transforms to Γ-Zn-Fe, but the majority of α-Fe(Zn) is stabilized at room 

temperature [39].  

During the above-described stages, some Zn is eventually also oxidized on the 

surface to form a wavy and partially loose ZnO layer with a thickness of 1-3 µm [218; 

219]. In fact, the early oxidation of the surface of the coating results first in the 

formation of a thin Al2O3 film, which plays a key role in preventing the undesired 

vaporization of Zn and direct physical contact between the liquid phases and the 

furnace equipment during the early stages of the heating [208; 218]. Fe enrichment 

of the coating layer and resulting lamellar growth of intermetallic Zn-Fe phases 

causes the fragmentation of the Al2O3 film and finally the formation of ZnO islands 

when reaching a temperature between 700 and 800 °C [212]. The amount of ZnO 

increases during annealing and leads eventually to a continuous but wavy ZnO layer 

[37]. The easily oxidizing alloying elements of the steel, such as Mn and Cr, are also 

oxidized during annealing because the fragmentation of the Al2O3 films exposes the 

surface for further oxidation. Eventually, the oxide layer consists of the uppermost 

ZnO layer together with sublayers consisting of residuals of the Al2O3 film, and 

oxides of steel alloying elements and Zn [218]. The thickness of the oxide layer 

depends mainly on the annealing time and temperature, i.e. the austenitizing 

parameters, but is typically limited to a thickness of 3 µm [37; 220]. The uniform 

oxide layer forming in the air atmosphere is essential to prevent the vaporization of 

Zn from Zn-Fe intermetallics with low melting points. An oxide layer can also 

prevent direct contact between liquid phases and processing tools in the case of short 

annealing times [39; 221]. Experiments have shown that local vaporization of Zn can 

occur at temperatures higher than 905 °C, but the ZnO layer in practice prevents 

these issues [39; 178].  

Short annealing/furnace dwell times of approximately 3-5 minutes (180-300 s) 

result in a mixed coating structure: wavy ZnO layer on the top,  Γ-ZnFe phase in the 

upper regions and between the grains of α-Fe(Zn), and essentially α-Fe(Zn) on the 

lower parts of the coating [208; 213; 218; 219]. A completely solidified coating layer, 

consisting only of a solid α-Fe(Zn) phase, is attained with prolonged soaking times 

and can be facilitated by a smaller initial coating thickness [209; 213; 218; 222]. 
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Figure 20.  Resulting phase fractions of the press-hardened Zn coating after heating and annealing for 
different times at a furnace temperature of 880 °C [219]. 

The maximum Zn content of α-Fe(Zn) is around 33 wt% at 900 °C, although the 

solubility of Zn in ferrite increases with decreasing temperature (Figure 19a). 

Therefore, Zn content of the α-Fe(Zn) is in practice retained or slightly increasing 

when the steel is rapidly quenched in a die [39]. Chemical analysis has revealed that 

the Zn content of the α-Fe(Zn) phase decreases only slightly towards the 

coating/steel interface before attaining an equilibrium content of approximately 20 

wt% near the interface, i.e. the vertical gradient in the Zn content is not steep. In 

contrast, the Zn content drops sharply after reaching the α-Fe(Zn)/steel interface 

[220].  

The behaviour of Zn and ZnFe coatings is similar in many respects; however, 

there are two distinguishable differences. Firstly, the natural heating rate of a ZnFe 

coating is higher compared to a Zn coating, which is caused by the differences in the 

surface emissivity and energy required for natural melting of the coating [217; 223]. 

Secondly, the formation of solid α-Fe(Zn) is generally faster in a ZnFe coating than 

in a Zn coating [214; 215]. This is caused by the higher initial Fe content of the ZnFe 

coating. Consequently, the ZnFe coating is preferred in the industry. The 

development of the ZnFe coating during heating and annealing is presented 

schematically in Figure 21.  
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Figure 21.  Development of the ZnFe coating during heating and annealing stages of the direct press-
hardening process. Modified from [224]. 

The coating type (Zn or ZnFe), selected coating thickness, and annealing parameters 

determine the final properties as well as the hot forming behaviour of the zinc-coated 

PHS. The final Zn content and resulting galvanic corrosion protection capacity 

decreases constantly with increasing annealing time and temperature [220; 225]. It 

has been recently pointed out [226] that some Γ-Zn-Fe is required to attain desirable 

corrosion protection capacity. On the other hand, the coating layer thickness 

increases significantly during the thermal cycle of the HPF process [208; 209; 213; 

220], which may partially balance the loss in Zn content. Generally speaking, an 

initial coating thickness of around 10 µm develops to a thickness exceeding 20 µm 

due to the diffusion-driven growth mechanism [208; 220]. A final coating thickness 

of at least 20 µm is considered an acceptable limit for zinc-based coatings set by the 

car manufacturers [227]. Janik et al. [220] suggested that the increase in coating layer 

thickness is caused by Fe-Zn inter-diffusion, which facilitates the α-Fe(Zn) grain 

boundary migration towards steel, as also illustrated in Figure 21. Regarding this, the 

coating layer becomes thicker at the expense of the steel, i.e. the thickness of the 

coated steel sheet does not increase.  

2.3.2 Main challenges of hot-dip galvanized PHS 

A combination of two essential challenges affecting the press hardenability and 

quality of Zn- and ZnFe-coated PHS has been discussed in previous research works 

[35; 37; 178; 214; 216; 228]. The discussion has been focused on two types of cracks 
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that penetrate the steel substrate. These issues are characteristic of the direct press-

hardening process, whereas these cracks are largely avoided in the indirect process 

route [39]. Nevertheless, the direct process route is more appealing from the 

industrial perspective. 

The low melting (~419 °C) and vaporization temperatures (~908 °C) of pure Zn 

create a challenging starting point for the high-temperature heat treatments and hot 

forming of zinc-coated steels [35; 208]. In practice, it is the low melting point of Zn-

Fe intermetallic phases, Γ-Zn-Fe and δ-Zn-Fe, that solidify at approximately 765 and 

660 °C respectively during cooling [208], which generates the risk for liquid metal 

assisted cracking (LMAC). This phenomenon is also known as liquid metal induced 

embrittlement (LMIE) or liquid metal embrittlement (LME) in the literature. In hot 

forming, unacceptable macroscopic cracks as deep as 50–200 µm have been seen  

[216]. These cracks are typically encountered in the outer radius of the hot formed 

components, where high tensile stresses are present (Figure 22). To eliminate 

LME/LMAC, the presence of any liquid phases in hot deformation must be avoided 

[216; 229; 230]. It has been shown that the presence of Γ-Zn-Fe in the press-

hardened coating is evidence of the presence of liquid phases remaining after 

annealing. Due to Fe-Zn interdiffusion, the coating can be annealed properly for a 

long enough time to eliminate the presence of liquid, resulting in a single-phase 

coating consisting of α-Fe(Zn) [209]. Unfortunately, the galvanic protection capacity 

has to be compromised when eliminating the presence of Γ-Zn-Fe [226]. In addition, 

the time required to guarantee a single-phase solid coating is too long when using 

the initial coating thicknesses accepted by the OEMs. 

In addition to LMAC, hot deformation of HDG PHS may result in the formation 

other unacceptable surface defects penetrating the steel. These defects, termed 

generally micro-cracks, have also been described as intergranular (prior austenite 

grain boundaries) cracks that show no presence of Zn on the crack surfaces or crack 

tips [221]. Micro-cracks typically penetrate to a depth of around 10 µm in steel but 

can reach a depth of 50 µm in severe and non-optimal forming conditions [178]. The 

micro-cracks may exist despite the elimination of any liquid phases [228; 231]. 

However, the presence of liquid phases can promote more severe penetration of 

micro-cracks through the mechanism of liquid metal assisted micro-cracking [220; 

232].  

The mechanisms of pure micro-crack formation are still not thoroughly 

understood. Nevertheless, it has been discovered that micro-cracks originate in the 

areas where high friction forces and tensile stresses are combined, i.e. at the outer 

wall of the hot formed parts (Figure 22). Some car manufacturers can accept shallow 
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micro-cracks, penetrating not deeper than 10 µm into the steel [221; 227], since 

fatigue testing has implied that shallow micro-cracks are not risky in the application 

[231]. However, the practical control of the crack depth is extremely challenging, 

since the severity of cracking depends, for example, on the die geometry and friction 

stresses, which are case-dependent [35]. The lack of understanding of the 

mechanisms involved in micro-cracking has hindered the massive revolution of 

HDG PHS [207; 228]. 

 

Figure 22.  Description of the characteristic areas of hot formed components showing cracking. The 
top area of parts stays totally crack free due to lack of tensile stresses and friction forces. 
Modified from [231]. 

2.3.3 Liquid metal assisted cracking 

LME is a widely recognized embrittling phenomenon caused by the immediate loss 

of ductility when solid metal is subjected to tensile stresses and contact with liquid 

metal. During an instance of LME, the liquid metal penetrates into the grain 

boundaries of steel and crucially decreases the critical fracture stress by decreasing 

the grain boundary coherency – resulting in the fast propagation of cracks. LME 

cracks are typically intergranular by type. It has been shown that Γ-Zn-Fe is present 

in the surfaces of LME cracks after quenching, which is evidence of the presence of 

liquid during hot forming. LME requires a critical stress level, which explains why 

liquid metal assisted cracking (LMAC) does not occur in the indirect press hardening 

of zinc-coated PHS. [216] 

The latest understanding of the mechanism of LMAC in zinc-coated PHS was 

addressed in a comprehensive research study by Cho et al. [233]. Based on their 
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model (Figure 23), the direct contact between steel and liquid of the coating, 

combined with the shear stress of the surface, initiates a crack in a PAGB. Cho et al. 

[229] explained that austenite grain boundaries act as preferred diffusion paths for 

Zn atoms as the diffusion rate of the grain boundary is much higher compared to 

the bulk diffusion rate.  The crack surface, initially opened due to a combination of 

tensile stress and liquid-induced decohesion, allows the quick capillary penetration 

of liquid metal onto the surface of the grain boundary. The high Zn concentration 

of the liquid causes the strong and quick stabilization effect of ferrite, leading to the 

quick intergranular formation of α-Fe(Zn). Consequently, the grain boundaries are 

further weakened by the presence of a new solid phase. The formation of ferrite 

further accelerates the diffusion of Zn atoms, since the diffusion rate of Zn is faster 

in ferrite than in austenite. Correspondingly, the mechanisms of liquid metal assisted 

micro-cracking were explained by Lee et al. [232]. To distinguish their study from 

[233], the researchers focused on LME micro-cracks which are typically observed in 

the outer wall area of the hot press formed components that comprise both tensile 

stress and friction stresses. Again, the presence of Γ-Zn-Fe on the crack surfaces of 

the press-hardened samples confirmed the presence of liquid phases at the applied 

hot forming temperature of 750 °C. Both Lee et al. [232] and Choi et al. [233] 

proposed a similar LME cracking mechanism. 

 

 

Figure 23.  a) SEM image showing an LME crack; b) Elemental map showing the presence of Zn-rich 
phases on the surface of an LME crack; c) EBSD map with IPF colouring showing the 
presence of ferrite near an LME crack; d) Schematic illustration of the LMAC mechanism 
proposed by Cho et al. [233]. Modified from [233]. 
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It has been observed [209; 229] that using a ZnFe coating instead of Zn helps to 

avoid LMAC through the accelerated solidification of the coating. Also, a smaller 

initial coating weight reduces the required solidification time [228]. Nevertheless, the 

soaking time required to eliminate liquid phases is relatively long for typically used 

coating weights of at least 70/70 g/m2, thus reducing the productivity of industrial 

processes. Moreover, the decreasing Zn content of the single-phase α-Fe(Zn) 

coating decreases galvanic corrosion protection capacity and this fundamental target 

minimizes the applicable heat treatment process window. 

The above-described LMAC mechanisms [232; 233] suggest that in order to 

eliminate liquid phases, with the simultaneous target of retaining some Ί-Zn-Fe 

needed to optimize cathodic corrosion protection, forming in temperatures below 

750 °C is required. In this approach, the transfer time between furnace and hot 

forming is prolonged to solidify the liquid phases before the hot forming stage [39]. 

The beneficial effect of lower forming temperatures was first reported by 

Schwinghammer et al. [37]. However, passive/natural air-cooling to lower forming 

temperatures with a cooling rate of around 10 ˚C/s enables the formation of ferrite 

and bainite in 22MnB5 steel. Furthermore, as discussed earlier in Section 2.2.9, the 

hot plastic deformation of austenite promotes ferrite and bainite transformation 

[173; 176], which encourages the formation of soft secondary phases. As a result, 

complete hardening cannot be guaranteed with a modified process utilizing a 

standard 22MnB5 steel and passive air-cooling down to the required temperatures 

of 660 °C or so. To tackle this, Kurz et al. [169] have developed the idea of a 

modified hot forming process and showed that LMAC can be efficiently avoided 

with the aid of accelerated pre-cooling. Thereafter, the steel can be retained in a fully 

austenitic state down to the low hot forming temperatures of 550-500 ̊ C, after which 

the hot forming stage may be successfully performed. This process modification is 

said to guarantee the elimination of LMAC.  

2.3.4 Micro-cracking and proposed mechanisms 

Earlier studies [178; 213; 228] have indicated that so-called micro-cracking may occur 

regardless of the elimination of liquid Zn-rich phases. The penetration depth of 

micro-cracks is evidently connected with complex mechanical factors, combining 

tensile/surface shear stresses generated in the hot forming stage and high friction 

forces generated between the die and the sidewall of the coated steel [35; 207; 228; 

231]. According to Köyer et al. [231], the formation of micro-cracks is most 
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susceptible in certain locations on the outer wall of the drawn component, where the 

direction of the stress state changes from compression to tension during the forming 

stage. It has been observed that the number and depth of micro-cracks could be 

reduced by lubrication [35; 178; 228]. However, it is understood that conventional 

lubricants do not perform well above 300 °C [234]. In addition, favourable design 

such as a larger die radius can be utilized to decrease the depth of cracks [35; 228; 

231], but cannot obviously solve the problem completely. The amount of effective 

plastic strain has been recently connected with the micro-crack depth [235]. In any 

case, limiting the micro-crack depth to below a specific level is problematic due to 

the complex nature of micro-crack formation.  

According to Kim et al. [35], micro-cracks are inherited from the thermal cracks 

initiating inside the coating. These cracks in the coating form due to differences in 

the thermal expansion coefficients of Fe and Zn, and may act as notches for micro-

crack propagation. Drillet et al. [178] have suggested that the penetration depth of 

micro-cracks is connected to the sub-surface ferrite formation that occurs during hot 

deformation. However, in their study the role of ferrite on the micro-crack depth 

was not uncoupled from other contributing factors. In contrast, Kim et al. [35] have 

proposed that the crack propagation depth does not depend on the microstructure 

of the steel substrate. Therefore, the role of sub-surface ferrite formation and its 

promoting effect on the micro-crack depth has remained unclear. In addition, Kim 

et al. [35] suggested that the decreasing penetration depth of cracks at longer 

austenitization times could be related to stronger internal oxidation of the α-Fe(Zn) 

grain boundaries of the coating.  

In earlier studies focusing on micro-cracking [35; 37; 228], the authors have 

agreed that a high initial coating weight/thickness and short annealing time promote 

the formation of deeper micro-cracks. Correspondingly, a low coating thickness and 

prolonged annealing time decrease the micro-crack depth [213; 228], but  

unfortunately this conflicts with the cathodic corrosion protection targets.  The 

observed trends in the relationships between coating thicknesses, annealing times 

and crack depths may be connected to the amount of Zn in the coating and the 

coating/steel interface. The higher initial coating thickness is also related to the 

increased risk of LMAC since it is difficult to guarantee the total elimination of liquid 

phases due to natural variations in the coating thicknesses. To explain the above-

mentioned trends, Hensen et al. [228] and [36] have proposed that a mechanism 

called solid metal embrittlement (SME), caused by Zn, could explain the micro-

cracking of zinc-coated PHS. The researchers presented the first evidence of traces 
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of Zn on the substrate side, proposing that Zn diffuses to the austenite grain 

boundaries and acts there as an embrittling agent under external load. 

A little later, Janik et al. [213] focused more on the possible embrittling effects of 

solid-state Zn diffusion. They observed that a short annealing time (240 s at 900 °C) 

led to the formation of deeper V-shaped micro-cracks, whereas shallow blunt U-

shaped cracks with more even coating/steel interface were seen after prolonged 

annealing (600 s at 900 °C). The researchers proposed that deep V-shaped micro-

cracks are formed in cases when Zn-rich pockets of the coating coincide with the α-

Fe(Zn) grain boundaries, typically showing elevated Zn content, and austenite grain 

boundaries (Figure 24). Finally, Janik et al. [213] concluded that SME is active in 

cases where the mean Zn content and continuous supply of Zn atoms is high, 

resulting in the formation of V-shaped micro-cracks.  

 

 

Figure 24.  Micro-cracking mechanism of Zn-coated 22MnB5 proposed by Janik et al. [213]. Modified 
from [213]. 

In a broader context, the possible embrittling mechanisms caused by the presence 

of free Zn atoms or intermetallic Zn-Fe phases have been generally discussed in 

terms of solid metal embrittlement (SME) or alternatively solid metal induced 

embrittlement (SMIE) [236], or generally in terms of metal-induced embrittlement 
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(MIE), which comprises embrittlement effects in the liquid, solid or gas phase [237]. 

SME can be described as the embrittlement of ductile materials occurring under 

tensile stress in simultaneous contact with solid metals having a low melting 

temperature [238; 239]. According to Kamdar [236], LME and SME are very similar 

phenomena: both are stress- and temperature-dependent and require direct contact 

with embrittling species. Due to stress dependency, a certain threshold value of stress 

must be exceeded to trigger the crack propagation. The main difference to LME is 

that, in SME, the fracture occurs below the melting point of the embrittling agent 

(Tm), with a much lower propagation rate. Moreover, SME typically results in the 

formation of multiple cracks instead of one or a few macroscopic cracks [236]. 

The SME mechanism has been used to explain embrittlement in steels with solid 

coatings. Lynn et al. [238] observed SME in steels coated with Zn, Pb, Cd, Sn and 

In. They proposed that SME is a kind of extension to LME, occurring also in a solid 

state down to temperatures of approximately 3/4 Tm. Allegra et al. [240] observed 

the grain boundary embrittlement effect of Zn on the grain boundaries of 55% Al-

Zn coated ferritic steel after long annealing in the temperature range of 316-510 °C. 

Nowadays, it is understood [237] that SME may occur at temperatures as low as 1/2 

Tm, whereas the crack growth rate increases as a function of temperature, reaching 

the highest severity just below Tm [241]. The crack growth rate slows down as the 

crack propagates, since the distance to the embrittling source increases [237]. This 

means that crack propagation requires a constant supply of embrittling species to the 

crack tip.  

According to Gordon [239], the transport of the embrittling atoms towards the 

crack tip occurs by means of a surface self-diffusion mechanism. However, they 

noted that vapour transport may also be the mechanism in the case of high vapour 

pressure embrittlers, such as Zn and Cd. Also, Lynn [238] proposed multilayer 

surface self-diffusion as the most dominant transport mechanism of SME since the 

diffusion coefficients of other possible mechanisms, i.e. vacancy diffusion and grain 

boundary diffusion, are too low. Nowadays it is understood that the surface self-

diffusion and adsorption of embrittling atoms to the crack tip is the main mechanism 

of SME [242]. Adsorption is a process whereby a molecule/atom bonds to a surface. 

In SME, the embrittler atoms adsorb at the crack tip and reduce the stress required 

for tensile separation of the atoms (Figure 25). To prevent SME, the transport of the 

embrittler atoms must be prevented or fundamentally slowed down. In that sense, 

both decreasing temperature and stress state must play a key role in preventing SME 

in a zinc-coated PHS where the Zn content of the coating is a necessity. According 

to Lynch [237], oxidation can also slow down or prevent surface self-diffusion to the 
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crack tips, which supports the observations made by Kim et al. [35]. In another 

context, Bauer et al. [243] have reported that Zn is sufficiently mobile to preserve a 

constant chemical potential at the crack tip and act as an embrittler on the ferrite 

grain boundaries. Accordingly, the kinetic barriers for Zn diffusion, i.e. lower hot 

forming temperatures, should efficiently mitigate the embrittling effect of Zn.  

 

 

Figure 25.  Proposed mechanism of solid-metal embrittlement (SME) facilitated by the surface self-
diffusion and adsorption of embrittling atoms towards the propagating crack tip under 
external stress σ. Adsorption of Zn atom (A) decreases the cohesion of atoms T1 and T2, 
thus breaking the T1-T2 bonds and facilitating crack propagation. [242] 

2.3.5 Geometrical and tribological considerations 

As noted above, the penetration depth of the micro-cracks depends on the die 

geometry [35; 207; 228; 231] and friction forces [35; 178; 228]. For example, 

according to Köyer et al. [231], the sheet thickness, radius of the forming tool and 

sidewall angle of the die all have a significant effect on the plastic strain and resulting 

crack depth. Choi et al. [235] have showed that reduced effective strain leads to a 

significant decrease in the depth of micro-cracks. These factors may be connected 

to the aforementioned stress dependency of SME/MIE mechanisms. Nevertheless, 

the large amount of interplaying parameters affecting the stress state of the material 

during hot forming makes the comparison of the separate studies and their results 

very challenging. 
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In order to minimize the micro-crack penetration depth, the tribological 

behaviour must also be addressed and optimized whenever possible. Ghiotti et al. 

[244] have observed that the surface roughness of Zn-coated PHS increases as a 

result of the characteristic coating structure development that occurs during the 

heating and austenitizing stages of the press-hardening process. Pelcastre et al. [245] 

have reported temperature-dependent frictional behaviour in Zn-coated PHS at 700-

400 °C. They noted that lower friction coefficients were attained at higher forming 

temperatures of 700-600 °C. It was pointed out that the oxide layer is removed in  

high-temperature sliding contact, and thus the phase structure of the coating itself 

controls the frictional behaviour. These results indicate that the selection of the 

initial coating thickness would affect the friction forces. Kurz et al. [92] have 

presented dissimilar friction coefficients for different tool steel and ZnFe-coating 

combinations, thus highlighting the necessity of optimizing the tribological material 

pairs. They observed that a higher initial coating thickness, i.e. 90/90 g/m2 instead 

of 70/70 g/m2, decreased the friction coefficient, which without more detailed 

discussion can be evaluated as being connected to the differences in the phase 

structures of the annealed coatings and oxide layer properties.  

According to Venema et al. [204], the forming properties of annealed Zn coatings 

are very robust in the studied temperature range of 740-440 °C. In addition, Belanger 

et al. [221] have pointed out that low hot forming temperatures below 600 °C actually 

improve the formability of ZnFe-coated PHS, meaning that more complex parts can 

be manufactured using zinc-coated PHS. However, AlSi coating is very brittle at low 

forming temperatures, thus limiting the usability of AlSi-coated PHS in modified 

process routes [204]. 
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3 EXPERIMENTAL METHODS 

3.1 Materials 

The test materials of the present thesis work comprised both uncoated and hot-dip 

galvanized, i.e. Zn- and ZnFe-coated PHS. The studies addressing the 

microstructure-property relationships of PHS were carried out for both commercial 

22MnB5, 30MnB5 and 34MnB5 steels [Publications I, II] as well as laboratory 

manufactured 34MnB5-based steels [Publication III]. These new 34MnB5-based 

steels with Ti and/or V micro-alloying were designed to support the development 

of 2nd generation press-hardening steels, reaching a tensile strength of up to 2000 

MPa. The characteristic behaviour of hot-dip galvanized PHS was addressed by 

studying industrially manufactured Zn- and ZnFe-coated 22MnB5 and 34MnB5 

steels [Publications IV, V], together with a 22MnMoB8 steel designed during this 

thesis work [Publication VI]. The essential information on the studied steels and 

their chemical compositions is summarized in Table 2 and Table 3.
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3.2 Press-hardening experiments 

In this thesis, the industrial press-hardening process was simulated using laboratory-

built press-hardening equipment. In all of the experiments, steel sheet samples at 

thicknesses between 1.1 and 2.3 mm (Table 2) were austenitized in an electric 

chamber furnace at ambient atmosphere. The indicated austenitization or annealing 

times refer to the total time in the furnace (=furnace time), i.e. including both heating 

to a pre-defined target temperature and subsequent soaking. In the routine 

experiments, an automatic, pneumatically operated transfer system was used to 

transfer the hot samples from the furnace to a water-cooled pressing tool, after 

which the pressing cycle was started automatically. The pressing stage was carried 

out using an MTS TestStar 810, a servo hydraulic materials testing machine with a 

load cell capacity of 100 kN. The full automatization of the transfer and pressing 

system enabled excellent reproducibility in the experiments. The specimen 

temperature was monitored using spot-welded K-type thermocouples connected to 

the testing machine through an external voltage amplifier. This allowed to obtain 

fully synchronized records of the press displacement (machine actuator), pressing 

force and specimen temperature. 

3.2.1 Flat-die experiments 

So-called flat-die press-hardening experiments, without deformation, were carried 

out using a water-cooled die consisting of two parallel steel blocks (width 120 mm, 

length 120 mm and thickness 30 mm). The flat-die experiments were primarily 

designed to analyse the development of the coating structures [Publications IV, V] 

and to study the microstructure-property relationships of different PHS grades 

[Publications I, II, III]. The experiments were conducted using a variable sample size 

depending on the availability of sample material and the desired heating rate, i.e. a 

smaller sample size increased the natural heating rate in the furnace. The sample sizes 

used were as follows (sheet thickness in accordance with Table 2): 110 x 100 mm 

and 55 x 50 mm [Publication I and II], 100 x 60 mm [Publication III] and 110 x 100 

mm [Publications IV, V, VI]. 

The annealing times and temperatures were defined on the basis of the studied 

phenomena. In the studies addressing the microstructure-property relationships of 



 

78 

steels [Publications I, II], a constant pre-set furnace temperature of 900 °C was used 

and only short, i.e. 180 s, and long, i.e. 450 s, annealing times were examined. In 

Publication III, a constant furnace temperature of 900 °C with two austenitization 

cycles designated as Ac3 + 60 s (~ 3 min) and Ac3 + 180 s (~ 5 min), were examined 

based on the time required to reach the austenite transformation temperature (Ac3) 

of each steel. The development of the coating structure [Publication IV] was studied 

by varying both the temperature (880, 900, 920 °C) and time between 200 and 560 

s, together with variable ZnFe-coating weights of 40/40 g/m2, 50/50 g/m2, 70/70 

g/m2 and 80/80 g/m2. In [Publication V], the furnace temperature was varied 

between 870 °C, 900 °C and 930 °C, whereas the examined annealing times were 

between 170 s and 450 s. Examples of the heat treatment curves recorded for 

different sample materials are shown in Figure 26. The heating rate variation seen 

for example in Figure 26b and 26c, is mainly caused by the thickness and surface 

emissivity differences between the sample materials (Zn, ZnFe, uncoated). 

  

 

Figure 26.  Example heat treatment curves of different sample materials. a) For samples in the size of 
55 mm x 100 mm x sheet thickness, studied in [Publications I and II]. b) For samples in the 
size of 110 mm x 100 mm x sheet thickness, studied in [Publications I and II]. c) For 
samples in the size of 110 x 100 mm x sheet thickness studied in [Publications IV, V, VI]. 
d) Heating curves for the samples in the size of 110 x 100 mm x sheet thickness with a 
pre-set temperature of 870, 900 and 930 °C [Publication V].  
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The die-quenching stage was carried out similarly in all of the flat-die experiments. 

The austenitized samples were transferred to the die within 3 s and subsequently 

quenched using a constant pressing force of 30 kN. The pressure was maintained 

for 30 s, allowing the sample to cool down to below 100 °C. An appropriate sample 

cooling rate (at least 80 °C/s) was ensured and a predominantly martensitic 

microstructure of steel was obtained in cases where full austenitization of steel was 

attained.  

3.2.2 Hot press forming experiments 

Hot press forming (HPF) experiments were conducted using a water-cooled hat-

profiled forming tool with a gas-nitrided surface. The die geometry used is shown in 

Figure 27. The hot press forming was carried out without plank holding forces, i.e. 

the forming mode was so-called crush forming instead of draw forming, as described 

for example in [246].  

 

Figure 27.  a) Experimental press-hardening equipment consisting of a chamber furnace, water-
cooled forming die and automated sample transfer mechanism. b) Die geometry of the 
hat-profiled forming die. c) Location of thermocouple in a sample and method used to 
attach the sample to the automatic transfer system. [Publication VI] 
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The HPF experiments were conducted only for coated samples of 110 x 100 x 1.5 

mm in size. In the preliminary hot forming experiments of ZnFe-coated 22MnB5 

[Publication IV], furnace temperatures of 880, 900 and 920 °C and annealing times 

between 120 and 600 s were examined. These tests were eventually only used to 

evaluate the feasibility of the designed press-hardening equipment. The actual HPF 

experiments [Publication VI] were conducted on two ZnFe-coated steels of 22MnB5 

and 22MnMoB8 using two different procedures. So-called immediate hot press 

forming (IHPF) experiments were carried out similarly to the preliminary HPF 

experiments, with a constant transfer time of approximately 3 s, resulting in the 

forming start temperature of approximately 850-800 °C. With this procedure, 

annealing times of 180, 290, 450, 600 and 900 s were examined at 900 °C, resulting 

in different coating structures. The other type of experiments, designated as delayed 

hot press forming (DHPF) experiments, utilized the passive air cooling of the 

samples to control the hot forming start temperature. Several hot forming start 

temperatures of 750, 700, 650, 600, 550 and 520 ̊ C were examined to study the effect 

of the steel microstructure on micro-cracking. In the DHPF tests, only two annealing 

times, 180 s and 450 s, were examined using the following procedure. Firstly, the 

complete temperature data of the passive air-cooling was measured for both steels 

and annealing times from the middle point of the sheet to target the initial hot 

forming temperatures in the actual experiments (Figure 28b). After that, the required 

air-cooling time to attain the desired hot forming temperature for the actual 

experiments was determined. For validation, an infra-red (IR) thermal camera, 

Telops FAST-IR 2K, was used to evaluate the temperature uniformity of the sample 

during the passive air-cooling stage.  

In all HPF experiments, the forming speed was set to a value of 40 mm/s, 

meaning that the bottom end was reached within 1 s from triggering. The maximum 

pressing force peak of 80–90 kN was recorded as the die was closed. After that, the 

pressing stage was continued with a target force of 70 kN for 30 s, allowing the 

samples to cool down quickly to below room temperature (Figure 28a). As a default, 

the HPF experiments were carried out dry, i.e. without any lubricant on the sample 

or die surface. However, selected DHPF tests (Publication VI) were carried out on 

a lubricated die. In those tests, MoS2 grease (MOLYKOTE®) was used as lubricant.  
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Figure 28.  a) Example data recorded from an IHPF experiment. b) Air-cooling curves of the DHPF 
experiments. [Publication VI] 

3.3 Bake-hardening heat treatments 

In the studies addressing the effect of paint baking treatment [Publications II, III] 

the press-hardened samples were subsequently heat treated in an oven in accordance 

with EN 10325-2006.  The BH procedure consisted only of a simple heat treatment, 

namely 170 °C for 20 min, after which the samples were cooled in the air to room 

temperature. The temperature of the samples was monitored with attached K-type 

thermocouples.  

3.4 Metallographic analysis 

Metallographic analysis was mainly carried out using polished and etched samples. 

The samples of Zn- and ZnFe-coated steels were ground, polished and etched for 

around 5 s using Nital 2 % solution. The etching procedure used resulted in relatively 

strong etching of the coating and simultaneously mild or moderate etching of the 

steel substrate, depending on the Zn content of the coating. This etching procedure 

was chosen to study both the coating and steel using the same samples. In some 

cases, the Zn-rich phases with high reactivity dissolved strongly, thus not providing 

the best etching result for coating characterization. In selected cases, the samples 

were studied without etching. The samples used in the metallographic studies on the 

steels, without focus on the coating, were etched using Nital 4% solution for 5-10 s.  
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The microstructures were routinely analysed using a Nikon Eclipse MA 100 

optical microscope. The microhardness values (Vickers 0.5 kg) were measured using 

a Matsuzawa MMT-X7 digital hardness tester. Metallographic studies supplemented 

by elemental analysis were carried out with Jeol 6100 and Philips XL-30 scanning 

electron microscopes (SEM), equipped with an energy dispersive X-ray spectrometer 

(EDS). The Philips XL30 SEM was also equipped with an Anton Paar μ-Indenter 5 

(Vickers 5 g), which was employed to evaluate the micro-mechanical properties of 

the phase constituents. 

The ultra-high-resolution metallographic analysis was conducted by using a Zeiss 

Ultra Plus field emission gun scanning electron microscope (FEG-SEM) equipped 

with an EDS INCAx-act silicon-drift detector, Oxford Instruments. ImageJ image 

analysis software was used to threshold SEM images in the particle/inclusion area 

fraction analysis. The FEG-SEM was also fitted with an HKL Premium-F Channel 

EBSD system with a Nordlys F400 detector that was used in crystallographic analysis 

and subsequent PAGS determination. The cross-sectional samples used in the EBSD 

measurements were final polished using a colloidal silica suspension (0.04 um).  

In the special coating/steel interface analysis, a high-resolution (scanning) 

transmission electron microscope (HR-TEM (S)) JEOL 2200FS was used for 

analysing phases and micro-constituents. The microscope was equipped with two 

aberration correctors (CEOS GmbH) for high-resolution imaging and an EDS 

detector (Jeol Si (Li)) for elemental analysis. The TEM samples used in coating/steel 

interface analysis were manufactured using a FEI Helios Nanolab 600 DualBeam 

system using standard focused ion beam (FIB) TEM preparation techniques. The 

analysis of nano-sized precipitates was conducted using a TEM JEOL* JEM-2010 

equipped with a Noran Vantage Si(Li) (Thermo Scientific) EDS detector. The TEM 

samples used in the precipitation analysis were prepared using the extraction replica 

technique. EDS point measurements and selected area electron diffraction (SAED) 

patterns were used to determine the compositions and structures of the selected 

precipitates.  

3.4.1 Crack analysis 

Crack analysis of the coated HPF samples was carried out using a Nikon Eclipse MA 

100 optical microscope supplemented with a SEM Philips XL-30. The crack depths, 

defined as the distance between the coating/steel interface and crack tip, were 

measured from the upper radius and outer wall regions of the hat-profiled samples 
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from optical micrographs (Figure 29). Measuring the depth of each crack that 

penetrated the steel enabled the analysis of the crack profiles from the outer wall 

regions of the hat profiles. 

 

Figure 29.  a) Characterized areas of the hat-profiled hot press formed samples: upper outer radius 
and outer wall. b) Schematic drawing showing the direction of crack analysis carried out 
for the outer wall region. c) Optical micrograph observed from the outer wall region 
explaining the principles used in the crack analysis. [Publication VI] 

3.5 Supplementary phase analysis 

In addition to metallographic analysis, X-ray diffraction (XRD) analysis with Cu Kα-

radiation (20°–2θ–75°, step size 0.0260°, 40 kV, 45 mA) using a Panalytical 

Empyrean X-ray diffractometer was conducted. The measurements were carried out 

on the surface plane of the samples with a 2θ scan axis and an incident angle of 15°. 

3.6 Elemental depth profile analysis 

A GDA750 glow discharge optical emission spectroscope (GDOES) (Spectruma 

Analytik GmbH) was used to measure elemental depth profiles from as-received and 
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press-hardened samples. The measurements were performed in DC mode with a 

voltage of 700 V at a constant current of 20 mA. The sputtering time was determined 

so that the appropriate measuring depth was attained. The sputtering area was 4 mm 

in diameter and duplicate measurements were carried out for each sample. 

3.7 Mechanical testing 

Quasistatic tensile testing at a strain rate of 5 x 10-4s-1 was carried out using an Instron 

8800 servo hydraulic material testing machine with a 50 kN Instron load cell. An 

extensometer with a 6 mm gauge length was used to measure the elongation of the 

specimen gauge length.  

High strain rate testing at an average strain rate of 400 s-1 was carried out using 

the Tensile Split Hopkinson Bar (TSHB) apparatus at the Laboratory of Materials 

Science of Tampere University. The test setup was essentially the same as described 

in [247; 248]. The tensile test specimen, used in both quasistatic and high strain rate 

testing, had a measuring gauge dimensioned to 8 mm x 2 mm x sheet thickness. To 

prevent thermal effects, the specimens were cut using water jet cutting. 

Three-point bending tests were conducted following the specifications of VDA 

100-238 using the MTS TestStar 810 servo hydraulic material testing machine. A 

bending fixture with low-friction support rolls (30 mm diameter) and punch radius 

of 0.4 mm was used. A speed of 20 mm/min was used in the bending tests. The 

bending angle at maximum force Fmax, designated hereinafter as αFmax, was calculated 

based on the geometry of the test setup and measured force vs displacement data, as 

specifically described in the VDA 100-238 standard. 

3.8 Thermodynamic simulations and calculations 

JMatPro® (version 10.2) thermodynamic calculation software was used to calculate 

the CCT (Continuous-Cooling-Transformation) and TTT (Time-Temperature 

Transformation) diagrams [Publication VI]. Thermo-Calc® thermodynamic 

calculation software with the TCFE9 database was utilized to analyse the effect of C 

content on the Fe-Zn phase equilibrium [Publication V]. 
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4 RESULTS AND DISCUSSION 

4.1 Effect of pre-processing  

Press hardening can be considered as a post-processing stage carried out with certain 

parameters on the OEM side, i.e. outside of the actual steel manufacturing. Hence, 

the possibilities to control the final properties of the steel in the press-hardening 

process itself are restricted. On the other hand, any disruptions in serial production 

require robustness in a steel/material to avoid unnecessary scrap. Simultaneously, 

the productivity of the process can be maximized by minimizing the austenitization 

time, i.e. the dwell time spent in the furnace. Moreover, the coatings set more 

requirements for the process window: for example hot-dip galvanized PHS are 

typically austenitized at 900 °C. To adapt the steel grade to the above-described 

requirements, a possibility to control the final properties by adjusting the initial 

microstructure of the steel was studied in [Publication I].  The examined 

austenitization cycles of 180 s/900 °C and 450 s/900 °C were chosen from the point 

of view of manufacturing zinc-coated PHS. With a constant reduction in cold rolling, 

annealing was used to control the recrystallization state together with the 

morphology and distribution of ferrite and pearlite in the initial microstructure of 

the steel. Four 22MnB5 grades were studied that had dissimilar initial 

microstructures, presented in [Publication I], as well as marginal differences in their 

chemistries (Table 2 and Table 3). 

The metallographic characterization of the press-hardened 22MnB5 samples 

revealed that the transformed martensites of fully recrystallized (CA2) and batch-

annealed grade (BA) exhibited finer morphologies compared to the cold-rolled/full 

hard (FH) and partially recrystallized (CA1) steel grades (Figure 30). This observation 

was supported by the mechanical properties, even though the highest strenght and 

hardness of BA (Table 4) can be also explained with the highest carbon content of 

0.25 wt%. In addition, auto-tempering of martensite was observed in all of the steels, 

suggesting that it is characteristic of die-quenching conditions and a relatively low 

cooling rate below the Ms explains the hardness difference from water-quenched 

steels, analysed for example in [189]. 
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Figure 30.  Optical micrographs and mean microhardness values (HV 0.5 kg) of the press-hardened 
22MnB5 steels austenitized for 450 s at 900 °C [Publication I]. 

The stress vs. strain behaviour (Figure 31) do not reveal significant differences in the 

strength of the steels austenitized for 180 and 450 s at 900 °C. The surprisingly low 

post uniform elongation (PUE) of the BA (Figure 31a) is explained by the presence 

of untransformed ferrite and cementite in the microstructure as the spheroidized 

structure delays complete austenitization; this is discussed in more detail in 

[Publications I and II]. It has also been reported elsewhere [249] that undissolved 

ferrite and cementite decrease the toughness of PHS and should be thus avoided.  A 

similar type of strain localization to soft ferrite does not seem occur at a high strain 

rate (Figure 31d) but is manifested in the lower tensile strength value. The results 

revealed close to zero strain rate sensitivity between the strain rates of 5 x 10-4s-1 and 

400 s-1 for the essentially martensitic PHS of 22MnB5 type. Thus, the high strain rate 

behaviour of PHS was not investigated further in the present thesis. 
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Figure 31.  Representative engineering stress vs. strain curves at a quasistatic strain rate of  
5 x 10-4s-1 for press-hardened 22MnB5 samples: a) austenitized for 450 s at 900 °C; b) 
austenitized for 180 s at 900 °C. Stress vs. strain curves at a high strain rate of ~ 400 s-1; 
a) austenitized for 450 s at 900 °C; b) austenitized for 180 s at 900 °C. Modified from 
[Publication I]. 

A comparison of the mechanical properties and PAGS (Table 4) indicates that the 

initial microstructure, i.e. pre-processing of the 22MnB5 is one way to control final 

properties and to improve the robustness of PHS. Accordingly, fully-recrystallized 

CA2 (0.23 wt% C) shows finer PAGS, and consistently higher strength and hardness 

values compared to FH (0.24 wt% C) and CA1 (0.23 wt% C). The slightly higher 

uniform elongation (Ag) values measured for FH and BA can be explained by the 

slightly higher C% of these steels. As explained by Hutchinson et al. [82], martensitic 

steels with higher C content exhibit a larger Ag because they contain more 

microstructural components that are able to remain longer in elastic state, which 

prevents the onset of instability in tensile loading. On the other hand, a finer PAGS 

was not seen to increase the elongation values, thus supporting the earlier 

observations that conventional tensile testing cannot be used as such to assess 
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ductility with the high required confidence [90]. However, this was not the expected 

outcome of this study as the focus was on the relationships between microstructure 

and strength. 

Table 4.  Mechanical properties (quasistatic strain rate), PAGS and microhardness values of 
investigated 22MnB5 grades. LM=mean linear intercept length. Modified from 
[Publication I]. 

 180 s/900 °C 

Material C% Rp (MPa) Rm (MPa) Rp0.2/Rm Ag % 
PAGS, 

LM 
(µm) 

HV 0.5 kg 

FH 0.24 1112 ± 9 1546 ± 3 0.72 4.6 ± 0.0 6.4 490 ± 18 

CA1 0.23 1132 ± 9 1570 ± 24 0.72 4.3 ± 0.2 7.9 490 ± 19 

CA2 0.23 1150 ± 2 1594 ± 6 0.72 4.4 ± 0.2 5.0 498 ± 11 

BA 0.25 1127 ± 12 1606 ± 11 0.70 4.8 ± 0.0 4.9 504 ± 15 

 450 s/900 °C 

Material C% Rp (MPa) Rm (MPa) Rp0.2/Rm Ag (%) 
PAGS, 

LM 
(µm) 

HV 0.5 kg 

FH 0.24 1127 ± 18 1561 ± 18 0.72 5.0 ± 0.2 9.3 482 ± 6 

CA1 0.23 1115 ± 28 1549 ± 31 0.72 4.5 ± 0.1 11.5 487 ± 3 

CA2 0.23 1161 ± 21 1613 ± 35 0.72 4.3 ± 0.3 6.1 494 ± 8 

BA 0.25 1168 ± 20 1651 ± 19 0.71 5.4 ± 0.1 4.9 517 ± 8 

The relationships between initial microstructure and the resulting PAGS can be 

visualized using EBSD grain boundary maps, by superimposing the PAGBs on a 

EBSD band contrast image (Figure 32). Even though the measured PAGS were 

relatively fine for all the studied steels, the cold-rolled (FH) and partially 

recrystallized microstructure (CA1) resulted in a larger PAGS and had a stronger 

tendency for grain growth during the longer soaking time at 900 °C (Table 4). In 

contrast, the fully recrystallized (CA2) and batch-annealed (BA) microstructure 

showed very marginal grain growth, indicating better robustness in industrial 

processing. It is, however, worth noting that even with a longer dwell time of 450 s, 

the time spent at the target temperature of 900 °C was only 180-200 s (Figure 26). 

The differences in the PAGS of the 22MnB5 grades studied can be explained by 

observing the distribution of pearlite/cementite in the matrix. In a fully recrystallized 

structure, ferrite grain boundaries are uniformly decorated with pearlite/cementite 

(Figure 32c). In addition, pearlite/cementite exists even in the grain interiors, 

whereas in the cold-rolled (FH) and partially recrystallized structure (CA1), the 

pearlite colonies are more randomly and sparsely distributed (Figure 32a). Hence, 
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the recrystallized structure CA2 contains a higher density of nucleation sites for 

austenite, while the uniform distribution of pearlite/cementite results in equiaxed 

austenite grains with a small driving force for grain growth at the studied annealing 

temperature of 900 °C. This interpretation is supported by the findings of Azizi-

Alizamini et al. [250], who observed that austenite formation starts with the 

cementite particles located on the grain boundaries of ferrite. Based on this, austenite 

nucleation favours cementite particles, whereas the dislocations stored in cold 

rolling, such as the dislocations existing in the initial microstructure of FH, can 

provide nucleation sites mainly for the recrystallization of ferrite. To conclude, the 

density of the resulting austenite nuclei is smaller in FH and CA1. Furthermore, it 

seems that austenite grains can grow more easily during soaking at 900 °C, resulting 

in a larger PAGS on average.  

 

 

Figure 32.  FEG-SEM images showing the initial microstructure of a) FH; c) CA2. Parent austenite 
grain boundary maps for b) FH; d) CA2 after austenitizing for 450 s at 900 °C. The 
magnification and sample sectioning used is the same for both images. Modified from 
[Publication I]. 
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Considering the general targets to minimize austenitization time and robustness in 

the case of unintentionally prolonged austenitization cycles, it can be concluded that 

the fully recrystallized microstructure with a uniform distribution of 

pearlite/cementite in the ferritic matrix (CA2) results in the best combination of 

properties in the press-hardened condition. It is assumed that a refined PAGS has a 

positive effect on the crash properties, as shown in the literature [111; 143; 200]. 

Thus, the initial microstructure can be used to fine-tune the mechanical properties 

and improve the robustness of the material.  

4.2 Effect of paint baking 

Car body components are painted as part of their manufacturing, and thus the effect 

of paint baking heat treatment (170 °C/20 min) must be understood in order to 

optimize the mechanical behaviour of PHS. The effect of paint baking, i.e. the bake-

hardening (BH) behaviour of the same 22MnB5 steels investigated earlier in 

[Publication I], was addressed in [Publication II]. In addition, a 30MnB5 and a 

34MnB5 grade (Table 2 and 3) were studied in [Publication II] to understand the 

role of C content in BH behaviour.  

The results of the quasistatic tensile tests (Table 5) showed an increasing trend in 

Rp0.2 but a clearly decreasing trend in Rm after the BH treatment. The studied steels, 

22MnB5, 30MnB5 and 34MnB5, exhibited an increase in Rp0.2 of 80-150 MPa, 80-

140 MPa and 150-160 MPa, respectively. Correspondingly, the measured decreases 

in Rm for 22MnB5, 30MnB5 and 34MnB5 were 30-70 MPa, 60-120 MPa and 140-

150 MPa, respectively. Thus, it can be concluded that a higher C content of steel 

results in a larger baking-induced decrease in Rm, i.e. softening of the martensitic 

matrix. Accordingly, a term bake-softening could be used instead of bake-hardening. 

BH treatment caused a minor decrease (around 0.5 % on average) in the Ag, which 

may be connected to the baking-induced precipitation of fine iron-based carbides 

and simultaneous relaxation of residual stresses. As explained earlier by Hutchinson 

et al. [82], the characteristic presence of small-scale, Type II residual stresses in the 

as-quenched martensite and their relaxation during  low-temperature tempering 

reduces the strain that is required to attain instability in a tensile test. Accordingly, 

the Ag values of PHS decrease in BH treatment.  

A correlation between the PAGS (Table 5, Figure 33) and the effect of BH, in 

terms of Rp0.2, was observed: the shorter austenitization cycle of 180 s/900 °C with 

a smaller PAGS showed a slightly larger (around 30 MPa on average) BH effect 
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compared to 450 s/900 °C. The observed trend can be explained by the shorter 

mean free distance of dislocation motion. In the lath martensitic microstructure, this 

property is controlled by the PAGS and resulting density of HAGBs, i.e. the packet 

and block boundaries of martensite, as well as by fine iron-based carbides since their 

density, especially in the lath interiors, generally increases in BH treatment. 

Accordingly, the smaller PAGS makes dislocation motion more difficult by 

increasing the dislocation density of martensite [251]. The presence of additional fine 

carbides, such as the nano-sized (Nb, Ti)C observed in 3-CA1 (Table 5), can also 

contribute to the interactions and dislocation glide distances as discussed above. 

However, the behaviour of 34MnB5 grade (3-CA1) was somewhat exceptional, 

showing an almost constant increase in Rp0.2 of around 150-160 MPa for both 

austenitization times, and a smaller decrease in Ag compared to the other studied 

steels.  
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Table 5.  Properties of the studied steels in press-hardened (PH) and additionally bake- 
hardened (PH+BH) conditions. Microhardness (HV 0.5 kg) was measured only for the 
samples in the PH condition. LM=mean linear intercept length, TD=transverse 
direction, RD=longitudinal direction, i.e. rolling direction. *Value differs from the original 
publication, i.e. a printing error was found. Modified from [Publication II]. 

 180 s/900 °C – PH 180 s/900 °C – PH + BH 

Steel Rp0.2  
(MPa) 

Rm 
(MPa) Ag (%) HV 

0.5 kg 
Rp0.2  

(MPa) 
Rm 

(MPa) Ag (%) 

PAGS, 
LM 

(µm-
TD) 

PAGS, 
LM 

(µm-
RD) 

1-FH 1112 
± 9 

 1546 
± 3 

4.6 ± 
0.0 

490 ± 
18 

 1240 
± 5 

 1514 
± 3 

4.1 ± 
0.2 

6.3 ± 
0.9 

6.4 ± 
0.7 

1-CA1 1132 
± 9 

 1570 
± 24 

4.3 ± 
0.2 

490 ± 
19 

 1240 
± 8 

1517 
± 8 

4.1 ± 
0.2 

7.3 ± 
0.9 

7.9 ± 
1.1 

1-CA2 1150 
± 2 

 1594 
± 6 

4.4 ± 
0.2 

498 ± 
11 

1296 
± 3 

 1553 
± 6 

4.0 ± 
0.1 

5.3 ± 
0.4 

5.0 ± 
0.5 

1-BA 1127 
± 12 

1606 
± 11 

4.8 ± 
0.0 

504 ± 
15 

 1270 
± 11 

1539 
± 19 

4.6 ± 
0.3 

5.3 ± 
0.4 

4.9 ± 
0.6 

2-DQ 1284 
± 29 

 1811 
± 35 

5.0 ± 
0.2 

544 ± 
11 

1419 
± 40 

1752 
± 34 

4.9 ± 
0.5 

5.8 ± 
0.5 

6.1 ± 
0.5 

3-CA3  1432 
± 10 

 2076 
± 2 

5.4 ± 
0.6 

643 ± 
14 

1575 
± 4 

 1926 
± 0 

5.6 ± 
0.1 

4.6 ± 
0.4 

4.2 ± 
0.4 

 450 s/900 °C – PH 450 s/900 °C – PH + BH 

Steel Rp0.2 
(MPa) 

Rm 
(MPa) Ag (%) HV 

0.5 kg 
Rp0.2  

(MPa) 
Rm 

(MPa) Ag (%) 

PAGS, 
LM 

(µm-
TD) 

PAGS, 
LM 

(µm-
RD) 

1-FH  1127 
± 18  

1561 
± 18 

5.0 ± 
0.2 

482 ± 
6 

1235 
± 25 

1529 
± 21 

4.4 ± 
0.1 

7.5 ± 
1.2 

9.4 ± 
1.3 

1-CA1 1115 
± 28 

 1549 
± 31 

4.5 ± 
0.1 

487 ± 
3 

 1203 
±20 

1487 
± 23 

4.0 ± 
0.3 

9.1 ± 
1.5 

11.5 ± 
3.1 

1-CA2 1161 
± 21 

 1613 
± 35 

4.3 ± 
0.3 

494 ± 
8 

 1279 
± 24 

 1542 
± 13 

3.8 ± 
0.1 

5.7 ± 
0.7 

6.1 ± 
0.8 

1-BA 1168 
± 20 

 1651 
± 19 

5.4 ± 
0.1 

517 ± 
8 

1287 
± 20 

 1595* 
± 6  

4.9 ± 
0.5 

4.6 ± 
0.6 

4.9 ± 
0.8 

2-DQ  1257 
± 25 

 1806 
± 33 

4.8 ± 
0.2 

536 ± 
6 

 1341 
± 19 

1692 
± 19 

4.1 ± 
0.3 

10.4 ± 
1.8 

11.6 ± 
2.7 

3-CA3  1407 
± 21 

 2094 
± 34 

5.3 ± 
0.0 

638 ± 
10 

1568 
± 16 

 1951 
± 16 

5.0 ± 
0.2 

7.6 ± 
1.1 

5.9 ± 
0.8 
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Figure 33.  PAGB maps viewed transverse to rolling direction (TD) for the studied 22MnB5 grades 
austenitized for 180 and 450 s at 900 °C. PAGB are superimposed as black lines on the 
EBSD band contrast images. The scale bar is 50 µm in all images. [Publication II] 

More interestingly, baking clearly resulted in improved post-uniform elongation 

(PUE) for the studied 34MnB5 steel (3-CA3). This steel showed very limited ductility 

in terms of PUE and quasi-cleavage fracture mode in the PH condition (Figure 34c). 

As proposed by Leslie and Sober [252], the rearrangement of carbon atoms and 
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effects on the carbon-dislocation interactions play a dominant role in martensitic 

steels with a C content higher than 0.3 wt%. The partial relaxation of the residual 

stresses and precipitation of fine nano-sized transition carbides in the interior of 

martensitic laths [79] can explain the baking-induced plasticity in 3-CA3 (Figure 34d). 

More specifically, it has been proposed [89] that the precipitation of transition 

carbides leads to the formation of new mobile dislocations as the C atoms are 

released from the Cottrell atmospheres formed already during quenching in lath 

martensitic steel [131]. In other words, the pinning effect of some dislocations is lost. 

A combination of new mobile dislocations and reduced tensile stress level helps to 

keep up the plastic flow after the initiation of necking and consequently increases 

the PUE. Theoretically, the improved plasticity may also be related to the hydrogen 

desorption reported to occur during baking [100; 102].  

 

 

Figure 34.  Representative stress vs. strain curves for 1-FH, 1-BA, 2-DQ and 3-CA3 austenitized for a) 
180 s at 900 ˚C; b) 450 s at 900 ˚C. SEM images of the fracture surfaces of selected 
tensile specimens for c) 3-CA3 in PH condition; d) 3-CA3 in PH + BH condition austenitized 
for 180 s at 900 ˚C. Modified from [Publication II]. 
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It must be noted that the total elongation values (Figure 34a and 34b) tend to show 

large scatter in general, and thus cannot be used as such in a reliable assessment of 

the ductility or toughness of PHS [132]. Nevertheless, it seems evident that the 

typical paint baking procedure of automotive components can substantially increase 

the PUE and improve the mechanical behaviour of 34MnB5 type steels. To support 

this conclusion, other studies [102; 194] have also proposed that paint baking 

treatment can be utilized to improve the mechanical behaviour of PHS when aiming 

for the appropriate combination of ultra-high strength of 1800-2000 MPa and 

acceptable 3-point bendability, i.e. αFmax ≥ 55° [200]. At the same time, 22MnB5 and 

30MnB5 grades with lower C content did not show any significant changes in the 

PUE or fracture behaviour but exhibited a PAGS-dependent BH effect in terms of 

∆Rp0.2. The PHS grades with lower C content are more susceptible to auto-tempering 

effects due to a higher Ms [79].  Accordingly, the dislocation pinning effect, occurring 

by means of Cottrell atmosphere formation, is less pronounced after die-quenching 

as the C atoms have already been released from the cores of the dislocations and 

formed fine cementite due to auto-tempering. Consequently, the effect of paint 

baking treatment is weaker in PHS with lower C content. 

4.3 Role of Ti and V in 34MnB5-based steels 

In [Publication III], five 34MnB5-based steels were designed to understand the 

potential of Ti and/or V micro-alloying in 2nd generation 34MnB5-based PHS. The 

studied steels (Table 2 and Table 3) were designed to tackle the identified risk of HE 

through the expected PAGS refinement with simultaneous improvements in 

ductility/toughness, measured for example with 3-point bending tests in the 

laboratory [190]. Special attention was paid to the amount of Ti (and Ti/N ratio) as 

it has been claimed in the literature that the role of TiN particles on 3-point 

bendability is detrimental [104]. Alloying with Cr or Mo was chosen so as to 

understand the effect of the potential elements that increase hardenability on the 

stability of micro-alloy carbides and PAGS refinement. Discarding the standard Ti-

B-Al alloying concept, Steel E was also studied to understand the effect of avoiding 

the precipitation of TiN and simultaneously the utilization of V(C,N) precipitates in 

2nd generation PHS. 

In general, the designed steels A-E (Table 3) showed a very fine PAGS after 

austenitizing for Ac3 + 60 s/900 °C and Ac3 + 180 s/900 °C (Figure 35, Table 6) 

Micro-alloying with a clearly hyperstoichiometric amount of Ti (0.09 wt%) resulted 
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in the most efficient grain-refining effect. It was also observed that the chemical 

composition of steel controls the initial microstructure, as discussed more 

comprehensively in [Publication III]. Therefore, the hardenability of steel controls 

the microstructure formed during coil cooling and can also control the PAGS of the 

PHS as the austenitization cycles of the direct press-hardening process are short. To 

support this conclusion, a very fine PAGS was attained in Steel C, which was not 

micro-alloyed with V or Ti, but alloyed with Mo, promoting a very fine initial 

microstructure with other mechanisms such as solute drag and bainite formation 

[253]. 

 

 

Figure 35.  PAGB maps viewed in transverse to rolling direction (TD) for Steel A austenitized for a) 
Ac3+60 s; b) Ac3+180 s/900 ˚C and for Steel B austenitized for c) Ac3+60 s; d) Ac3+180 
s/900 ˚C. [Publication III] 

A correlation between the PAGS, the diameter of the nano-sized precipitates and 

the strength values of press-hardened steels was observed for micro-alloyed steels 

A-B and D-E (Figure 36). Nevertheless, the PAGS refinement resulted only in 

marginal strength increases, i.e. some tens of MPa. Hence, the most significant effect 

of micro-alloying with Ti or V and a refined PAGS should be improved toughness 

(or 3-point bendability) and HE resistance. 



 

97 

 

 

Figure 36.  a) Correlation between yield strength (Rp0.2) and prior austenite grain size (PAGS). b) 
Correlation between tensile strength (Rm) and PAGS. c) Correlation between precipitate 
size (micro-alloyed Steels A, B, D and E) and PAGS. [Publication III] 

The tensile behaviour and mechanical properties (Table 6) supported the effect of 

paint baking heat treatment (170 °C/20 min), which is addressed in more detail in 

[Publication II]. The steels with Ti-B-Al alloying (Ref, A-D) showed a substantial 

increase in PUE with a simultaneous decrease in Rm due to tempering of the 

martensitic matrix. The decrease in Rm was almost the same for steels Ref and A-D, 

at approximately 120 MPa on average, suggesting that the amount of carbon is the 

dominant factor in defining the Rm and the baking-induced decrease in Rm, i.e. bake- 

softening. The attained increase in Rp0.2 was 130-200 MPa, showing slightly stronger 

values in the case of the shorter austenitization cycle (~180 s/900 °C) with a smaller 

PAGS and finer precipitates containing micro-alloy elements. This observation is 

supported by the results for 22MnB5 steels reported in [Publication II] and other 

studies [53; 89]. 
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Table 6.  Mechanical properties for the investigated steels in PH and PH+BH conditions. Post-
uniform elongation (PUE) values are only used for comparison between the 
investigated steels. Modified from [Publication V]. 

 Ac3+60 s/900 °C – PH Ac3+60 s/900 °C – PH + BH 

Steel Rp0.2 
(MPa) 

Rm 
(MPa) Ag (%) PUE 

(%) 

PAGS 
(µm) -

TD 

Rp0.2 
(MPa) 

Rm 
(MPa) Ag (%) PUE 

(%) 

Ref 1481 
± 5 

 2120 
± 13 

5.4 ± 
0.2 

2.0 ± 
0.5 

4.7 ± 
0.4 

1620 
± 3 

1961 
±3 

4.8 ± 
0.1 

7.2 ± 
1.0 

A  1365 
± 32 

2004 
± 44 

5.1 ± 
0.3 

2.6 ± 
1.6 

2.4 ± 
0.1 

1534 
± 21 

 1853 
± 8 

4.1 ± 
0.3 

5.3 ± 
2.3 

B  1349 
± 45 

 1987 
± 48 

5.2 ± 
0.2 

4.7 ± 
1.7 

3.7 ± 
0.4 

 1503 
± 36 

 1859 
± 20 

4.7 ± 
0.3 

9.5 ± 
1.0 

C  1324 
± 28 

 1982 
± 41 

5.3 ± 
0.2 

5.4 ± 
2.3 

3.6 ± 
0.4 

1506 
± 16 

1871 
± 13 

4.4 ± 
0.2 

7.1 ± 
3.1 

D  1363 
± 36 

 1992 
± 39 

4.9 ± 
0.6 

5.5 ± 
2.3 

2.8 ± 
0.2 

 1556  
± 25 

 1892 
± 14 

4.4 ± 
0.0 

7.4 ± 
2.3 

E  1344 
± 51 

1981 
± 30 

4.6 ± 
0.9 

1.4 ± 
1.1 

2.6 ± 
0.2 

1638 
± 48 

 1964 
± 40 

4.5 ± 
0.1 

7.2 ± 
1.4 

 Ac3+180 s/900 °C – PH Ac3+180 s/900 °C – PH + BH 

Steel Rp0.2 
(MPa) 

Rm 
(MPa) Ag (%) PUE 

(%) 

PAGS 
(µm) -

TD 

Rp0.2 
(MPa) 

Rm 
(MPa) Ag (%) PUE 

(%) 

Ref  1464 
± 34 

 2116 
± 33 

5.4 ± 
0.4 

2.6 ± 
0.8 

5.6 ± 
0.7 

1549 
± 9 

1951 
± 11 

4.8 ± 
0.3 

7.2 ± 
0.5 

A 1321 
± 27 

1948 
± 36 

4.3 ± 
0.2 

2.6 ± 
0.2 

3.8 ± 
0.3 

 1492 
± 17 

 1840 
± 10 

4.3 ± 
0.3 

7.5 ± 
1.7 

B  1301 
± 14 

 1936 
± 31 

4.4 ± 
0.1 

4.7 ± 
1.0 

5.4 ± 
0.6 

 1444 
± 20 

1844 
± 18 

4.9 ± 
0.3 

8.3 ± 
2.3 

C 1294 
± 25 

1940 
± 40 

4.8 ± 
0.4 

4.6 ± 
0.6 

4.5 ± 
0.6 

1431 
± 26 

 1808 
± 24 

4.3 ± 
0.4 

7.7 ± 
1.6 

D  1328 
± 19 

 1961 
± 26 

4.7 ± 
0.2 

3.9 ± 
2.3 

3.9 ± 
0.4 

1482 
± 20 

 1842 
± 20 

4.7 ± 
0.6 

10.9 ± 
1.0 

E  1299 
± 26 

 1914 
± 19 

3.7 ± 
0.4 

2.3 ± 
1.5 

6.0 ± 
0.8 

 1474 
± 19 

1850 
± 16 

4.2 ± 
0.2 

6.2 ± 
1.9 

Even though a clear baking-induced improvement in the PUE was also observed for 

Steel E (without Ti-Al-B concept), the behaviour of this steel was exceptional, in 

that it showed an extremely large increase in Rp0.2, i.e. 300 MPa after the short 

austenitizing cycle of ~180 s/900 ˚C. At the same time, the decrease in Rm was only 

20 MPa. However, the values of Steel E changed to 170 MPa and 60 MPa, 

respectively, in the case of the longer austenitization cycle of ~300s/900 ˚C. The 

distinctive behaviour of Steel E could be connected to the presence of coherent 
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V(C,N) precipitates, as it has been suggested that they play a role in V-N alloyed 

martensitic steels [110]. According to this assumption, the coherency of V(C,N) is 

easily lost with longer austenitization times and temperatures, such as Ac3 + 180 s at 

900 °C, as examined here. However, nano-sized V(C,N) precipitates were not 

detected in TEM carbon extraction replica studies, nor were they identified in the 

TEM analysis of Hutchinson et al. [110], even though their EDS mapping suggested 

the presence of nano-sized V-rich particles in the microstructure. Therefore, more 

detailed studies would be needed to fully understand the potential of the V-N 

alloying concept in B-free PHS.  

The stability of vanadium carbides (VC) has also been the focus of other studies 

[101; 166] and should be discussed to understand the usability of V in 34MnB5 type 

steels. The precipitate analysis of [Publication III] revealed the presence of a 

significant amount of nano-sized TiC- or VC-based precipitates, respectively, in both 

Ti and V micro-alloyed steels alloyed together with Cr and Mo. The time-dependent 

coarsening and dissolution of VC-based precipitates at 900 °C, i.e. during soaking of 

Ac3 + 60 s vs. Ac3 + 180 s, was stronger compared to TiC, as also noted in [101]. 

The V-based precipitates observed in the Mo-V alloyed grade (Steel D) displayed 

better stability compared to the Cr-V alloyed grade (Steel B). 

Despite a strong PAGS-refining effect and the desired presence of TiC nano-

sized precipitates, the Ti micro-alloyed steel (Steel A) clearly showed the highest 

amount of secondary phase particles in the microstructure (Figure 37). As 

commented in the earlier research [104; 107; 143], coarse particles and inclusions 

hamper the 3-point bendability. At the same time, the area fraction of secondary 

phase particles was clearly the smallest in Steel E, without Ti-B-Al alloying.  

 

 

Figure 37.  Correlation between the area fraction of coarse secondary phase particles and post-
uniform elongation in a) press-hardened (PH) condition; b) press-hardened and 
additionally bake-hardened (PH+BH) condition. [Publication III] 
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In light of the conclusions made in [Publication II], a hypothesis was made that BH 

treatment would significantly improve the 3-point bendability of all 34MnB5-based 

steels, as the PUE of each steel clearly increased. However, the expected behaviour 

was not seen to occur in the case of all studied steels. The unambiguous behaviour 

may be related to the other parameters, such as the local cooling rate within the die-

quenched samples, the fraction of secondary phase particles and in particular the role 

of the subsurface microstructure, i.e. the surface decarburization of uncoated steels, 

as discussed in [199; 200]. Nevertheless, superior 3-point bendability (αFmax=73°) was 

achieved for Steel E after baking. At the same time, the Ti-alloyed steel (Steel A) 

showed smaller PUE values but a comparable αFmax of approximately 60° with Steels 

C (Mo alloyed without V) and D (Mo-V alloyed). The discrepancy can be explained 

by a clearly thicker decarburization layer in Steel A, which increases the bendability. 

Also, Steel E, which showed superior 3-point bendability, contained a thin ferritic 

layer (10-15 μm) on the surface together with the smallest fraction of secondary 

phase particles. It can be concluded that in 34MnB5-based steels the following 

factors contribute to 3-point bendability: the improved plasticity of martensite 

induced by the paint baking treatment, local plasticity of the subsurface region, i.e. 

the formation of a soft ferritic layer on the surface of uncoated steels, reduced risk 

of void formation, i.e. a minimized amount of coarse particles/inclusions and a fine 

PAGS, resulting in improved resistance against crack propagation.  

The results of [Publication III] suggest that both Cr and Mo can be used to 

improve the hardenability of V micro-alloyed 34MnB5 type steels with only minor 

differences in the mechanical properties. When aiming for PAGS refinement itself, 

micro-alloying with V should be preferred above hyperstoichiometric amounts of 

Ti, since Ti has the tendency to increase the fraction of coarse secondary phase 

particles such as TiN and Ti4C2S2, leading to unstable mechanical behaviour as also 

noted later in [107]. In addition, according to Mohrbacher [104], micro-alloying can 

be used to form fine precipitates with the ability to act as hydrogen traps, and thus 

improve resistance to HE, i.e. increasing the critical hydrogen level required to 

trigger brittle cleavage fracture. On that basis, the studied 34MnB5-based steels with 

very fine PAGS and presence of nano-sized V-based precipitates can be considered 

as promising alternatives for Nb-alloyed grades, which were mainly omitted from 

the scope of this thesis. This is supported by more recent studies of V micro-alloyed 

PHS [112; 254] and a study by Kim et al. [187] focusing on the relationships between 

the PAGS and HE resistance. However, the relatively low thermal stability of V-

based carbides, i.e. high solubility in austenite [166], requires appropriate control of 

the austenitization parameters. In addition, it can be concluded that V-Mo alloying, 
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providing better stability for VC-based nano-sized carbides, is a promising option 

for PHS with a high hardenability requirement, which can be beneficial in the case 

of hot-dip galvanized PHS. Despite the discrepancies in the 3-point bendability 

results, the consistent improvement in the PUE values suggests that the BH 

treatment can be used to fine-tune the properties of 34MnB5-based steels while 

simultaneously decreasing the tensile strength value closer to 1900 MPa than the 

original target of 2000 MPa.  

4.4 High-temperature behaviour of Zn- and ZnFe-coated 
22MnB5 and 34MnB5 

High-temperature phase development and the resulting phase structures of Zn- 

(50/50 g/m2) and ZnFe-(70/70 g/m2) coated 22MnB5 and 34MnB5 steels were 

addressed in [Publication V]. The emphasis was on analysing the phase structure 

development of the coating/steel interface with the hypothesis that the chemical 

composition of steel, i.e. using 34MnB5 instead of standard 22MnB5, could possibly 

affect the phase equilibrium near the coating/interface due to the characteristic 

interdiffusion between the elements of the steel substrate and coating. The 

metallographic analysis of the press-hardened samples (Figure 38) revealed clear 

differences between 22MnB5 and 34MnB5. At first glance, the general behaviour 

and attained phase structures of Zn- and ZnFe-coated 22MnB5 were similar, as 

reported earlier in [208; 209; 219; 220; 253]. However, the press-hardened Zn- and 

ZnFe-coated 34MnB5 showed the formation of a new micro-constituent, designated 

“A” near the coating/steel interface (Figure 38). These regions were further analysed 

by means of microhardness, EBSD, EDS and TEM studies and, after the 

conclusions, were referred to as a martensitic phase constituent α’-Fe(Zn) 

[Publication V]. In fact, a closer look at the coating/steel interface of the samples 

austenitized for 450s/900 °C suggested that the same phase constituent also exists 

in 22MnB5 grades but to a much smaller extent (Figure 38). This is a new insight 

into the behaviour of zinc-coated 22MnB5 steels.  
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Figure 38.  SEM-BSE micrographs of the die-quenched samples of a) 22MnB5-Zn, 180 s/900 °C; b) 
22MnB5-Zn, 450 s/900 ˚C; c) 22MnB5-ZnFe, 180 s/900 ˚C; d) 22MnB5-ZnFe, 450 s/900 
˚C; e) 34MnB5-Zn, 180 s/900 ˚C; f) 34MnB5-Zn, 450 s/900 ˚C; g) 34MnB5-ZnFe, 180 
s/900 ˚C; h) 34MnB5-ZnFe, 450 s/900 ˚C. Modified from [Publication V]. 

According to the 22MnB5-Zn phase diagram calculated by Janik et al. [213], the γ-

Fe(Zn) phase can dissolve 13 wt% of Zn at 900 °C. Based on this, the γ-Fe(Zn) can 

be locally stabilized in the vicinity of the coating/steel interface and transformed into 

α’-Fe(Zn) during subsequent die-quenching, as observed in [Publication V]. 

However, the formation of α’-Fe(Zn) is marginal in 22MnB5 but clearly pronounced 

in 34MnB5 (Figure 39). In ZnFe-coated 34MnB5, the α’-Fe(Zn) phase appeared as 

a continuous layer at the steel/coating interface and had clearly emerged into the 

martensitic steel, sharing almost the same morphology as the base steel.  The 

thickness of α’-Fe(Zn) increased as a function of increasing annealing time and 

temperature. In Zn-coated 34MnB5, the α’-Fe(Zn) also appeared as isolated islands 

in the upper parts of the coating. However, the islands disappeared after prolonged 

austenitization at 880-930 °C (Figure 39). 
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Figure 39.  Band contrast (left column) and inverse pole figure (IPF) maps (right column) for a) 
34MnB5-Zn annealed for 170 s at 880 ˚C; b) 34MnB5-Zn annealed for 470 s at 880 ˚C. In 
the IPF maps, the crystal structure of the regions of “A” has been for the most part 
identified as body-centred cubic (BCC) Fe similarly to ferritic α-Fe(Zn) and martensitic α’. 
The regions of “A” show a plate-like morphology. Modified from [Publication V]. 

The observed stabilization effect of γ-Fe(Zn) and the subsequent formation of α’-

Fe(Zn) during die-quenching are supported by the thermodynamic calculations 

presented in Figure 40. The diagrams show that the increasing C content in the Fe-

C-Zn system increases the stability of the γ-Fe(Zn) and maximum solubility of Zn 

in γ-Fe(Zn) at high temperatures. This explains the major differences in the 

behaviour of 22MnB5 and 34MnB5. The GDOES analysis [Publication V] suggested 

that the actual C content was substantially higher in the vicinity of the coating/steel 

interface, i.e. around 0.50 wt% compared to the nominal ladle analysis values of 0.34-

0.35 wt%. The locally elevated C content and other alloying elements of steel, such 

as Mn, can be expected to promote the stabilization of γ-Fe(Zn) during 

heating/annealing and could explain the relatively high Zn content of around 20 

wt% measured from the regions of α’-Fe(Zn).  
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Figure 40.  a) Isoplethal sections of the Fe-Zn-C system with C content of a) 0.25 wt%; d) 0.50 wt%. 
Designation BCC_A2 refers to the ferritic solid solution α-Fe(Zn). Modified from 
[Publication V]. 

However, in Zn-coated 34MnB5, the isolated islands of α’-Fe(Zn) showed an even 

higher Zn content up to 28 wt%, which clearly conflicts with the thermodynamic 

calculations showing the maximum solubility of 14 wt% at 900 °C (Figure 40b). In 

order to understand the formation mechanisms of α’-Fe(Zn) and the exceptionally 

high solubility of Zn at 900 °C, the author proposes that the following mechanisms 

occur during the heating and austenitization of Zn- and ZnFe-coated 34MnB5 steels. 

The heating and annealing of these steels results in the formation of γ-Fe(Zn) in the 

vicinity of the coating/steel interface. The mutual C solubility differences between 

the ferrite and austenite lead to the partitioning of C into γ-Fe(Zn), which can 

effectively stabilize γ-Fe(Zn) at a relatively high Zn content for a certain amount of 

time. In the case of Zn-coated 34MnB5, the melting of the coating and 

simultaneously occurring austenite formation in steel in the C-enriched areas 

(cementite particles in pearlite nodules) can act as primary nucleation sites for γ-Fe. 

The simultaneously occurring Zn diffusion into steel enables the stabilization of γ-

Fe(Zn). This process, together with the instant partitioning of C atoms to γ-Fe(Zn), 

can result in a very high local C content in the areas of γ-Fe(Zn). Accordingly, an 

exceptionally high local C content can explain the higher Zn content compared to 

the thermodynamic calculations, which consider the equilibrium state (Figure 40).  

To sum up, the higher initial C content of 34MnB5 steel results in the stabilization 

of the γ-Fe(Zn) phase as the inter-diffusion between coating and steel occurs during 

annealing. Furthermore, the kinetically enhanced C partitioning from α-Fe(Zn) to γ-
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Fe(Zn) explains the significantly elevated C content on the coating/steel interface 

and exceptionally high Zn content in the regions of α’-Fe(Zn). As a final conclusion, 

the formation of an α’-Fe(Zn) interface layer, emerging into the steel, needs to be 

considered in the press hardening of hot-dip galvanized 34MnB5 steels, whereas the 

practical significance of the presence of a very small amount of α’-Fe(Zn) in 22MnB5 

steels can be considered to be of minor significance. 

4.5 Effect of steel composition and processing parameters on 
the micro-crack depth 

The micro-cracking phenomenon of two ZnFe-coated PHS was investigated in 

[Publication VI]. A novel ZnFe-coated (70/70 g/m2) steel grade 22MnMoB8 (Table 

2 and 3) was designed and studied together with a standard 22MnB5. The hypothesis 

was that the newly designed steel with improved, higher hardenability could help to 

minimize or totally avoid micro-cracking and also eliminate LMAC by enabling hot 

press forming at exceptionally low temperatures, such as below 600 °C, without any 

accelerated cooling procedures. In [Publication VI], tests relying on the passive 

cooling between furnace and hot forming in a hat-profiled die were named “delayed 

hot-press forming’’ (DHPF) experiments. The tests with a constant transfer time of 

around 3 s and resulting hot forming start temperature of 800 °C were named 

“immediate hot-press forming’’ (IHPF) experiments.  

The results of the crack and phase fraction analysis of the IHPF experiments 

(Table 7) showed a decreasing trend in the crack depth with the prolonged annealing 

time at 900 °C. This generally observed trend can be explained by the solidification 

of the coating, facilitated by the increasing Fe content and decreasing amount of Zn 

in the α-Fe(Zn), as also concluded in similar studies [207; 213; 220]. In addition, it 

seems evident that even the longest annealing times of 600 and 900 s cannot 

eliminate micro-cracks when hot forming is carried out at high temperatures.  
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Table 7.  Summary of the crack and phase fraction analysis results of the IHPF experiments, 
F=ferrite, M=martensite. *LMAC observed. Modified from [Publication VI]. 

Steel Total 
dwell 

time at 
900 °C 
furnace 

[s] 

Forming 
temperature 
[°C] and air-
cooling time 

[s] 

Crack 
depth 
max. 
[µm] 

upper 
radius 

Crack 
depth 
max. 
[µm] 
outer 
wall 

Crack 
depth 
avg. 
[µm] 
outer 
wall 

Cracks 
in steel 

[%], 
outer 
wall 

Phase 
fractions 

below 
coating 

down to 30 
µm depth in 

steel [%] 
22MnB5 180 800 – 3 169* 71* 18* 82 1 F – 99 M 

 290 800 – 3 2 13 5 78 100 M 
 450 800 – 3 0 7 4 46 100 M 
 600 800 – 3 0 7 3 39 100 M 
 900 800 – 3 0 5 2 42 100 M 
        

22MnMoB8 180 800 – 3 232* 63* 19* 54 100 M 
 290 800 – 3 70* 58* 19* 76 100 M 
 450 800 – 3 0 10 4 44 100 M 
 600 Not studied 
 900 Not studied 

Compared to the data shown in Table 7, the results of the DHPF experiments (Table 

8) show many more differences between the studied materials. Whereas the standard 

22MnB5 is susceptible to ferrite/pearlite formation during slow passive cooling (~10 

°C/s) in the temperature range of 750-600 °C, the 22MnMoB5 steel showed only 

traces of ferritic phase constituents in the studied hot forming temperature range of 

800-520 °C. In addition, the depth of the micro-cracks and the fraction of cracks 

penetrating the steel was generally smaller in 22MnMoB8.  The micro-crack depth 

of 22MnMoB8 decreases with a decreasing hot forming temperature. The sub-

surface microstructure of the 22MnMoB5 steel correspondingly remains essentially 

martensitic. In 22MnB5, the amount of ferrite (and pearlite) increases with increasing 

passive air-cooling time and decreasing forming start temperature. Correspondingly, 

the micro-crack depth does not show a decreasing trend with a decreasing forming 

temperature. The different behaviour of the studied steels may be connected to the 

detrimental role of the heterogeneous microstructure below the steel/coating 

interface. Correspondingly, the ferritic areas in the austenitic matrix can act as strain 

concentrators during hot forming and promote the formation of deeper micro-

cracks. The embrittling effect of ferrite on austenite grain boundaries has been 

discussed in earlier studies [138; 140; 255] and may also be connected to the 

behaviour observed in [Publication VI].  
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Table 8.  Summary of the crack and phase fraction analysis results of the DHPF experiments, 
F=ferrite, M=martensite, P=pearlite. * Lubricated die. Modified from [Publication VI]. 

 180 s dwell at 900 °C furnace 
Steel Forming 

temperature 
[°C] and air-
cooling time [s] 

Crack 
depth 
max. 
[µm], 
upper 
radius 

Crack 
depth 
max. 
[µm], 
outer 
wall 

Crack 
depth 
avg. 
[µm], 
outer 
wall 

Cracks 
in steel 

[%], 
outer 
wall 

Phase fractions 
below coating 
down to 30 µm 

depth in steel [%] 

22MnB5 750 – 10 9 34 13 93 2 F – 98 M 
 700 – 14 2 31 12 96 10 F – 90 M 
 650 – 28 3 36 13 93 40 F – 60 M 
 600 – 43 5 30 13 95 98 F+P – 2 M 
 550 Not studied 
 520 Not studied 

22MnMoB8 750 – 9 2 31 10 78 1 F – 99 M 
 700 – 13 4 25 9 84 1 F – 99 M 
 650 – 18 1 16 7 87 1 F – 99 M 
 600 – 25 0 13 6 89 2 F – 98 M 
 550 – 32 0 6 3 68 4 F – 96 M 
 550 – 32 * 0 3 1 15 4 F – 96 M 
 520 – 37 0 5 2 67 5 F – 95 M 

 
 450 s dwell at 900 °C furnace 

Steel Forming 
temperature 
[°C] and air-
cooling time [s] 

Crack 
depth 
max. 
[µm] 
upper 
radius 

Crack 
depth 
max. 
[µm] 
outer 
wall 

Crack 
depth 
avg. 
[µm] 
outer 
wall 

Cracks 
in steel 

[%], 
outer 
wall 

Phase fractions 
below coating 
down to 30 µm 

depth in steel [%] 

22MnB5 800 – 3 0 7 4 46 1 F – 99 M 
 750 – 10 0 12 6 83 2 F – 98 M 
 700 – 14 0 19 8 82 10 F – 90 M 
 650 – 20 0 26 12 85 15 F – 85 M 
 600 – 30 0 25 12 88 95 F+P – 5 M 
 550 Not studied 
 520 Not studied 

22MnMoB8 800 – 3 0 10 4 44 100 M 
 750 – 10 4 23 7 82 2 F – 98 M 
 700 – 14 0 13 5 74 1 F – 99 M 
 650 – 19 0 19 6 77 1 F – 99 M 
 600 – 26 0 13 5 72 1 F – 99 M 
 550 – 33 0 8 4 70 2 F – 98 M 
 550 – 33 * 0 0 0 0 2 F – 98 M 
 520 – 38 0 5 2 77 4 F – 96 M 

 

The optical micrographs and crack profiles of the outer wall region of the 

22MnMoB8 samples (180 s/900 °C) are presented in Figure 41. Characterized by 

the presence of LMAC cracks in the samples formed at 800 °C (Figure 41a), the 

samples contained liquid Zn-rich phases at the end of the annealing stage and finally 

contained some Γ-Zn-Fe after die quenching (Figure 41b). Decreasing the hot 

forming temperature resulted in a substantial decrease in the micro-crack depth. This 
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trend is in line with earlier studies by Kurz et al. [169], Hensen et al. [36] and Belanger 

et al. [221] who have similarly reported that severe micro-cracks could be avoided 

when hot forming is carried out at a temperature range of 550-500 °C - but after an 

accelerated pre-cooling stage.  

 

 

Figure 41.  Optical micrographs and crack profiles of the outer wall regions of the 22MnMoB8 samples 
annealed for 180 s at 900 °C and hot formed at a) 800 °C; b) 700 °C; c) 600 °C; d) 550 
°C; e) 520 °C. Etched with 2 % Nital, the Zn-rich phases show strong etching. Modified 
from [Publication VI]. 

The observed behaviour in terms of micro-crack penetration depth can be explained 

by means of SEM (or MIE) mechanisms, in particular in the light of the latest 

findings presented by Arndt et al. [256], who were able to detect an elevated Zn 
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content on the micro-crack tips. As explained in studies dealing with SME/MIE 

[236; 237], the combination of tensile stress and the surface self-diffusion of Zn 

atoms leads to austenite grain boundary decohesion. Correspondingly, it can be 

proposed that the lower hot forming temperature deactivates the MIE mechanism 

by crucially slowing down the surface self-diffusion of Zn towards the propagating 

crack tip. As indicated in Table 8, the samples annealed for a shorter time of 180 s, 

i.e. samples with a higher Zn content, did not show deeper cracks against longer 

annealing time of 450 s when formed at 600 °C or below. The author proposes that 

limiting the mobility of embrittling Zn atoms is more important than limiting the 

amount of Zn atoms at the initiation point of the crack. As the availability of atoms 

is restricted, the crack propagation is halted.  

Furthermore, the use of a lubricated die resulted in the elimination of V-shaped 

cracks together with a crucial decrease or total elimination of the micro-cracks 

penetrating the steel (Figure 42). The stress/strain dependency of the SME/MIE 

mechanism and micro-cracking can also be used to explain the beneficial role of 

lubrication, as observed earlier [35; 178; 228]. Hence, it seems evident that decreasing 

the amount of surface shear stress/strain also plays a key role in controlling the 

micro-cracking of hot-dip galvanized PHS.  

 

 

Figure 42.  Optical micrographs and crack profiles of the outer wall regions of the 22MnMoB8 HPF 
samples formed in the lubricated die. a) 180 s/900 °C – 550 °C; b) 450 s/900 °C – 550 °C 
Etching with 2 % Nital. In a) the zinc-rich phases show strong etching. Modified from 
[Publication VI]. 

The main advantage of the improved hardenability of steel, i.e. using 22MnMoB8 

type steel instead of standard 22MnB5, can be outlined as follows. The 22MnMoB8 

can be cooled arbitrarily, i.e. by means of passive or accelerated pre-cooling [36; 169], 

down to exceptionally low hot forming temperatures below 600 °C without austenite 

decomposition. It is evaluated that the traces of ferrite in the 22MnMoB8 samples 
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originate from the combination of the deformation-induced ferrite transformation 

(DIFT), observed boron depletion of the surface [Publication VI], and possible 

ferrite stabilization effect caused by the presence of Zn in the inter-diffusion layer, 

as discussed in [256]. Even though the heterogeneous microstructure, i.e. ferrite + 

austenite/martensite below the steel/coating interface seems to be associated with 

inhomogeneous stress distribution, and thus to the formation of deeper micro-

cracks, the stress- and temperature-dependent SEM/MIE mechanism must play a 

dominant role in micro-cracking of hot-dip galvanized PHS.  

The results of [Publication VI] indicate that the embrittling effect of Zn or Zn- 

rich intermetallic phases in the coating seems to be essential, even though earlier 

studies [213; 257] have not been able to directly connect the grain boundary diffusion 

depth of Zn to the micro-crack depth. However, the proposed and instantly 

occurring transportation of embrittling species towards the propagating crack tip via 

the mechanisms of surface self-diffusion (or vapour transport) can explain the earlier 

observed discrepancies. Due to the stress dependency of the SEM/MIE mechanism 

[236], it seems evident that the parts free of micro-cracks can only be guaranteed in 

hot forming conditions where the stresses are controlled. This can occur by means 

of a lubricated die together with appropriate component and tool design. The 

temperature dependency of the SEM/MIE mechanism [236], in turn, requires that 

the hot forming temperature is minimized as much as possible. It was shown that a 

modified press-hardening process combining passive air-cooling and hot forming at 

520 °C results in an essentially martensitic microstructure and the smallest micro-

crack depth. To conclude, the results of 22MnMoB8 uncouple the effect of high-

temperature ferrite formation from the earlier presented micro-cracking mechanisms 

and indicate that the SME/MIE mechanism plays an essential role at hot forming 

temperatures of 800-600 °C.   

4.6 Selection of the initial coating thickness 

The thickness requirement of zinc-based press-hardened coatings, set by the OEMs, 

is considered to be 20 µm [227]. The coating thickness data of the press-hardened 

ZnFe coatings is presented in Figure 43a, with different initial coating weights and 

varied annealing times in a 900 °C furnace. The results indicate that the attainment 

of the final 20 µm thickness requires an initial coating weight of at least 70/70 g/m2. 

Correspondingly, the resulting oxide layer thicknesses (Figure 43b) are generally 2–

4 µm. The measured oxide layer thicknesses are slightly smaller in the case of higher 
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coating weights of 70/70 g/m2 and 80/80 g/m2. This result could be explained by 

the nature of the high-temperature phase development of ZnFe coatings. The 

growth of intermetallic Zn-Fe phases, mainly Γ-Zn-Fe, results in the breakage of the 

Al2O3 film which initiates the formation of ZnO islands and further oxidation of Zn 

from the coating, thus finally leading to a uniform ZnO layer [218]. The oxidation is 

continued as the α-Fe(Zn) grains reach the surface. In thicker coatings, the above-

mentioned stages are delayed, meaning that the diffusion-controlled growth of a 

ZnO layer is also postponed. However, considering the notable scatter in the 

measured oxide layer thicknesses (Figure 43b), further studies would be required to 

confirm this theory. To conclude, a combination of at least a 20 µm coating and 

minimal attainable oxide layer thickness of 2-3 µm can be achieved by choosing 

initial coating thicknesses of 70/70 g/m2 - 80/80 g/m2 or higher.  

 

Figure 43.  a) Final coating thicknesses of the press-hardened ZnFe-coated 22MnB5 samples as a 
function of dwell time at 900 °C. b) Oxide layer thicknesses for press-hardened ZnFe- 
coated 22MnB5 samples. Partially unpublished results from the data of [Publication IV].  
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It has been recently shown in the literature [169; 226] that the presence of Ί-Zn-Fe 

in the coating is beneficial when aiming for optimal corrosion performance. The 

average Zn content of the coating (Figure 44), determined in [Publication IV], can 

be used to estimate the time required to eliminate the presence of Ί-Zn-Fe. The 

average Zn content of the coating layer, higher than 30 wt%, will in practice indicate 

the presence of Ί-Zn-Fe. This fact has been proved by carrying out HPF experiments 

and inspecting possible LMAC cracks from the outer radius of HPF parts 

[Publication VI]. The Zn content of the Ί-Zn-Fe is around 70 wt % [218; 219] and 

the lowermost part of the coating layer, consisting of α-Fe(Zn), has the tendency to 

attain an equilibrium value of around 20 wt% after prolonged annealing [220]. Thus, 

it can be estimated that both the examined coating weights of 70/70 g/m2 and 80/80 

m2 contain some Ί-Zn-Fe after annealing times of 180-300 s at 900 °C. Regarding 

steel, it has been discovered that the time required for the appropriate 

homogenization of austenite is 45 s above 870 °C [37]. Hensen et al. [36] have 

reported that the required austenitization time (=furnace dwell time) in a roller heat 

furnace with a preset temperature of 900 °C is only around 180 s, but in practice, a 

slightly longer time of 200-300 s may be required to match the final coating thickness 

requirement. A higher initial coating weight, e.g. 90/90 g/m2, may also be preferred 

to improve the industrial robustness of the material, as indicated in the literature [92; 

223]. 

 

 

Figure 44.  Average Zn content, measured using multiple EDS point analysis, for the entire coating 
layer of ZnFe-coated 22MnB5 after varied annealing times in a 900 °C furnace. The 
designation ZF80 refers to ZnFe coating with an initial weight of 40/40 g/m2, for example. 
Partially unpublished results from the data of [Publication IV].  
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5 CONCLUSIONS 

5.1 Research questions revisited 

1) Which are the key metallurgical factors and phenomena controlling 

the final mechanical properties of PHS?  

 

The die-quenching of PHS and characteristic cooling rates result in the auto-

tempering effects in martensite, which is one essential factor controlling the 

mechanical behaviour of PHS of types 22MnB5, 30MnB5, and 34MnB5. This 

partially explains the mutual differences between steels with different C content. 

Auto-tempering is more pronounced in 22MnB5 steels with higher Ms enabling 

carbon diffusion in the already formed martensite. In PHS, auto-tempering results 

in the formation of fine cementite in the auto-tempered regions, whereas the areas 

of fresh martensite are free from cementite. Hence, auto-tempering results in 

microstructural heterogeneities, but also improves the toughness of PHS in general, 

which is manifested, for example, by improved elongation values compared to less 

auto-tempered microstructures.  

With a specified chemical composition, the grain refinement of martensitic steels 

is attained by means of PAGS control and is also therefore of high importance in 

the industrial processing of PHS. Whereas the PAGS of the studied steels were 

relatively fine, mainly 4-10 µm within the studied austenitization parameters, the 

PAGS of 22MnB5 steel can be controlled by considering the manufacturing history 

of the steel strip, i.e. by modifying the initial microstructure of the steel. In case of 

22MnB5, a fully recrystallized microstructure with uniform distribution of 

ferrite/pearlite can be targeted to improve the robustness of the material by means 

of PAGS and resulting mechanical properties. In turn, an essentially spheroidized 

microstructure should be avoided as it slows down the full austenitization of the steel 

and limits the processing window.  The optimization of the initial microstructure can 

be carried out in the continuous annealing line before the hot-dip coating process. 

Nevertheless, the optimal annealing cycle must be defined for each steel chemistry, 

since the improved hardenability of steel also helps to refine the initial microstructure 

of the steel with pronounced bainite formation.  
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It can be understood that steels with a higher fraction of auto-tempered 

martensite show a weaker BH effect after the steel is subjected to typical paint baking 

treatment of 170 °C/20 min. Consequently, the plasticity of 22MnB5 steels evaluated 

in this thesis, based on the stress vs. strain curves and fracture surfaces, did not show 

significant changes due to paint baking treatment. In turn, PHS with a higher C 

content exhibited a clearly larger decrease in tensile strength. This behaviour  could 

be explained by a more pronounced dislocation pinning effect originating from the 

interaction between dislocations and carbon atoms and weakening of this effect 

during baking. Consequently, the paint baking treatment can be essentially utilized 

to improve the ductility and toughness of 34MnB5 type PHS, in which the baking 

effects introduce more plasticity to the martensitic steel. As a conclusion, paint 

baking treatment is an essential way to guarantee the appropriate ductility and 

toughness of 2000 MPa PHS, since it also evens up the local microstructural 

heterogeneities resulting from the cooling rate differences occurring in the forming 

die. Even though the tensile strength of 34MnB5 type steels decreases substantially, 

i.e. closer to 1900 MPa in the paint baking treatment, this heat treatment acts as a 

useful low-temperature tempering process. In general, paint baking treatment can be 

evaluated as causing positive net effects, as the desorption of hydrogen atoms has 

also been reported to occur during baking [100-102]. The PAGS of the steel also 

affects the BH behaviour of PHS.  A smaller PAGS results in a slightly stronger BH 

effect in terms of increasing yield strength, although the C content of the steel plays 

a major role in controlling the tensile strength of the end-product.  

Micro-alloying with V and Ti (and/or Nb) can be efficiently used to refine the 

PAGS of PHS. In micro-alloyed PHS, the nano-sized V-, Ti- or Nb-based 

precipitates can pin the grain growth during the austenitizing stages. It was shown 

that both Ti and V micro-alloying can be utilized to form nano-sized TiC- or VC-

based precipitates, respectively, in press-hardened 34MnB5-based steels. As reported 

in the literature, nano-sized precipitates can act as hydrogen trapping sites and 

improve resistance to HE. It seems evident that the cleanliness of the steel is 

emphasized in 2000 MPa PHS, and thus alloying with V and Nb should be preferred 

rather than hyperstoichiometric amounts of Ti, which increase the fraction of coarse 

secondary phase particles. In the case of V micro-alloying, the austenitization 

parameters must be strictly controlled to prevent the dissolution of V-based 

precipitates. V alloying together with Mo increases the stability of V-based nano-

sized carbides. In general, the smaller PAGS and advanced cleanliness of steel helps 

to attain acceptable ductility and 3-point bendability values for the 2nd generation 

2000 MPa PHS.  



 

115 

2) How to produce hot-dip galvanized PHS without LMAC and micro-

cracking, while simultaneously aiming for appropriate mechanical 

properties and corrosion protection capacity? 

The simultaneous avoidance of LMAC and micro-cracking (or limiting the micro-

crack depth to below an acceptable level of 10 µm) requires modification of the 

conventional hot forming process in order to carry out the critical amount of hot 

deformation below 600 °C, preferably close to 500 °C. In order to perform low-

temperature hot forming in a consistent way, the chemical composition of the steel 

should be modified.  In practice, the hardenability of the steel must be increased with 

Mn, Mo and/or Cr alloying to enable either accelerated or passive pre-cooling and 

subsequent hot forming in a temperature range of 550 °C-Ms. Mn, in particular, is 

an attractive alloying element due to its low raw material cost but it should be added 

with consideration to prevent microstructural banding and related drawbacks. 

However, at the standard strength level of 1500 MPa, the commercial success of 

20MnB8 steel suggests that a Mn content up to 2 wt% does not seem to have 

dramatic effects on the mechanical behaviour, such as the 3-point bendability and 

HE resistance of ZnFe-coated PHS.  

The results of the present work indicate that the designed 22MnMoB8 steel with 

an initial ZnFe coating thickness of at least 70/70 g/m2 is a promising solution, 

combining the requirements set for the depth of micro-cracks and corrosion 

resistance of press-hardened products. The presence of some residual Г-Zn-Fe in 

the coating, connected to the desired corrosion resistance in the literature, can be 

guaranteed by applying the austenitization/furnace times of approximately 180-300 

s, which is also optimal from the aspect of steel mechanical properties. The results 

of this work also suggest that a higher initial coating weight, resulting in a higher 

average Zn content and availability of Zn after the annealing cycle, does not increase 

the penetration depth of micro-cracks in the modified hot forming process. This can 

be explained by the SEM/MIE mechanisms, as the low hot-forming temperature 

mitigates the activation of SME/MIE relying on surface self-diffusion, or 

alternatively on the vapour transport of embrittling atoms. Nevertheless, the 

geometrical and tribological factors must not be overlooked in industrial conditions, 

since the SME/MIE that promotes micro-cracking is known to be a stress-

dependent embrittling mechanism. In practice, totally crack-free parts can be 

guaranteed only in lubricated conditions, as lubrication decreases frictional forces 

and surface shear stresses. Micro-cracks can also be limited to below an acceptable 
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level of 10 µm without lubrication, but the prototypes must be comprehensively 

studied to guarantee the high quality of the components.  

The present thesis work proves that the desired alliance of hot-dip galvanizing 

and the direct press-hardening process also sets other special requirements for the 

steel and coating combination. Instead of treating the coating and steel as separate 

entities, the entire system “hot-dip galvanized PHS” should always be considered. In 

HDG 34MnB5 type steels, the observed formation of a martensitic α’-Fe(Zn) layer, 

emerging into the martensitic steel, must be taken into account when evaluating the 

final performance of press-hardened components. In HDG 34MnB5, the concept 

of a coating/steel interface is not unambiguous: if the micro-crack depth is measured 

in a conventional way from the etched cross-sections, the interface is seen at the 

border of α-Fe(Zn) and α’-Fe(Zn) – not at the border of α’-Fe(Zn) and Zn-free 

martensitic substrate. This means that the acceptable depth of micro-cracks, 

maximum 10 µm, is even more challenging to accomplish. Moreover, it can also be 

estimated that the α’-Fe(Zn), relatively brittle due to presence of Zn may hamper the 

3-point bendability, requiring the ability to withstand local plastic deformation on 

the surface. 

The designed and studied ZnFe-coated 22MnMoB8 steel did not show any signs 

of pronounced formation of α’-Fe(Zn), even though Mn is also a strong austenite 

stabilizer. Therefore, it seems evident that the C content of the steel dominates the 

formation of γ-Fe(Zn) in the inter-diffusion layer, as the kinetic partitioning of C 

from ferrite to austenite promotes the stabilization of γ-Fe(Zn). Accordingly, the 

modification of steel chemistry by means of ferrite stabilizers, such as Cr and Mo, is 

unsuccessful as such when aiming for a tensile strength level of 1900-2000 MPa with 

around 0.33-0.35 wt% C. At this strength level, the use of a high Mn content of 2-3 

wt% that could be used to replace some C when aiming for 2000 MPa may be 

detrimental, as reported in the literature. Hence, when tackling the micro-cracking 

of HDG 34MnB5-based PHS with increased hardenability of steel, additional 

alloying with Mo and higher amounts of Cr can be recommended. The synergies 

between Cr, Mo and B should be utilized to optimize the alloying cost and 

weldability. One possible solution for avoiding the formation of α’-Fe(Zn) in the 

vicinity of the coating/steel interface could be to use a higher Al content in the Zn 

alloy coating itself: Al is a strong ferrite stabilizer, and thus Al should have a 

destabilization effect on γ-Fe(Zn). Therefore, Zn-Al-Fe alloy coatings can be 

considered as promising solutions. Nevertheless, it is crucial to understand the 

thermodynamics of the Fe-C-Al-Zn system. In addition, experiments would be 
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needed to fully realise the potential of Al-alloyed zinc-based coatings in 34MnB5-

based PHS.  

The use of the most promising micro-alloying elements V and Nb must be 

carefully considered in HDG PHS. At a strength level of 1500 MPa, the total benefits 

of micro-alloying are questionable, as long as the austenitization parameters and 

initial microstructures are controlled to prevent prior austenite grain coarsening. The 

results of this work suggest that the control of the initial microstructure and an 

optimal furnace dwell time of 180-300 s at 900 °C result in a fine PAGS at a level of 

5 µm. Even though micro-alloying is questionable in 1500 MPa PHS, the use of V 

or Nb micro-alloying can be considered beneficial in steels reaching higher strength 

levels of 1800-2000 MPa. In B-alloyed steels a near stoichiometric amount of Ti, i.e. 

Ti/N=3.4 should be targeted. The main drawback of micro-alloying is that, in 

general, the fine precipitates decrease the hardenability by acting as nucleation sites 

for ferrite formation. However, for example in 34MnB5-based steels with higher C 

content, the formation of ferrite is significantly slowed down compared to 22MnB5. 

On the other hand, the calculated CCT diagrams of V micro-alloyed 34MnB5-based 

steel (Figure 45), alloyed together with Cr and Mo and a typical amount of Mn, show 

comparable hardenability with the 22MnMoB8 steel. In the case of V micro-alloying, 

some V is able to stay in solution, which in turn increases the hardenability. Hence, 

the net effect of V alloying can in fact be positive but should be studied for each 

austenitizing cycle in question. Naturally, the possibility to apply accelerated pre-

cooling reduces the required amounts of Mn, Cr and Mo, and also reduces the 

negative effect of alloying on the weldability.  
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Figure 45.  CCT-diagrams of a) 22MnMoB8 and two 34MnB5-based steels; b) without V micro-
alloying; c) with V micro-alloying. Diagrams calculated using JMatPro® (version 10.2). 

 

The alloying concepts described above when combined with a Zn-Fe-Al alloy 

coating, seem to be currently the potential prospects for hot-dip galvanized PHS 

with a tensile strength level of 1900-2000 MPa. As yet, there are no commercial 

solutions for HDG PHS reaching a tensile strength of 1800-2000 MPa. This 

highlights the fact that the coating sets extremely tight requirements for the steel and 

coating system and also for process design. Hence, more investigations are still 

needed for the final breakthrough of HDG PHS at the higher strength level of 1900-

2000 MPa. 
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5.2 Novel features 

The scientific contribution and novelty of the presented research can be outlined as 

follows: 

- It has been shown that the control of the initial microstructure of 22MnB5 

steel, carried in the continuous annealing line of steel mill, can be used to 

refine PAGS and hence to improve robustness of the material. A fully 

recrystallized microstructure shall be preferred when aiming for the PAGS 

refinement.  

- The paint baking effects have been elaborated for a group of PHS of 

22MnB5, 30MnB5, and 34MnB5 type. In general, application-oriented 

understanding on the effect of baking process (170 °C/20 min) has been 

established. It has been shown that the high C content and resulting cooling 

rate sensitivity of 34MnB5 based steels can explain why an essential 

improvement in the plasticity can be gained with the aid of paint baking 

treatment. 

- The usability of micro alloying elements V (0.15 wt%) and  Ti (0.09 wt%, 

hyperstoichiometric amount) in 34MnB5 steels has been compared and 

elaborated for the first time in the context of the direct press hardening 

process and paint baking treatment. It has been shown that appropriate V 

micro alloying (0.15 wt% V) combined with Cr or Mo alloying, can result in 

the presence of fine nano-sized V based carbides and promising mechanical 

behavior together with very fine PAGS when characteristically short 

annealing, ~3-5 minutes at 900 °C, is applied. 

- For the first time, the behavior of V-N alloyed 34MnB5 based PHS without 

a conventional Ti-B-Al alloying concept has been studied. The attained 

results, in particular after paint baking heat treatment, are believed to be novel 

and also exceptional for this group of steels. These findings create new topics 

for future research among non-boron alloyed PHS. 

- It has been shown for the first time that hot-dip galvanized 34MnB5 steels 

are sensitive to the unexpected formation of α’-Fe(Zn) on the coating/steel 

interface during the press hardening process and explanation for this is given. 

It is believed that the observed behavior limits the development of Zn and 

ZnFe coated 34MnB5 steels, and thus helps to seek for other coating and 

steel alloying solutions for hot-dip galvanized 2000 MPa PHS.  

- Minimizing the micro crack depth in hot-dip galvanized PHS requires using 

exceptionally low hot forming temperature (550-500 °C) as it evidently is a  
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crucial way to mitigate the undesired metal embrittling effects caused by Zn 

from the coating. In turn, it was shown that steels with improved 

hardenability, such as 22MnMoB8 designed in this thesis, can be used 

together or without accelerated pre-cooling stage to carry out hot forming 

process consistently at exceptionally low temperatures. 

- The results of the present thesis shows that the chemical composition of steel 

plays an essential role when optimizing the behavior of hot-dip galvanized 

PHS.  

5.3 Suggestions for future research 
 

The micro-cracking of hot-dip galvanized PHS still requires more attention to 

understand all of the possible ways to control and minimize crack depth. For 

example, the role of the initial coating thickness would be an interesting topic as the 

developed coating structure regulates the coefficient of friction. More attention 

should also be paid to the role of die geometry and the possibility of using new 

lubricants that are most probably more suitable for the low hot deformation range 

of 550-500 °C. The selection of initial coating thickness also controls the corrosion 

behaviour of press-hardened components, and thus the corrosion behaviour of 

different coating weights should be compared comprehensively to determine the 

optimal coating type. In addition, Zn-Al-Fe alloy coatings (e.g. Galfan), and their 

potential to solve the undesired and unexpected interface issues observed with 

34MnB5 type steels, would be an interesting future research topic on hot-dip 

galvanized PHS. 

Due to the importance of steel cleanliness in 2000 MPa PHS, the B-free 

alternatives merit further investigation. It seems evident that discarding the 

traditional Ti-B concept would improve the 3-point bendability and energy 

absorption capacity of steel. The observed depletion of B below the coating/steel 

interface [Publication V] raises more questions if B is needed as an alloying element 

in future PHS grades. With a measured content of only 5 ppm, B should not provide 

a hardenability increasing effect, nor does B have a significant effect on preventing 

DIFT as the B atoms cannot follow the austenite grain boundaries during fast plastic 

deformation [143]. Moreover, the results of the present thesis work suggest that the 

most potential hardenability increasing elements, i.e. Cr or Mo, do not exhibit similar 

sub-interface depletion in hot-dip galvanized PHS, and could thus be used more 

efficiently in coated PHS, as has been evaluated earlier in this thesis.  
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 9 
Abstract 10 

 11 
The industrial significance of micro alloyed martensitic steels manufactured via cold rolling, re-12 
austenitization and quenching has been typically recognized as low. However, it is currently believed that 13 
micro alloying can improve the in-service properties of ultra-high strength press hardening steels. In this 14 
work, five 34MnB5 based steels were designed to address the role of Ti and V when combined with Cr or 15 
Mo. Microstructure-property relationships were analyzed after die-quenching and additional bake 16 
hardening (BH) heat treatment using advanced methods of microscopy, glow discharge optical emission 17 
spectroscopy, quasistatic tensile tests, and 3-point bending tests. Results indicate that both Ti and V can 18 
provide grain size refinement through the formation of stabile nano-sized precipitates. The BH treatment 19 
improved post-uniform elongation values, indicating a trend of improved ductility. However, the expected 20 
improvements in bendability were clearly confirmed only for two V micro alloyed steels with the alloying 21 
concepts of 0.3 Cr-0.15 V-0.03 Al-0.02 Ti-0.0020 B and 0.3 Mo-0.15 V-0.0060 N (without Al-Ti-B 22 
additions) (wt-%). Thus, it was discovered that micro alloying with V, when combined together with either 23 
Cr or Mo, provides promising combination of mechanical properties as far as the austenitization 24 
parameters are appropriately controlled. 25 
  26 
KEYWORDS: Press hardening; Bake hardening; Martensite; EBSD; TEM, mechanical behavior 27 
 28 
1. Introduction 29 
  30 
Demand for even lighter and safer vehicles has been a strong driving force for the development of novel 31 
ultra-high strength steels. At the meantime, the significance of a special group of steels, i.e., press-32 
hardening boron steels (PHS), has rapidly increased [1]. Hot formed martensitic steels of 22MnB5 type, 33 
providing tensile strength around 1500 MPa, have enabled remarkable weight savings in passenger car 34 
bodies without compromising crash-worthiness [2]. Despite the achievements within the steel research, 35 
new and still tightening regulations on CO2 emissions require constant development of alloys and 36 
manufacturing processes. Currently, there is a demand for novel PHS providing ultra-high tensile strength 37 
of around 2000 MPa [2]. That kind of steel grade would enable weight savings of about 30 % in 38 
comparison with standard 22MnB5 grades [2].  39 
 40 
The strength of martensite can be controlled by adjusting the C content of the steel [3]. However, retaining 41 
an adequate ductility or toughness has turned out to be challenging with higher C content of around 0.35 42 
% that is required to reach a requested tensile strength of 2000 MPa [4, 5]. Alternatively, steels of 0.28 C-43 
3 Mn (wt-%) type have been investigated for the same strength level [6]. The concepts of ductility, 44 
toughness and crash behavior are, however, complex by nature. For instance, tensile behavior of 45 
martensitic steels does not satisfactorily describe the crash behavior of press-hardened anti-intrusion 46 
components [7]. Instead, the crash folding capacity depends strongly on materials ability to allow strain 47 
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localization in bending deformation [8]. This feature can be measured using 3-point bending tests 48 
following the specifications of automotive standard VDA 238-100 [7]. Currently, 3-point bending is a 49 
reckoned method for assessing the crash behavior of PHS [9].  50 
 51 
The in-service properties of predominantly martensitic PHS are finalized in a so-called paint baking 52 
process, also known as bake hardening (BH) heat treatment, typically performed on the body-in-white 53 
components [10]. Gerber et al. [2] pointed out that the effect of this heat-treatment cycle needs to be taken 54 
into account when evaluating the crash behavior of PHS. To support this statement, our earlier study [11] 55 
indicated that a typical BH treatment of 170 ˚C (443 K)/20 min, leads to notable improvements in the 56 
fracture behavior of 34MnB5 steel. Dietchs et al. [12] reported improvements in the maximum bending 57 
angle for a novel PHS representing the same strength level with 0.34 % C. Recent studies [13, 14] have 58 
suggested that the maximum bending angle of uncoated PHS can be improved with the controlled 59 
decarburization of the surface, which tends to occur naturally if the austenitization step is carried out in 60 
the air atmosphere. Decarburization results in the formation of the soft ferritic subsurface layer that has 61 
improved ability to withstand strain localization in bending, while the tensile strength is not significantly 62 
decreased [13, 15].  63 
 64 
Bian et al. [8] pointed out that the standard 22MnB5 grade was not originally developed to meet the 65 
requirements of the automotive industry. The scientists suggested a number of ways to improve the alloy 66 
design and mechanical properties of hot formed martensitic steels. The improvements in mechanical 67 
behavior rely on the prior austenite grain size (PAGS) refinement with the aid of micro alloying elements 68 
[6, 16-18]. Moreover, reducing the amount and size of hard and coarse secondary phase particles such as 69 
TiN may be valuable [5, 16, 19, 20]. Another considerable property of PHS is materials resistance to 70 
hydrogen embrittlement, i.e., minimized risk for delayed cracking. Regarding this, the effects of micro 71 
alloying and controlled formation of nano-sized micro alloy precipitates seem to be advantageous: in 72 
addition to the grain refining effect, small precipitates act as hydrogen trapping sites [16]. Previous studies 73 
[5, 6, 16, 21, 22] are consistent that the increased resistance to delayed cracking is attributed to the addition 74 
of micro alloying elements Nb, Ti or V. More interestingly, also fine Fe based carbides seem to have a 75 
desired effect on the hydrogen embrittlement [6, 21]. Hence, along with micro alloying, also the BH 76 
treatment may be utilised to improve steels resistance against delayed fracture. 77 
 78 
Despite the undisputed development potential discussed above, the most important property of PHS is still 79 
an adequate hardenability. PHS are traditionally alloyed with 1.2-1.3 % of Mn along with 0.1-0.2 % of 80 
Cr. Mo, in turn, is not widely used, but is an appealing alloying element to be used in novel PHS, since it 81 
efficiently hinders ferrite transformation and synergistically increases the hardenability effect of B [23, 82 
24]. In a general level, Mo improves tempering resistance of martensitic steels by reducing the diffusivity 83 
of C [16, 24]. Therefore, the role of Mo is worth studying with respect to more conventional Cr alloying. 84 
Furthermore, Mo may increase the grain boundary cohesion of high angle grain boundaries (HAGB) [25]. 85 
Consequently, the effect of Mo on the ductility of martensite, including a large amount of HAGB [26], is 86 
one issue to consider, especially when negative effects of Mn alloying has been addressed earlier [25] and 87 
recently also within the context of PHS [5, 22]. Therefore, replacing some amount of Mn with Mo can be 88 
considered as a promising alternative when aiming for ultra-high strength levels.  89 
 90 
Even though the micro alloying of PHS has been suggested to bring in substantial improvements in 91 
properties, the effect of Ti and V on the mechanical properties is unclear and has not been comprehensively 92 
addressed elsewhere. The present study focuses on explaining the microstructure-property relationships 93 
of novel ultra-high strength PHS designed to reach ultra-high strength level of 2000 MPa. In addition, the 94 
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effect of the BH heat treatment will be studied, especially when evaluating the 3-point bendability of PHS 95 
as an indicative value for the crash behavior.  96 
 97 
2. Materials and methods 98 
 99 
2.1 Test materials 100 
 101 
The test materials comprised four boron-alloyed 34MnB5 based steels along with a non-boron alloyed 102 
34MnB5 based steel manufactured in the laboratory. In addition, a commercial 34MnB5 grade (hereafter 103 
Ref) was included in the experiments. Ref was supplied as continuously annealed (CA), meaning that an 104 
additional annealing treatment had been carried out after cold rolling. The laboratory steels were 105 
manufactured at Swerea KIMAB Research Centre (Stockholm, Sweden). The melts were made in a 106 
vacuum furnace and cast into 2 kg ingots with a square section of 40 x 40 mm. The ingots in the length of 107 
about 120 mm were reheated to 1250 ˚C (1523 K), annealed for 60 min, and hot rolled to 3 mm thickness 108 
using a laboratory rolling mill at the University of Oulu (Finland). The finishing temperature of the hot 109 
rolling was 900 ˚C (1173 K). The hot rolling was followed by accelerated cooling down to 650 ˚C (923 110 
K), after which the strips were slowly allowed to cool down to the room temperature in order to simulate 111 
the thermal cycle of the industrial coiling process. Later on, the sheets were cold rolled to the 1.5 mm final 112 
thickness. Hereafter, codes Steel A and B will be used when referring to the Cr alloyed laboratory steels. 113 
Respectively, codes Steels C, D, and E will be used when referring to the Mo alloyed steels. The codes 114 
and chemical compositions are listed in Table 1. 115 
 116 
Table 1. Codes and chemical compositions (in wt-%) for the investigated steels. 117 

Steel 
Sheet 

thickness 
C % Si % Mn % Cr % Mo % V % Ti % Al % B % N % Ti/N ratio 

Ref  1.1 mm 0.35 0.26 1.30 0.15 0.01 0 0.029 0.033 0.0026 0.0033 8.8 

A 1.5 mm 0.35 0.30 1.37 0.30 0 0 0.090 0.023 0.0022 0.0029 31.0 

B 1.5 mm 0.34 0.30 1.37 0.30 0 0.144 0.020 0.024 0.0019 0.0036 5.6 

C 1.5 mm 0.34 0.29 1.38 0.02 0.29 0 0.019 0.021 0.0019 0.0017 11.2 

D 1.5 mm 0.34 0.30 1.36 0.02 0.30 0.146 0.020 0.028 0.0017 0.0033 6.1 

E 1.5 mm 0.34 0.29 1.28 0.02 0.30 0.147 0.001 0.004 0.0001 0.0060 0.2 

 118 
As expressed in Table 1, Steels B, C, and D were alloyed with a conventional Al-Ti-B concept, but using 119 
slightly reduced amount of Ti, i.e., approximately 0.020 %. Considering the chemical compositions and 120 
Ti/N stoichiometric ratio of 3.4 [27], all N should be combined with Ti to form TiN in Steels B-D. TiN is 121 
very stable, and thus known to precipitate at high temperatures (at around 1400 ˚C (1673 K)) already 122 
during casting [16, 28]. In turn, Steel E was simply deoxidized using the typical amounts of Si and Mn 123 
without normal Al addition and contained slightly higher amount of N on purpose. Thus, the precipitation 124 
of TiN (and AlN) were thought to be eliminated in Steel E, thus leaving a vast majority of N available for 125 
precipitation with V. Steel A was micro alloyed with hyperstoichiometric amount of Ti (0.09 %) in order 126 
to form Ti based micro alloy precipitates. Respectively, Steels B, D, and E were micro alloyed with V 127 
(approximately 0.15 %) to form V based micro alloy precipitates. Fig. 1 presents optical micrographs of 128 
the initial microstructures.  129 
 130 
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 131 
Fig. 1. Optical micrographs transverse to the rolling direction of the investigated steels; a) Ref; b) Steel 132 
A; c) Steel B; d) Steel C; e) Steel D; f) Steel E. 133 
 134 
The optical micrographs (Fig. 1) reveal clear differences in the initial microstructures. The industrially 135 
produced reference grade Ref shows a partially recrystallized structure (Fig. 1a), meaning that the 136 
performed annealing step has also changed the pearlite morphology compared to the typical cold rolled 137 
structure seen in Steels A (Fig. 1b) and B (Fig. 1c). Accordingly, Steel A and B, consist primarily of ferrite 138 
and pearlite (Fig. 2a-c). Pearlite is seen in the form of large colonies together with elongated ferrite grains. 139 
The microstructures of Steels C, D, and E consists more preferably of finer constituents such as acicular 140 
ferrite and bainite with a small amount pearlite. From Steels C, D, and E, the amount of pearlite is highest 141 
in Steel E (Fig. 1f) most likely due to absence of B alloying. Mo is effective in preventing the formation 142 
of pearlite and instead promotes formation of bainite [29]. V, in turn, has been reported to promote the 143 
formation of acicular ferrite instead of pearlite, and thus to increase hardenability of steel when it is in 144 
solution [30]. To sum up, it is evident that alloying concept controls the initial microstructure. 145 
 146 
2.2 Press hardening experiments and bake hardening heat treatments 147 
 148 
The cold rolled (CR) strip was cut into 100x60x1.5 mm sample sheets to be used in press hardening 149 
experiments. The experiments were carried out by using a custom-built press hardening equipment with a 150 
water-cooled flat-die. The details of the equipment have been described more specifically in an earlier 151 
study [31]. Two austenitization cycles designated as Ac3+60 s (~3 min) and Ac3+180 s (~5 min), in a 152 
constant furnace temperature of 900 ˚C (1173 K), were examined based on the required time to reach the 153 
austenite transformation temperature Ac3. The equation proposed by Kasatkin et al. [32] was chosen to 154 
calculate the Ac3 temperatures for each steel. This procedure resulted in small differences in the total 155 
soaking times between the investigated steels as indicated in Table 2. The used definition allows unbiased 156 
comparison between the steels with different chemical compositions.  157 
 158 
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Table 2. Calculated Ac3 temperatures and examined austenitization cycles of the press hardening 159 
experiments based on the time required to reach Ac3 at a constant furnace temperature of 900 ˚C (1173 K). 160 

Steel Ac3 Ac3+60 s ( ~ 3 min) Ac3+180 s ( ~ 5 min) 

Ref  800 ˚C (1073 K) 172 s 292 s 

A  812 ˚C (1085 K) 178 s 298 s 

B  797 ˚C (1070 K) 172 s 292 s 

C  813 ˚C (1086 K) 179 s 299 s 

D  815 ˚C (1088 K) 180 s 300 s 

E 809 ˚C (1082 K) 177 s 297 s 

 161 
As measured, the temperature of the sheet was approximately 890 ˚C (1163 K) in the end of the shorter 162 
austenitization cycle of Ac3+60 s. However, in the case of prolonged cycle of Ac3+180 s, the target 163 
temperature of 900 ˚C (1173 K) was attained. After soaking, a sample was automatically transferred within 164 
3 seconds to the die and subsequently quenched without deformation with 30 kN pressing force. A cooling 165 
rate of at least 80 ˚C/s was attained. The automated transfer mechanism ensured excellent repeatability of 166 
the experiments. After the press hardening experiments, another set of the die-quenched steel sheet 167 
samples were subjected to the BH heat treatment of 170 ˚C (423 K)/20 min. The heat treatment procedure 168 
was carried out following the specifications of EN 10325-2006 [33]. The procedure has been described 169 
more in detail in an earlier study [11].  170 
 171 
2.4. Microstructure analysis 172 
 173 
Metallographic samples in CR, PH, and PH+BH conditions were prepared with standard metallographic 174 
methods and etched using 4 % Nital solution. Systematic analysis with an optical microscope Nikon 175 
Eclipse MA 100 and a scanning electron microscope (SEM) Zeiss Ultra Plus equipped with energy 176 
dispersive X-ray spectrometer (EDS) INCAx-act silicon-drift detector, Oxford Instruments, were carried 177 
out. The SEM was fitted with a HKL Premium-F Channel electron backscatter diffraction (EBSD) system 178 
and a Nordlys F400 detector. EBSD analysis were performed for all steels and examined austenitization 179 
cycles to reveal prior austenite grain structures. The samples used in the EBSD measurements were final 180 
polished using colloidal silica suspension. The employed step size and acceleration voltage were 0.15 μm 181 
and 20 kV, respectively. The analyzed areas of 175×125 μm were located in one-third of the thickness of 182 
the sheet. Prior austenite grain boundary maps were reconstructed utilizing the EBSD data of martensitic 183 
microstructures. An algorithm script introduced by Nyyssönen et al. [34] was employed and reconstruction 184 
followed the methodology presented earlier in [31]. Then, mean linear intercept method was used in the 185 
actual prior austenite grain size (PAGS) determination as described earlier in [11]. Furthermore, the cross-186 
sections used in the EBSD analysis were additionally characterized with the SEM to determine the area 187 
fraction of coarse secondary phase particles. A total of 40 SEM images (20 images from Ac3+60 s and 20 188 
images from Ac3+180 s) with an original magnification of 1000x were used to determine the area fraction 189 
of coarse particles/inclusions. This resulted in the total spatial area of approximately 0.4 mm2 per steel. 190 
An ImageJ image analysis software [35] was used to threshold SEM images in order to separate the darker 191 
particles from the brighter matrix. In addition, SEM-EDS analysis with the acceleration voltage of 15 kV 192 
were simultaneously performed to roughly identify types of coarse secondary phase particles.  193 
 194 
A transmission electron microscope (TEM) Jeol JEM-2010 equipped with an EDS detector Noran Vantage 195 
Si(Li), Thermo Scientific, was used to analyze nano-sized precipitates from the PH steels. The TEM 196 
samples were prepared from the micro alloyed Steels A, B, D, and E using an extraction replica technique 197 
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described specifically in [11]. For each sample, the size (diameter) of all identifiable precipitates were 198 
determined from five TEM bright field (BF) images, which resulted in the analyzed area of approximately 199 
2 μm2 per steel. In practice, precipitates smaller than 2 nm by diameter were difficult to identify. In 200 
addition, EDS point measurements and selected area electron diffraction (SAED) patterns were utilized to 201 
determine compositions and structures of the selected precipitates. In each case, the employed acceleration 202 
voltage was 200 kV. 203 
 204 
The samples used in 3-point bending tests (to be described in section 2.3) were also sectioned in order to 205 
characterize the depth of decarburization. First, the thickness of a ferritic decarburization layer was 206 
evaluated using optical micrographs. In addition, a GDA750 glow discharge optical emission spectroscope 207 
Spectruma Analytik GmbH was used to measure the carbon concentration profiles from surface down to 208 
the depth of approximately 50 μm. Duplicate measurements per sample were carried out with the 209 
sputtering diameter of 4 mm. 210 
 211 
2.3. Mechanical tests 212 
 213 
Tensile test specimens with a gauge length of 8.0 mm and width of 2.0 mm were water jet cut out of the 214 
hardened sheets. It can be mentioned that the measured total elongation values cannot be compared with 215 
the standard A80 values but allow comparison between the steels used here. Three tensile specimens were 216 
prepared from each sample in both PH and PH+BH conditions. Quasistatic tensile tests were carried out 217 
at the strain-rate of 5 x 10-4 s-1 using a servo hydraulic materials testing machine Instron 8800 equipped 218 
with a 50 kN load cell. The elongation was measured using an extensometer with a 6 mm gauge length.   219 
 220 
After die quenching, additional steel sheet samples in the standard size of 60x60x1.5 mm were prepared 221 
for 3-point bending tests to be examined in both PH and PH+BH conditions. The bending axis was 222 
transverse to the rolling direction. The bending tests were carried out following the specifications of VDA 223 
100-238 by using a servo hydraulic materials testing machine MTS TestStar 810. Three parallel tests per 224 
steel were performed except in the case of Steel C (PH+BH) and Steel E (PH), in which only two 225 
successful tests were carried out. A bending fixture with low-friction support rolls (diameter 30 mm) and 226 
punch radius of 0.4 mm was used. A speed of 20 mm/min was used in bending tests. The bending angle 227 
at maximum force Fmax, designated hereafter as αFmax, was calculated based on the geometry of the test-228 
set up and measured force vs. displacement data as specifically described in VDA 100-238 [36]. 229 
 230 
3. Results 231 
 232 
3.1. Transformed microstructures 233 
 234 
Fig. 2 presents examples of the SEM micrographs for Steels C and E in both PH and PH+BH conditions, 235 
austenitized for Ac3+180 s/900 ˚C (1173 K). Based on the SEM analysis, predominantly martensitic 236 
microstructures were attained for all investigated steels in the case of both examined austenitization cycles 237 
of Ac3+60 s/900 ˚C (1173 K) and Ac3+180 s/900 ˚C (1173 K). In a general level, corresponding 238 
morphologies were observed in the case of all steels, and are not thus presented here thoroughly. 239 
 240 
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 241 
Fig. 2. Example SEM micrographs of Steel C in; a) PH and; b) PH+BH condition and Steel E in; c) PH 242 
and; d) PH+BH condition after austenitizing for Ac3+180 s at 900 ˚C (1173 K). The microstructures are 243 
mixtures of hard martensite (M) and auto-tempered martensite (AM). 244 
 245 
In the PH condition (Fig. 2a and 2c), the microstructures consist of hard martensite (M) and auto-tempered 246 
martensite (AM). AM contains fine cementite precipitates (white dots in the SEM images) already in the 247 
PH state, while the regions of M are principally pure from cementite. The characteristics of auto-tempering 248 
has been discussed more in detail in our earlier studies [11, 31] and also by other researchers [37]. Thus, 249 
the auto-tempering, occurring for the time span of some seconds between approximately 400 ˚C (673 K) 250 
and 200 ˚C (473 K), causes the formation of fine cementite precipitates that are identifiable with SEM. In 251 
turn, the microstructural influence of the BH treatment is not that clear, but can be also observed from the 252 
increased amount and size of fine cementite precipitates in particular within the areas of hard martensite. 253 
Accordingly, the increased amount of fine cementite particles can be observed more clearly in Steel C 254 
(Fig. 2b), whereas in the case of Steel E (Fig. 2d) the same behavior is not obvious. This may be caused 255 
by local differences in microstructures and etching behavior, but can also depend on alloying. 256 
Understanding the role of alloying elements would require comprehensive TEM studies, and will be 257 
therefore left outside the scope of this study. The formation of very fine Fe based transition carbides should 258 
also occur during the BH treatment [38], but cannot be identified with the SEM analysis. It is believed 259 
that they are too fine to be seen with the resolution of SEM. However, evidence on the formation of 260 
transition carbides in the corresponding conditions has been presented earlier by other researchers for 261 
example in [39]. 262 
 263 
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It has been reported [15] that surface decarburization promotes the formation of a soft ferritic subsurface 264 
layer and improves the 3-point bendability of martensitic PHS. Thus, the subsurface microstructures were 265 
characterized from the samples used in the 3-point bending tests. Fig. 3 presents representative optical 266 
micrographs from the subsurface regions of each laboratory steel after austenitizing for Ac3+180s at 900 267 
˚C (1173 K). Ref is omitted here, since it was excluded in 3-point bending due to smaller sheet thickness. 268 
 269 

 270 
Fig. 3. Optical micrographs from the subsurface regions of the PH steels; a) Steel A; b) Steel B; c) Steel 271 
C; d) Steel D; e) Steel E after austenitizing for Ac3+180 s at 900 ˚C (1173 K). Steels A, B, C and E show 272 
ferritic phases on the surface, whereas the subsurface microstructure of Steel D is most preferably fully 273 
martensitic. The scale is the same in all images. 274 
 275 
A ferritic layer with a thickness of approximately 10-30 μm has formed in Steels A (Fig. 3a) and E (Fig. 276 
3e). However, Steels B (Fig. 3b) and C (Fig. 3c) show only small amount of ferrite in the vicinity of the 277 
surface. Steel D (Fig. 3d), in turn, do not show any ferritic phases and microstructure is predominantly 278 
martensitic even in the surface. It needs to be considered that the formation of ferritic layer depends on 279 
the chemical composition, which in turn controls the hardenability of steel. Therefore, local carbon content 280 
and the amount of other alloying elements control the phase transformations. To create better 281 
understanding on the role of decarburization, carbon concentration profiles from surface towards sheet 282 
thickness centreline were determined. The measured GDOES profiles are presented in Fig. 4. 283 
 284 
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 285 
Fig. 4. Carbon concentration profiles; a) measurement #1; b) measurement #2 by GDOES for the 286 
laboratory Steels A-D measured from the surface of the 3-point bending samples (Ac3+180 s/900 ˚C (1183 287 
K)) in the PH condition. 288 
 289 
The graphs (Fig. 4) support the observations made on the basis on the optical micrographs (Fig. 3). Steels 290 
A, C, and E show the smallest carbon concentration in the subsurface region, whereas in Steels B and D 291 
the concentrations are much higher in the vicinity of the surface. In addition, the results suggests that also 292 
steel composition has affected the decarburization process, e.g., by controlling the oxide layer 293 
characteristics. The comparison of Fig. 4a and 4b, implies that there exists some scatter between the 294 
measurements. This may be caused by local compositional differences and small fluctuations in the 295 
surface topographies. However, the mutual order of steels is the same in both cases. 296 
 297 
3.3. Prior austenite grain sizes 298 
 299 
Fig. 5 presents examples of the reconstructed parent austenite grain boundary maps for Steels A and B. 300 
The maps show prior austenite grain boundaries (PAGB) as black lines. In addition, red and green lines 301 
show packet and block boundaries of martensite, respectively. 302 
 303 
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 304 
Fig. 5. Prior austenite grain boundary (PAGB) maps for Steel A austenitized for; a) Ac3+60 s; b) Ac3+180 305 
s/900 ˚C (1173 K) and for Steel B austenitized for; c) Ac3+60 s; d) Ac3+180 s/900 ˚C (1173 K). The 306 
viewing direction is transverse to the original rolling direction. PAGB are superimposed on EBSD band 307 
contrast images as black lines, and the red and green lines show packet and block boundaries of martensite, 308 
respectively. (For interpretation of the references to color in this figure legend, the reader is referred to the 309 
web version of this article.) 310 
 311 
The PAGB maps (Fig. 5) imply that the attained PAGS are very fine. In addition, a small increase in PAGS 312 
can be observed between the examined austenitization times. The grains are equiaxed indicating that 313 
austenite has recrystallized during the examined austenitization cycles. Table 3 summarizes the measured 314 
PAGS for all investigated steels. 315 
 316 
Table 3. Measured PAGS for the PH samples austenitized for Ac3+60 s and Ac3+180 s at 900 ˚C (1173 317 
K). Designation ΔGS refers to the increase in PAGS between the studied austenitization cycles. 318 

Steel PAGS, (µm) – TD, Ac3+60s/900 °C PAGS (µm) – TD, Ac3+180s/900 °C ΔGS(µm) – TD 

Ref  4.7 (±0.4) 5.6 (±0.7) 0.9 

A  2.4 (±0.1) 3.8 (±0.3) 1.4 

B  3.7 (±0.4) 5.4 (±0.6) 1.7 

C  3.6 (±0.4) 4.5 (±0.6) 0.9 

D  2.8 (±0.2) 3.9 (±0.4) 1.1 

E 2.6 (±0.2) 6.0 (±0.8) 3.4 

 319 
The measurement data confirms that the PAGS of laboratory Steels A-E are extremely fine especially after 320 
the shorter austenitization cycle of Ac3+60 s/900 ˚C (1173 K). The longer austenitization cycle of Ac3+180 321 
s/900 ˚C (1173 K) has resulted only in the small increase in the PAGS designated here as ΔGS. As noted 322 
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in Fig. 5, the most efficient PAGS refinement was achieved in Steel A alloyed with excess Ti. The PAGS 323 
of the other Cr alloyed Steel B (micro alloyed with V), are slightly larger. Almost equal PAGS has been 324 
attained also for Mo-alloyed Steels C and D. When comparing Steels C and D, the measured PAGS are 325 
slightly smaller in Steel D that was additionally micro-alloyed with V.  In Steel E (micro alloyed with V), 326 
the measured PAGS is extremely small after the shorter austenitization cycle of Ac3+60 s/900 ˚C (1173 327 
K), whereas the prolonged annealing of Ac3+180 s/900 ˚ (1173 K) has resulted in the most remarkable 328 
increase in the PAGS. As a sole, this has resulted in larger PAGS in comparison with Ref. 329 
 330 
3.4. Coarse secondary phase particles and inclusions 331 
 332 
The area fraction of coarse secondary phase particles were characterized from polished and unetched 333 
cross-sections. Fig. 6 presents example SEM images used in the analysis for a Steels A and C. 334 
 335 

 336 
Fig. 6. Example SEM images of; a) Ref; b) Steel A; c) Steel C revealing secondary phase particles as 337 
darker from the brighter matrix. 338 
 339 
Based on the present context and elemental information gathered with EDS, the secondary phase particles 340 
(or inclusions) were appraisingly identified. Table 3 summarizes the indicative results of the types of 341 
particles/inclusions. In addition, the calculated area fractions of all recognizable particles are presented. 342 
 343 
 344 
 345 
 346 
 347 
 348 
 349 
 350 
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Table 4. Types and determined area fractions of coarse secondary phase particles. 351 

Steel 
Coarse secondary phase particles/inclusions based 

on SEM-EDS (+oxides and oxysulfides) 

Calculated area fractions (%) 

Ac3+60 s Ac3+180 s Total (avg.) 

Ref  MnS; TiN; Al2O3+TiN, Ti(C,N) 0.094 0.065 0.080 

A  MnS; Al2O3; TiN; Al2O3+TiN; Ti4C2S2; TiC; Ti(C,N) 0.172 0.169 0.171 

B  MnS; Al2O3; TiN; (Ti,V)N, Al2O3+(Ti,V)N; (Ti, Vn)(C,N) 0.068 0.080 0.074 

C  MnS; Al2O3; TiN; TiN+Al2O3; 0.087 0.082 0.085 

D  
MnS; Al2O3; TiN, (Ti,V)N; Al2O3+(Ti,V)N; (V,Ti,Mo)C; 

(V,Ti,Mo)(C,N)  
0.080 0.093 0.087 

E MnS; Al2O3 0.061 0.064 0.063 

 352 
In addition to the particle/inclusion types listed in Table 4, the EDS analysis indicated that a small amount 353 
of oxysulfides were present in all steels. Steel A, alloyed with a hyperstoichiometric amount of Ti (0.09 354 
%), contained the highest amount of coarse secondary phase particles, whereas the measured amounts 355 
were smallest in Steel E. Regarding the nature of the characterization process, the determined particle 356 
fractions of Steels B, C, D, and E are at the same level. Steel E contained the smallest amount of particles 357 
due to intentional absence of Ti and Al, both of which are nitride formers. The largest particle area fraction 358 
of Steel A must be related to the presence of a relatively large amount of Ti4C2S2 that has been reported 359 
for example in [40-42]. In the case of laboratory steels, no clear differences were identified between the 360 
examined austenitization times of Ac3+60 s and Ac3+180 s. However, industrially manufactured reference 361 
steel Ref, showed larger scatter between the austenitization times (Table 4). In Ref, relatively coarse pure 362 
TiN were present (Fig. 7a). Regarding the slightly higher Ti content of Ref (Table 1), the area fraction of 363 
TiN was most likely higher than in Steels A-D, but on the basis of our analysis, the fraction of aluminium 364 
oxides (Al2O3) was clearly smaller. It can be evaluated that due to this reason the aggregate amount of 365 
coarse particles was comparable between Ref and laboratory Steels A-D.  366 
 367 
3.5. Nano-sized carbide and carbo-nitride precipitates 368 
 369 
The combination of alloying elements and processing history determines the size and density of 370 
precipitates in the micro alloyed Steels A, B, C, and D. Regarding the hot rolling histories of the laboratory 371 
steels, precipitation of Ti and V containing particles may have started already during hot rolling as a strain 372 
induced precipitation [27]. However, according to current understanding [27] both TiC and V(C,N) have 373 
pronounced avidity to precipitate at lower temperatures starting approximately from 650 ˚C (923 K), in 374 
conjunction with a slow cooling rate and austenite decomposition. The precipitation mechanisms are not, 375 
however, addressed further in the present study, but the precipitation characteristics will be discussed in a 376 
general level in order to explain their roles in mechanical behavior. In contrast to micro alloyed hot-rolled 377 
steels, press hardening steels are additionally subjected to cold-rolling, and reaustenitization cycles (~900 378 
˚C (1173 K)) prior to die-quenching. Therefore, the precipitate structures may change significantly as a 379 
result of the subsequent heat treatments. In particular, the role of austenitization parameters of the press 380 
hardening process needs to be carefully considered. Fig. 7 and 8 present the summarized results of the 381 
TEM analysis. 382 
 383 
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 384 
Fig. 7. Results of TEM-analysis (carbon extraction replicas) for the Cr alloyed steels. Steel A in the PH 385 
condition after austenitizing for; a) Ac3+60 s; b) Ac3+180 s at 900 ˚C (1173 K). Respectively, results of 386 
Steel B after austenitizing for; c) Ac3+60 s; d) Ac3+180 s. 387 
 388 
As indicated in Fig. 7a and 7b, a large amount of fine TiC precipitates are present in the samples of Steel 389 
A after both austenitization cycles. This implies that high amount of Ti has been available for precipitation. 390 
In other words, almost all Ti except to extremely stable TiN and Ti4C2S2 must have dissoluted during the 391 
reannealing carried out at 1250 ˚C (1523 K) for 1 h [40]. The longer austenitization time of Ac3+180 s 392 
(Fig. 7b) has not markedly increased the average precipitate size (from 4.5 nm to 5.2 nm), but has 393 
decreased the frequency of precipitates (from 832 to 506) and increased scatter in the precipitate size. 394 
Accordingly, a small scale coarsening of Ti containing precipitates has occurred between the examined 395 
austenitization cycles. The attained results are in line with the PAGS measurements (section 3.3): the 396 
comparison of the PAGB maps (Fig. 5a and 5c) suggests that the decrease in the amount of stable 397 
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precipitates has led to a moderate increase in the PAGS. However, the stability of TiC is known as 398 
relatively good as discussed for example in [43]. This explains the presence of large amount of fine 1-10 399 
nm precipitates even after the longer austenitization cycle of Ac3+180 s/900 ˚C (1173 K). In addition, it is 400 
well known [27] that the carbides and nitrides of Ti and V are B1 NaCl (Fm3m) by their structure. 401 
Regarding this, it is not reasonable to analyze the structure of individual precipitates more in detail in the 402 
present study.  403 
 404 
Fig. 7c and 7d show the results of the TEM analysis for Steel B. According to the TEM-EDS analysis, 405 
mixture carbides of (V,Ti)C were mainly present. By comparison, the amount of V based carbides in Steel 406 
B is clearly smaller than the amount of TiC observed in Steel A. In addition, the precipitate size is clearly 407 
larger in Steel B and the precipitate size has increased stronger with the prolonged austenitization time. 408 
Based on this, the prolonged soaking at the furnace temperature of 900 ˚C leads to the coarsening and 409 
dissolution of V containing precipitates. This theory is supported by the PAGS measurements (Table 3), 410 
since the PAGS of Steel B are larger compared to Steel A. Nevertheless, there are still a relatively large 411 
amount of precipitates remaining even after the longer austenitization cycle of Ac3+180 s. To elucidate the 412 
differences in the attained precipitate structures, the theory of V micro alloying needs to be briefly 413 
considered. As noted for example in [28; 44], V has much higher solubility in austenite compared to Ti, 414 
and thus complete dissolution at 1250 ˚C (1523 K) can be expected even with the present contents of 415 
around 0.15 % V and 0.35 % C which are relatively high [28]. This means that a large amount of V has 416 
been free for precipitation. The precipitation of more stable VN could have also occurred, but is believed 417 
to be insignificant in Steel B, since both Ti and Al have higher affinity for N and should have combined 418 
to form (Ti,Al)N [43]. As indicated in Table 3, some V was present in coarse precipitates of (Ti,V)N and 419 
(Ti,Vn)(C,N). From the dispersion hardening point of view, the precipitation of VC is preferred in V 420 
containing steels [28]. This theory is also supported by the present results showing only V rich carbides 421 
in the carbon extraction replicas of Steel B (Fig. 7c and 7d).  422 
 423 
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 424 
Fig. 8. Results of TEM-analysis (carbon extraction replicas) for Mo alloyed steels: Steel D in the PH 425 
condition after austenitizing for a) Ac3+60 s; b) Ac3+180 s at 900 ˚C (1173 K). Respectively, results of 426 
Steel E after austenitizing for; c) Ac3+60 s; d) Ac3+180 s. 427 
 428 
The TEM analysis carried out for Steel D (Fig. 8a and 8b) showed larger amount of V based carbides 429 
compared to Steel B (Fig 7c and 7d). In the case of Steel D, a majority of the carbides were identified as 430 
mixture carbides of (V,Ti,Mo)C. Similarly to Steel B, the longer austenitization time (Fig. 8b) decreased 431 
the amount of precipitates and increased also the precipitate size. However, the coarsening of V containing 432 
mixture carbides (V,Ti,Mo)C was slightly smaller in Steel D, which is also supported by slightly smaller 433 
PAGS in Steel D (Table 3). The effects of Mo alloying are in line with the literature: it has been reported 434 
that Mo can improve the thermal stability of Ti containing precipitates [45], and thus same effects can be 435 
expected here in the case of VC. Furthermore, Mo decreases the austenite decomposition temperature by 436 
favoring bainite formation instead of pearlite [23]. Hence, precipitation process, occurring mainly during 437 
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the austenite decomposition, starts generally at lower temperatures which can also refine the average 438 
precipitate size [46].  439 
 440 
As indicated in Fig. 8c and 8d, Steel E exhibited the most interesting precipitate structures: the amount of 441 
(V,Mo)C is notably high in the sample that was austenitized for Ac3+60 s/900 ˚C (1173 K) (Fig. 8c), but 442 
the prolonged austenitization time of Ac3+180 s/900 ˚C (1173 K) decreased the amount precipitates 443 
drastically (Fig. 8d). The trend of precipitate coarsening can be also clearly seen in the form of larger 444 
PAGS results (Table 3). Considering the precipitate structures of V containing steels after Ac3+60 s, the 445 
amount of middle size precipitates (5-12 nm) is clearly highest in Steel E. However, the average precipitate 446 
sizes are comparable with Steel D and slightly smaller than in Steel B. The attained precipitate sizes could 447 
be at least partially explained with stability differences between V containing carbides. Accordingly, the 448 
mixture carbides of (V,Mo)C formed in Steel E and (V,Ti)C formed in Steel B, have coarsened more than 449 
the most complex (V,Mo,Ti)C observed mainly in Steel D. Exceptionally large amount of V containing 450 
precipitates in Steel E (Fig. 8a) suggests that the precipitation has occurred within a wide range of 451 
temperatures. In addition, the contribution of nitrogen and successive formation of V(C,N) must be 452 
considered here, since Steel E did not practically contain other nitride forming elements Ti, Al, and B. 453 
However, TEM-EDS analysis did not reveal the presence of N either in the V containing precipitates, and 454 
thus the attained results do not fully explain the observed behavior. Despite this, there are reasons to 455 
believe that large amount of N containing precipitates are actually present in Steel E, and it is possible that 456 
there has been difficulties to identify N with EDS. As noted by Lagneborg et al. [44] the precipitation of 457 
V containing precipitates starts with N rich V(C,N). After that, the precipitation of V(C,N) propagates 458 
with constantly increasing C content and occurs finally as pure VC. Therefore, it is believed that the 459 
precipitation N rich V(C,N) should have occurred in the early stages of the precipitation process. However, 460 
the employed carbon extraction replica technique has not been appropriate for revealing the presence of 461 
those precipitates. 462 
 463 
3.6. Tensile behavior 464 
 465 
Tensile testing at a quasistatic strain-rate of 5 x 10-4s-1 was carried out for the specimens in both PH and 466 
PH+BH conditions. Fig. 9 presents example engineering stress-strain curves for Steel D in both PH and 467 
PH+BH conditions. 468 

 469 
Fig. 9. Tensile test curves for Steel D in the case of both austenitization cycles of; a) Ac3+60 s; b) Ac3+180 470 
s at 900 ˚C (1173 K). The curves measured in both press-hardened (PH) and additionally bake hardened 471 
(PH+BH) conditions are presented. The peaks of the curves indicating uniform elongation and ultimate 472 
tensile strenght are marked using black circles. 473 
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The presented stress vs. strain curves (Fig. 9) represent the behavior of three parallel specimens. The 474 
observed tensile behavior followed the same trend in the case of all steels: the specimens that were cut 475 
from the middle part of the sheets showed highest strength, but lowest total elongation values. The other 476 
two specimens were cut closer to the edges of the sheet. Those specimens exhibited slightly smaller 477 
strength values but larger total elongation. This behavior must have been caused by local cooling rate 478 
differences in the die-quenched samples, indicating that the highest cooling rate and surface pressure was 479 
achieved in the middle parts of each sheet sample. Regarding this, the auto-tempering of martensite has 480 
been more significant in the specimens cut from the side areas. The scatter between the side specimens is 481 
most likely natural by nature. It is however believed that the averaged values from three parallel tests 482 
correlate well with the properties of industrially produced components, which are also involved with local 483 
cooling rate differences. The mechanical properties are summarized in Table 5.  484 
 485 
Table 5. Mechanical properties for the investigated steels in both PH and PH+BH conditions. Post-486 
uniform elongation values are only used for the comparison between the investigated steels.  487 

 Ac3+60 s/900 °C (1173 K) - PH Ac3+60 s/900 °C (1173 K) - PH+BH 

Steel 
Rp0.2  

(MPa) 
Rm 

(MPa) 
Rp0.2/Rm 

Ag 
(%) 

Post-uniform 
elongation 

(%) 

Rp0.2  
(MPa) 

Rm 
(MPa) 

Rp0.2/Rm 
Ag 
(%) 

Post-uniform 
elongation 

(%) 

Ref 1480 2120 0.70 5.4 2.0 1620 1960 0.83 4.8 7.2 

A 1370 2000 0.69 5.1 2.6 1530 1850 0.83 4.1 5.3 

B 1350 1990 0.68 5.2 4.7 1500 1860 0.81 4.7 9.5 

C 1320 1980 0.67 5.3 5.4 1510 1870 0.81 4.4 7.1 

D 1360 1990 0.68 4.9 5.5 1560 1890 0.83 4.4 7.4 

E 1340 1980 0.68 4.6 1.4 1640 1960 0.84 4.5 7.2 

 488 

 Ac3+180 s/900 °C (1173 K) - PH Ac3+180 s/900 °C (1173 K) - PH+BH 

Steel 
Rp0.2  

(MPa) 
Rm 

(MPa) 
Rp0.2/Rm 

Ag 
(%) 

Post-uniform 
elongation 

(%) 

Rp0.2  
(MPa) 

Rm 
(MPa) 

Rp0.2/Rm 
Ag 
(%) 

Post-uniform 
elongation 

(%) 

Ref 1460 2120 0.69 5.4 2.6 1550 1950 0.79 4.8 7.2 

A 1320 1950 0.68 4.3 2.6 1490 1840 0.81 4.3 7.5 

B 1300 1940 0.67 4.4 4.7 1440 1840 0.78 4.9 8.3 

C 1290 1940 0.67 4.8 4.6 1430 1810 0.79 4.3 7.7 

D 1330 1960 0.68 4.7 3.9 1480 1840 0.80 4.7 10.9 

E 1300 1910 0.68 3.7 2.3 1470 1850 0.79 4.2 6.2 

 489 
In principle, the measured strength values of Steels A-D (Table 5) are typical for martensitic steels having 490 
C contents of 0.34-0.35 %, but for some reason, the values are systematically lower compared to the 491 
industrially manufactured reference steel Ref. The higher strength of the Ref could be at least partially 492 
explained by the smaller sheet thickness of 1.1 mm, which naturally leads to the higher cooling rate in 493 
die-quenching. This should hinder the auto-tempering behavior and result in the formation of harder 494 
martensite. This interpretation is in line with the results reported by Tabata et al. [47]. The scientists 495 
showed that higher cooling rate below Ms correlated with higher yield and tensile strength in 22MnB5 496 
steels. In the present case, the Rp0.2 values of Ref (1480 MPa and 1460 MPa) are higher than the values 497 
measured for a micro alloyed 34MnB5 grade (1.5 mm), i.e., 1430 MPa and 1410 MPa studied in our 498 
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previous study [11]. Therefore, it is believed that in particular the yield strength of Ref is affected by 499 
higher cooling rate below Ms that has hindered the auto-tempering of Ref. To take another view, it is also 500 
possible that industrially produced grades contain lower level of oxides. This factor was actually observed 501 
during the analysis of the coarse secondary phase particles (section 3.4).   502 
 503 
3.7. 3-point bendability 504 
 505 
3-point bending tests (VDA 100-238) were carried out for the PH and PH+BH samples austenitized for 506 
Ac3+180 s at 900 ˚C (1173 K). Figure 10 presents averaged values for maximum bending angle at 507 
maximum bending force αFmax along with representative load vs. displacement curves. 508 
 509 

 510 
Fig. 10. a) Results of 3-point bending tests expressed as maximum bending angle at maximum force 511 
(αFmax) for the laboratory Steels A-E in both PH and PH+BH conditions. b) Examples of load vs. 512 
displacement curves. 513 
 514 
The attained αFmax values imply that all steels showed almost comparable bending behavior, i.e., αFmax 515 
values of 55-62˚ when tested in the PH condition. Correspondingly, the values measured in PH+BH 516 
condition were 57-73˚ with larger scatter between the studied steels. Based on the present results, the 517 
positive effect of the BH treatment is not as unambiguous as observed according to the tensile test results 518 
(Table 5). Steels B and Steels E showed clear increase of 8-9˚, whereas Steels A and D exhibited small 519 
decrease in αFmax as a result of the BH treatment. Steel A, in turn, showed only a small increase of 3˚. 520 
However, as illustrated in Fig. 10a, the scatter between parallel tests was relatively large. Therefore, it is 521 
difficult to evaluate if the obtained trends in αFmax are real or just caused by large scatter of the test method. 522 
In particular, the measured decreases after the BH treatment, i.e., Steels A and D are qustionable. All in 523 
all, the measured bending angles (Fig. 10a) are at a relatively good level regarding the C content (0.34-524 
0.35 %) and strenght level (~1900 MPa). By comparison, typical bending angle for 22MnB5 with PAGS 525 
of around 20 μm has been reported to be 55-60 ˚ [8]. 526 
 527 
4. Discussion 528 
 529 
4.1. Relationships between microstructures and strength  530 
 531 
Based on the current understanding [48], the PAGS correlates well with the packet and block size of 532 
martensite, and can be thus used to evaluate the desired grain refinement in martensitic PHS. The present 533 
results (Table 3) indicate that very fine PAGS of 2-6 μm can be attained when micro alloying with Ti or 534 
V, since the values are generally smaller compared to Ref. Thus, substantial grain size refinement was 535 
achieved with the alloying concepts of the present study. By comparison, the PAGS determined for several 536 
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22MnB5 grades in [31] were 5-8 μm after austenitizing for 180 s at 900 ˚C (1173 K). The PAGS of the 537 
present study are smaller, i.e., 2-4 μm after austenitizing for approximately 180 s at 900 ˚C (1173 K), even 538 
though there is larger driving force for the grain growth in 34MnB5 grades compared to 22MnB5. 539 
 540 
It is widely accepted that C content is the most dominating factor determining the strength of martensitic 541 
steels [3]. Some previous studies [6, 17, 49] have reported on the improved strength values due to micro 542 
alloying. However, practically attainable strength increment provided by micro alloy precipitates is not 543 
currently clear in 34MnB5 based steels. Fig. 11 depicts the correlation between PAGS and strength values 544 
for the investigated steels in the PH condition. 545 
 546 

 547 
Fig. 11. a) Correlation between yield strength (Rp0.2) and prior austenite grain size (PAGS). b) Correlation 548 
between tensile strength (Rm) and PAGS. c) Correlation between precipitate size (micro alloyed Steels A, 549 
B, D, and E) and PAGS. Results of Ref are omitted due to smaller sheet thickness. 550 
 551 
The trends and values presented in Fig. 11 suggest that the strength of martensitic 34MnB5 steels can be 552 
increased some tens of MPa through the practically achievable PAGS refinement. The attained strength 553 
values are consistent with earlier studies [31, 50], which have also shown the linear relationships between 554 
PAGS and strength of martensite. However, on the basis of the absolute values, micro alloying or 555 
industrially attainable grain size refinement cannot provide substantial effect on the strength of martensitic 556 
steels in the PH condition.  557 
 558 
In addition, Fig. 11 indicates that PAGS refinement and slightly increased strength are attributed to the 559 
micro alloying with V and Ti. To clarify, Steel C (no micro alloying) showed the smallest Rp0.2 values 560 
with both austenitization times. However, a closer look into graphs in Fig. 11a and 11b reveals that also 561 
other factors need to be pointed out. The measured PAGS of the Steel C, alloyed with 0.30 % Mo, were 562 
slightly smaller than the PAGS of Steel B, alloyed with a combination of 0.30 % Cr + 0.15 % V. This 563 
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result suggests that micro alloying does not necessarily result in smaller PAGS in 34MnB5 type steels. To 564 
explain this discrepancy, the initial microstructures of Steels B and C need to be taken into account. As 565 
presented in Fig. 1, the microstructure of Steel C is clearly finer and more uniform with respect to 566 
cementite distribution. Our earlier study [31] showed that the initial microstructure of 22MnB5 steel has 567 
a clear effect on the PAGS. In that study finer and more uniform distribution of pearlite/cementite resulted 568 
in the most efficient refinement of the PAGS, whereas the typical cold-rolled microstructure (full-hard) of 569 
22MnB5 consisting of large pearlite colonies and slightly elongated ferrite grains, resulted in the larger 570 
PAGS and slightly smaller strength values. Hence, it is believed that the differences in the initial 571 
microstructures are responsible for the observed behavior between Steels B and C. Regarding this, an 572 
appropriate control of the initial microstructure can compensate the absence of micro alloying elements at 573 
a relatively low austenitization temperatures of around 900 ˚C (1173 K). The importance of the initial 574 
microstructure has been also addressed in [18] and [51].  575 
 576 
Fig. 11c shows that there is correlation between precipitate size and PAGS, and thus supports the 577 
conclusion that the presence of micro alloy precipitates have a significant role in the PAGS refinement. 578 
In the present study, the average precipitate size was approximately 6-10 nm in V micro alloyed Steels B, 579 
D, and E, which is generally larger than the size of TiC precipitates in Steel A, i.e., around 5 nm (Fig. 7 580 
and 8). Slightly smaller PAGS of Steel A (Table 3) are in line with the study of Matsumoto et al. [21]. 581 
They reported that Ti is more effective than V when it comes to grain refining effect, because rapid 582 
dissolution of VC occurs above 900 ˚C (1173 K). This is supported by the TEM analysis (Fig. 7 and 8), 583 
however, it seems that the presence of Mo and Ti can hinder the coarsening of VC as already discussed in 584 
section 3.5. 585 
 586 
4.2. Effect of micro alloying concept on the bake hardening behavior 587 
 588 
The simulated BH treatment of 170 ˚C (423 K)/20 min had a strong influence on the mechanical properties 589 
of 34MnB5 steels (Table 5). Fig. 12a and 12b illustrate the relationships between PAGS and attained 590 
changes in strength values expressed in terms of ∆Rp0.2 (increase in yield strength) and -∆Rm (decrease in 591 
tensile strength). Fig. 12c, in turn, connects the measured precipitate size with ∆Rp0.2. 592 
 593 
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 594 
Fig. 12. a) Correlation between the attained increase in yield strength (∆Rp0.2) and parent austenite grain 595 
size (PAGS) after the bake hardening (BH) treatment. b) Correlation between the attained decrease in 596 
tensile strength (-∆Rm) and PAGS, respectively. c) Correlation between ∆Rp0.2 and precipitate size. The 597 
graph shown in b) presents only the results of micro alloyed Steels A, B, D, and E. Results of Ref are 598 
omitted due to smaller sheet thickness. 599 
 600 
Fig. 12a suggests that the finer PAGS correlates generally with the larger ∆Rp0.2, even though the attained 601 
correlation is not strong. Still, a corresponding trend was observed for conventional 22MnB5 steels in our 602 
earlier study [11]. Based on the widely accepted literature [38, 52] and conclusions made in [11], the 603 
attained increase in Rp0.2 is understood to be connected with the formation (or increased amount) of fine 604 
Fe based carbides, i.e., transition carbides and fine cementite precipitates, and their interactions with 605 
existing dislocations. This theory is supported by the present SEM analysis (Fig. 2) suggesting that the 606 
amount of fine cementite is increased in the BH treatment. Based on this, the formation of fine Fe based 607 
precipitates has an important role in the mechanical behavior, since they shorten the mean free path of 608 
dislocation glide. Accordingly, the smaller PAGS should result in more difficult dislocation motion, since 609 
smaller PAGS increases the dislocation density of martensite [53]. The attained results of V micro alloyed 610 
Steels B, D, and E are consistent with this theory: finer PAGS and smaller precipitate size correlated 611 
clearly with larger ∆Rp0.2 (Fig. 12a). The results of Ti alloyed steels are, however, contradictory. Steel A 612 
showed the smallest PAGS (Table 3) together with the largest amount of nano-sized precipitates (Fig. 7). 613 
Despite this, the ∆Rp0.2 values of Steel A were not the highest of all. As indicated in Fig. 12c the ∆Rp0.2 614 
values did not either show corresponding correlation with precipitate size as in the case of V micro alloyed 615 
steel, since no significant coarsening of TiC precipitates was observed due to higher stability of TiC. 616 
Nevertheless, an increase in the PAGS from 2.4 to 3.8 μm was measured, which should promote 617 
dislocation glide and smaller Rp0.2 after the longer austenitization cycle. Hence, more investigations would 618 
be needed to understand this discrepancy.  619 
 620 
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In fact, the results of Ti micro alloyed Steel A are very similar to our previously published results on Nb 621 
micro alloyed 34MnB5 steel addressed in [11]. In that study, no clear correlation between increased PAGS 622 
(from 4.6 μm to 7.6 μm) and BH induced increase in Rp0.2 was found: the values were around 150 MPa in 623 
the case of short (~3 min) and long (~7.5 min) austenitization times at 900 ˚C (1173 K). The possible 624 
factors have been discussed more in detail in [11] and will not be addressed in the present study. It can be 625 
only evaluated that the different behavior between Ti (or Nb) and V micro alloyed steels may be attributed 626 
to the characteristic misfit values between micro alloy precipitates and matrix. As described by Baker 627 
[27], the V(C,N) precipitates are an exception and can retain their coherency with a much higher size in 628 
comparison with TiC and NbC [27]. Hence, coherent Ti or Nb based precipitates are not practically present 629 
in Ti and Nb micro alloyed steels. It is generally understood [54] that coherent needle-like precipitates are 630 
cut by dislocations, and thus the strengthening mechanism (increase in yield strength) is stronger than 631 
provided by incoherent spherical precipitates, which more preferably result in the bowing of the 632 
dislocation fields. Therefore, a relatively large ∆Rp0.2 values in V containing Steels B, D, and E may be 633 
also attributed to the interactions between existing dislocations of martensite and fine coherent V based 634 
precipitates, in conjunction with incoherent spherical precipitates that were observed in the TEM analysis 635 
(Fig. 7 and 8). The shorter austenitization time promotes retaining the coherency of precipitates. In the 636 
present study, the longer austenitization cycle decreased the ∆Rp0.2 values of V micro alloyed steels, which 637 
may be connected with the loss in coherency. However, this behavior is most likely also associated with 638 
the increase in PAGS (Table 3), since larger grain size decreases dislocation density as discussed above. 639 
 640 
The graphs presented in Fig. 12a and 12c reveal that Steel E exhibited a distinctive mechanical behavior 641 
in the PH+BH condition: there are exceptionally large differences in the measured ∆Rp0.2 values between 642 
the investigated austenitization cycles of Ac3+60 s/900 ˚C (1173 K) and Ac3+180 s/900 ˚C (1173 K). The 643 
difference itself could be explained with the remarkable decrease in the density of nano-sized V containing 644 
precipitates (Fig. 8c and 8d). However, the ∆Rp0.2 value of 300 MPa is extremely high. Based on previous 645 
research works and understanding on the strengthening mechanisms of V micro alloyed steels [44, 46], 646 
the observed behavior can be only explained with the presence of relatively large amount of V(C,N). 647 
Kostryzhev et al. [54] have reported that the strengthening mechanisms provided by coherent and 648 
incoherent precipitates are different. Hence, is it believed that the precipitation hardening provided by fine 649 
and coherent V(C,N) precipitates can compensate the tempering of martensitic matrix, which tends to 650 
significantly decrease the tensile strength of 34MnB5 based steels. This is in line with the fact that a 651 
decrease of only 20 MPa was measured in Steel E. The present study cannot provide evidence on the 652 
presence of coherent V(C,N) precipitates, but Hutchinson et al. [20] reported similar type of results for V-653 
N micro alloyed martensitic steels. In that study martensitic steels were tempered at higher temperatures 654 
and V-N alloyed steels showed highest tempering resistance. Either Hutchinson et al. [20] were not able 655 
to identify coherent V containing precipitates with TEM, and thus their conclusion was partially 656 
speculative. However, they observed the presence of V clusters in matrix with TEM-EDS and suggested 657 
that the mechanism behind tempering resistance is most likely the formation of coherent VN precipitates 658 
that are extremely difficult to identify even from TEM foil samples. 659 
 660 
4.3. Relationships between microstructural features and ductility 661 
 662 
While fine nano-sized precipitates are generally considered valuable, the detrimental role of coarse 663 
secondary phase particles has been discussed in recent research works. For example, Bian and Mohrbacher 664 
[16] suggested discarding the traditional concept of Ti-B alloying by arguing that hard and coarse TiN 665 
particles decrease resistance to crack initiation: the particles act as sites for void formation during tensile 666 
testing and 3-point bending. Therefore, it is meaningful to pay attention to the role of secondary phase 667 
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particles. Fig. 13 presents the relationship between the measured amount of coarse secondary phase 668 
particles and post-uniform elongation in both PH and PH+BH conditions. 669 
 670 

 671 
Fig. 13. Correlation between the area fraction of coarse secondary phase particles and post-uniform 672 
elongation in; a) press-hardened (PH) condition; b) press-hardened and additionally bake hardened 673 
(PH+BH) condition. 674 
 675 
As indicated in Fig. 13a, the presented data may be divided into three distinct groups. The first group, 676 
consisting of Steels B, C, and D, combines moderate amount of secondary particles and relatively large 677 
post-uniform elongation values of around 4-6 %. The results of Steel A form the second group by combing 678 
a limited post-uniform elongation of around 2-3 % and the highest area fraction of coarse secondary phase 679 
particles. The correlation between poor ductility and large amount of inclusions is reasonable, whereas 680 
the correlation between elongation and very fine PAGS is not expected (Table 3). The third group 681 
comprises the results of two steels, i.e., Ref and Steel E. These steels showed even slightly smaller post-682 
uniform elongation of 2 % despite the small amount of inclusions. In particular, the results of Steel E are 683 
confusing regarding the fine PAGS (2.6 μm) attained after short austenitizing cycle of Ac3+60 s. It can 684 
suggested that the behavior of Ref is dominated by the presence of largest amount of hard untempered 685 
martensite, since the smaller sheet thickness of 1.1 mm must have increased the cooling rate and hindered 686 
the auto-tempering. This idea is consistent with the findings of Leslie and Sober [55], who reported that 687 
the mechanical behavior of martensite is more and more dominated by strong dislocation locking when C 688 
contents above 0.30 % are present. The proposed theory underlines the important role of C content, 689 
whereas the cooling rate effects has been discussed previously in [47] and [18]. Regarding the largest total 690 
amount of precipitates in Steel A, i.e., the sum of nano-sized precipitates (Fig. 7) and coarse precipitates 691 
(Table 3), the limited post-uniform elongation values are explainable. However, as discussed in section 692 
4.2, it is believed that the incoherent spherical precipitates do not interact with existing dislocations as 693 
strongly as coherent precipitates. This theory could explain the very limited plasticity of Steel E which is 694 
contradictory with the smallest amount of coarse inclusions.  695 
  696 
The presented tensile test result (Table 5) showed consistently improved ductility due to the simulated BH 697 
treatment. As illustrated in Fig. 13b, the BH treatment equalized the mutual differences between Steels B, 698 
C, and D, E, and Ref. This indicates that the increased plasticity of martensite, i.e., tempering of 699 
martensitic matrix, correlates strongly with the improved post-uniform elongation in the steels of 34MnB5 700 
type. In addition, it seems evident that the increased plasticity of BH treated martensite can greatly 701 
compensate the ductility loss caused by the precipitation hardening from coherent precipitates (Steel E) 702 
or by the presence of large amount of secondary phase particles (Steel A).  703 
 704 
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4.4. Relationships between microstructural features and 3-point bendability 705 
 706 
Larour et al. [7] suggested that post-uniform properties correlates best with 3-point bendability and crash 707 
behavior, but the positive relationships is difficult to demonstrate with standard tensile specimens. This is 708 
because post-uniform elongation is highly underestimated in conventional tensile tests and total 709 
elongation, i.e., fracture elongation, depends strongly on the specimen gauge length. In the present study, 710 
the small gauge length of 8.0 mm may have enhanced the possibility or more reliably assessment of the 711 
local ductility. Nevertheless, additional 3-point bending tests were involved in the present study to tackle 712 
the above mentioned challenges. Fig. 14a presents the correlation between post-uniform elongation and 713 
maximum bending angle at maximum force (αFmax). In addition, 3-point bending results of 714 
correspondingly heat-treated (Ac3+180s/900 ˚C (1173 K)) ZnFe coated 22MnB5 are presented for 715 
comparison in Fig. 14b. 716 
 717 

 718 
Fig. 14. a) Correlation between post-uniform elongation and 3-point bendability for PH and PH+BH 719 
treated laboratory Steels A-E. b) 3-point bending data (5 parallel tests) for a reference grade, ZnFe coated 720 
22MnB5 in both PH and PH+BH conditions after corresponding austenitizing cycle of Ac3+180 s at 900 721 
˚C (1173 K). 722 
Fig. 14a shows that the expected correlation between post-uniform elongation and 3-point bendability 723 
(Fig. 10a) was observed for certain steels, i.e., Steels B, C and E showed improved αFmax values as a 724 
fucntion of larger post-uniform elongation. This positive trend is supported by the results of Dietchs et al. 725 
[12]. They reported bending angle improvements from 44˚ to 51˚ as a result of the BH treatment in the 726 
case of AlSi coated PHS (tensile strenght around 1900 MPa). Therefore, the present results of Steels B, 727 
C, and D are reasonable and can be explained with the decreased dislocation density of martensite 728 
occurring during LTT treatments [53] and increased amount of slip systems [39, 56]. However, when the 729 
same data (Fig. 14a) is reviewed as individual groups of PH and PH+BH treated samples, a negative 730 
correlation between post-uniform elongation and αFmax can be seen. This trend is totally unexpected and 731 
is most likely caused by other microstructural features. Choi et al. [15] pointed out that the decarburization 732 
layer with soft ferritic microstructure improves significantly the bendability of 22MnB5 steel, while it 733 
does not have substantial effect on the tensile properties. Therefore, it is believed that the differences in 734 
the sub-surface microstructures (Fig. 3) are responsible for the high scatter seen in 3-point bending results 735 
and greatly complicates the comparison of steels with different chemical compositions. 736 
 737 
In addition to microstructures, a relatively large scatter in the bending test results (Fig. 10a) needs to be 738 
noted. In order to assess the role of natural scatter, a ZnFe coated 22MnB5 steel was chosen as a reference 739 
(Fig. 14b): the coating prevents decarburization of the surface, and thus allows more reliable comparison 740 
between parallel tests. The data shows surprisingly small scatter between individual tests and suggests that 741 
the relatively large scatter seen in Fig. 10a, must be mainly caused be other factors outside the natural 742 
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scatter. Furthermore, the positive effect of the BH treatment, i.e., the improvement of about 5˚, was 743 
observed. This result shows similar trend with the results of Dietchs et al. [12].  744 
 745 
Steel A contained the largest amount of coarse secondary phase particles (Table 4), which should impair 746 
the bendability according to [13]. However, Steel A showed the thickest ferrite layer with a thickness of 747 
around 20 μm (Fig. 3a), which must have compensated the negative microstructural features since the 748 
bendability. It is also possible that large amount of coarse secondary phase particles in Steel A has 749 
increased the randomness of individual tests results, since coarse particles initiate void formation, which 750 
in turn facilitate the crack formation in bending. When it comes to grain size effects, the role of very fine 751 
PAGS in Steel A did not show clear effect on 3-point bendability. The formation of soft ferrite layer was 752 
not as obvious in the other Cr alloyed Steel B, but small amount of polygonal ferrite was observed in 753 
optical migrographs (Fig. 3b) and was supported by the measured carbon contents around 0.10 % near the 754 
surface (Fig. 4). The behavior of this steel was logical: larger post-uniform elongation values correlated 755 
with the improved 3-point bendability.  756 
 757 
When it comes to the Mo alloyed steels, Steel C showed also small amount of ferritic phases on the surface 758 
(Fig. 3c) resulting from the decarburization (Fig. 4c) that was comparable with Steel A. A small 759 
improvement in αFmax was observed after the BH treatment, which is not totally consistent with the clear 760 
increments in post-uniform elongation values. However, the positive trend is expected. Another Mo 761 
alloyed Steel D, in turn, did not show any signs of ferrite on the subsurface region (Fig. 3d). In addition, 762 
the carbon content of the subsurface region was measured to be the highest, i.e., around 0.15-0.20 % (Fig. 763 
4). Regarding the clearly improved ductility of Steel D in the PH+BH condition (Table 5), the negative 764 
correlation between post-uniform elongation and αFmax is very contradictory. One of the possible reasons 765 
could be the detrimental effect of upper bainite mentioned in [58]. The presence of upper bainite could 766 
explain the negligible effect of the BH treatment in Steel D, but more systematic investigations would be 767 
needed to confirm this.  768 
 769 
In the case of Steel E, a thin ferritic decarburization layer was formed during the austenitizing. This 770 
observation was supported by the measured carbon contents, i.e., around 0.05 % near the surface (Fig. 4). 771 
Based on the present results and alloy compositions (Table 1), the absence of boron in Steel E must have 772 
also promoted the formation of ferrite in comparison with Steel D. Steel E showed analogous behavior 773 
with Steel B (Fig. 14a), and contained the smallest amount of coarse inclusions (Table 3) as well as slightly 774 
thicker decarburization layer compared to Steel B (Fig. 3 and Fig. 4). Irrespective to larger PAGS (Table 775 
2), the bendability of Steel E was the best and the positive effect of the BH treatment was the strongest. 776 
Also this confirms that the PAGS refinement seems to be only secondary factor controlling the 3-point 777 
bendability of uncoated 34MnB5 based steels, at least within the range of the PAGS attained in the present 778 
study. A small total amount of inclusions (sum of nano-sized incoherent precipitates and coarse inclusions) 779 
was common in Steels B and E, and is thus worthy of a brief discussion. Regarding this, Steninger and 780 
Melander [59] pointed out that the total volume fraction of inclusions determine the ductility in bending 781 
deformation. Also a recent study of Hutchinson et al. [20] support the same idea: the scientists found out 782 
that the elimination of TiN and AlN improved maximum bending angle of non-boron alloyed martensitic 783 
steels deoxidized using Si instead of Al. When it comes to the formation of coarse inclusions, Steel E had 784 
a very similar alloying concept (Table 3) and showed superior bendability in particular after the BH 785 
treatment (Fig. 14a).  786 
 787 
 788 
 789 
 790 
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5. Conclusions 791 
 792 
Microstructure-property relationships of five 34MnB5 based press hardening steels were analyzed by 793 
focusing on the role of micro alloying elements Ti and V when combined with hardenability increasing 794 
alloying elements Cr or Mo. In addition, the effects of bake hardening treatment of 170 ˚C (423 K)/20 min 795 
was investigated. The main outcomes of this work can be concluded as follows: 796 
(1) Prior austenite grain size (PAGS) refinement was achieved with both Ti (0.09 %) and V (~ 0.15 %), 797 
but micro alloying with Ti resulted in more efficient refining effect. However, it was discovered that also 798 
initial microstructure controls the PAGS and should be taken into account in 34MnB5 based steels. In 799 
addition, a correlation between PAGS, size of micro alloy precipitates, and yield (Rp0.2) and tensile 800 
strength values (Rm) of die-quenched martensitic steels was observed. Nevertheless, the industrially 801 
attainable increase in strength via the PAGS refinement was found to be only some tens of MPa.  802 
 803 
(2) The simulated BH treatment of 170 ˚C (423 K)/20 min had a clear effect on the mechanical properties 804 
by increasing Rp0.2 and post-uniform elongation, but decreasing Rm values due to tempering of martensite. 805 
These results suggest that the BH treatment provides a valuable possibility for fine-tuning the properties 806 
of 34MnB5 type steels. The measured BH effect showed dependency on the alloying concept since it is 807 
controlled by PAGS as well as amount and type of micro alloy precipitates.  808 
 809 
(3) A 34MnB5 based non-boron alloyed steel (Steel E), with the alloying concept of 0.3 Mo-0.15 V-0.0060 810 
N (wt-%), exhibited a distinct BH behavior after the short austenitizing cycle of Ac3+60 s (~ 180 s) at 900 811 
˚C (1173 K). Whereas the attained increase in Rp0.2 of the other investigated steels was 170 MPa on 812 
average, the value of Steel E was 300 MPa, respectively. In addition, the decrease in Rm was exceptionally 813 
low, i.e., 20 MPa compared to 130 MPa measured for other steels on average. However, the values of 814 
Steel E decreased to 170 MPa and 60 MPa, respectively, in the case of longer austenitization cycle of 815 
Ac3+180 s (~ 5 min) at 900 ˚C (1173 K). It is suggested that the behavior of Steel E (Ac3+60 s) could be 816 
only explained with the presence of coherent V(C,N) precipitates. Hence, the coherency is easily lost with 817 
the longer austenitization times and temperatures.  818 
 819 
(4) In a genera level, the measured bending angles at maximum force (αFmax) were promising, i.e., 55-62˚ 820 
in the die-quenched condition. The values increased generally to 57-73˚ as a result of the BH treatment. 821 
However, clear improvements were observed only for two V micro alloyed steels (Steels C and E) with 822 
the alloying concepts of 0.3 Cr-0.15 V-0.03 Al-0.02 Ti-0.0020 B and 0.3 Mo-0.15 V-0.0060 N (without 823 
Al-Ti-B additions) (wt-%), even though the improved ductility in terms of post-uniform elongation was 824 
generally observed for all steels. Therefore, several factors, i.e., local cooling rate, fraction of secondary 825 
phase particles, and subsurface microstructure need to be taken into account when evaluating 3-point 826 
bendability of PHS with different chemical compositions. 827 
 828 
(5) The largest bending angle at the maximum force (αFmax=73˚), was achieved for Steel E after the BH 829 
treatment. This steel had a thin ferritic layer (10-15 μm) on the surface and the fraction of coarse inclusions 830 
was the smallest. Based on this, it is suggested that increased plasticity of martensite (BH treatment), local 831 
plasticity of subsurface region (soft ferritic layer on the surface), reduced risk for void formation 832 
(minimized amount of coarse particles/inclusions), and fine PAGS (resistance against crack propagation) 833 
result in the superior 3-point bendability. 834 
 835 
(6) Despite some discrepancies in the 3-point bending results, it is concluded that both Cr and Mo can be 836 
used to control the hardenability of 34MnB5 type steels without significant differences in the mechanical 837 
properties. Regarding the PAGS refinement, V may be preferred above Ti, since hyperstoichiometric 838 
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amounts of Ti tends to increase the amount of coarse secondary phase particles such as Ti4C2S2. However, 839 
the lower stability of V based carbides requires appropriate control of the austenitization parameters.  840 
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