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Utilizing quantum effects in complex oxides, such as magnetism, multiferroicity and 22 

superconductivity, requires atomic-level control of the material`s structure and composition1,2. In 23 

contrast, the continuous conductivity changes that enable, for example, artificial oxide-based 24 

synapses and multi-configurational devices, are driven by redox reactions and domain 25 

reconfigurations, entailing long-range ionic migration and changes in stoichiometry or 26 

structure3,4,5,6. While both concepts hold great technological potential, combined applications seem 27 

virtually impossible due to the mutually exclusive requirements. Here, we demonstrate a route to 28 

overcome this limitation by controlling the conductivity in a functional oxide via electric-field 29 

induced anti-Frenkel defects, that is, charge-neutral anion interstitial-vacancy pairs. Such defects 30 

are generated in hexagonal Er(Mn,Ti)O3 with nanoscale spatial precision, where they locally 31 

enhance the electronic hopping conductivity by multiple orders of magnitude without disturbing 32 

the ferroelectric order. We explain the observed non-volatile effects using density functional theory 33 

and discuss its universal nature, giving a new dimension to functional oxides and the development 34 

of multifunctional devices for next-generation nanotechnology. 35 
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A continuous range of conductivity levels in oxide materials can enable innovative 36 

technologies such as multilevel data storage in memristor chips and synaptic devices for neuromorphic 37 

computing4,5,7. Different mechanisms are now established that allow for tuning the conductivity in 38 

oxides gradually and by multiple orders of magnitude8. For example, electric fields modify the n-type 39 

conductivity in LaAlO3-SrTiO3 heterostructures9 and multiferroic (BiFeO3)10 thin films, which has been 40 

explained based on the creation and migration of positively charged oxygen vacancies (vO
••). In 41 

addition, migration of negatively charged oxygen interstitials (Oi
) has been exploited to control the p-42 

type conductivity in hexagonal Y0.67Lu0.33MnO3 single crystals11. However, both the migration of vO
••

 43 

and Oi
 are aspects of the same phenomenon, that is, an electric-field driven redox reaction of a 44 

transition metal oxide. While these redox reactions give the desired conductivity changes, the creation 45 

of either vO
••

 or Oi
 necessarily alters the overall stoichiometry in the host material, too, with significant 46 

impact on the material’s spin, charge and orbital degrees of freedom. The latter is reflected by the 47 

sensitivity of oxides towards variations in stoichiometry, which can drive systems between metallic 48 

and insulating states12, stabilize superconductivity13, or completely suppress magnetic14 and electric 49 

order15,16. In general, the long-range migration and extraction/injection of ions associated with 50 

currently applied redox reactions induces a net mass transport giving rise to chemical, electrostatic, 51 

and strain-related gradients.3,5,15 This prohibits utilization in parallel with emergent electronic 52 

functionalities beyond merely conductivity. 53 

In order to avoid detrimental side-effects and ultimately use the full range of functional 54 

properties available in oxide materials, a conceptually different approach for controlling conductivity 55 

is needed. Particularly promising are stoichiometric defects as classically reported, for example, in 56 

ionic fluorites16. Here, anions move from lattice sites to interstitial positions, forming entropy-57 

stabilized and charge-neutral interstitial-vacancy pairs (anti-Frenkel defects16). While in 58 

electroceramics it is clear that intrinsic anti-Frenkel defects play a key role for the ionic-electronic 59 

transport, their utilization for controlling conductivity in correlated oxides remains unexplored. Most 60 
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studies in the field of oxide electronics focus on systems from the large family of perovskite materials, 61 

which are unlikely to form anti-Frenkel defects due to their rather dense crystal structure. As a 62 

consequence, fundamental aspects, such as their creation, stability and impact on functionalities 63 

other than mixed ionic-electronic transport, fall into largely uncharted territory.  64 

In this study, we work with the ferroelectric p-type semiconductor ErMnO3 (single-crystals, 65 

see Methods) from the family of hexagonal (h-) manganites with 0.2% Ti-doping (denoted h-66 

Er(Mn,Ti)O3 in the following). The applied Ti-doping lowers the conductivity, dc(h-Er(Mn,Ti)O3) = 2.6 67 

x 10-8 -1 cm-1,  compared to dc(h-ErMnO3) = 2.5 x 10-7 -1 cm-1 for the undoped sample17. Aside from 68 

its semiconducting properties, h-Er(Mn,Ti)O3 exhibits a spontaneous polarization along its [001]-axis 69 

(P  5.5 μC cm-2), which emerges at Tc  1470 K driven by a tripling of the structural unit cell18–20. 70 

Importantly, the structure of hexagonal manganites is about 11% less dense than the corresponding 71 

orthorhombic perovskite structure, and vO
••

 and Oi
 are equally important for the electronic 72 

properties21,22. In addition, such defects are already mobile below 200 C, whereas cations migrate 73 

only above 800 C, which enables anion-defect driven electronic property control23,24.  74 

Figure 1a presents the distribution of ferroelectric 180° domains in h-Er(Mn,Ti)O3 acquired by 75 

piezoresponse force microscopy (PFM) on a sample with in-plane polarization ([110] orientation, see 76 

Methods). Figure 1b shows a representative conductance map, gained by conductive atomic force 77 

microscopy (cAFM) using a conducting probe-tip (curvature radius  100 nm) after writing a network 78 

of wires with negative voltage, Uwrite = −8 V, applied to the back electrode. The image is recorded with 79 

a positive voltage, Uread = +10 V, showing different wires with a width of about 100 nm and enhanced 80 

conductance compared to the surrounding material. The effect is equally pronounced in P domains 81 

and occurs on both surfaces with in-plane P (Fig. 1b) and surfaces with out-of-plane P (inset to Fig. 1c). 82 

We note that this is qualitatively different from the Oi
-migration-induced changes in conductance in 83 

h-Y0.67Lu0.33MnO3, which were reported to occur under comparable conditions but only on surfaces 84 

with in-plane P.11 Importantly, we find that the enhanced conductance of our electric-field induced 85 
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features persists on the time scale of years under ambient conditions (see Fig. 1c), and no signature 86 

of degradation is observed up to 105 oC (Supplementary Fig. S1). A reset to the original state is possible 87 

by annealing at 300 oC, reflecting a barrier for stability in the order of 0.035 to 0.050 eV (Fig. S2). 88 

Furthermore, and in contrast to previous AFM-written conducting nano-features in LaAlO3-SrTiO3
9,25 89 

that rely on hydrogen (H+) penetration, our structures are robust against solvents, such as acetone, 90 

ethanol, and methanol. In fact, we do not observe qualitative differences between writing conducting 91 

features in air (ambient) and under nitrogen atmosphere (Fig. S3), which discards H+ penetration as 92 

the driving force behind the change in conductivity. The conclusion that neither only Oi
 nor H+ is 93 

responsible for the enhanced conductance is corroborated by time- and voltage-dependent studies 94 

(Fig. S4), as well as local transport measurements (Fig. S5), which cannot be explained by only one 95 

type of defect. To quantify the induced changes in conductivity and to analyse the influence of the 96 

polarity (+ or −) and size of the applied voltage, we draw a series of boxes (see inset to Fig. 1d), 97 

systematically varying the write voltage Uwrite from −10 V to +10 V. The impact of the varying Uwrite is 98 

then monitored by cAFM scans taken with a positive voltage of +10 V. The results are summarized in 99 

Fig. 1d, which shows the averaged measured current, Iread, as function of Uwrite. Figure 1d reveals that 100 

Iread depends on the polarity of the write voltage: for negative voltages exceeding −5 V, we observe an 101 

increase in the conductance by about three orders of magnitude. In contrast, positive voltages do not 102 

lead to an increase in the conductance, consistent with the formation of a Schottky barrier at the tip-103 

sample interface.11,26 The latter is also confirmed by separate experiments at higher voltages up to 104 

+60 V (see Fig. S6). Thus, the experiments demonstrate that conducting features can be written with 105 

negative voltages (Uwrite
 ≲ −5 V) and read-out by positive voltages (0  Uread ≲ +60 V). By writing 106 

features of different shapes (wires and dots), we can achieve an enhancement of up to four orders of 107 

magnitude in Iread without significant changes in surface topography (see Supplementary Fig. S7 and 108 

S8). The data demonstrates that localized electric fields can enhance the conductance in h-Er(Mn,Ti)O3 109 

by up to four orders of magnitude; the changes are durable, resistant to moderate heating and 110 

chemical solvents, and can be induced with nanometer spatial precision.  111 
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To understand the origin of the enhanced conductance, we investigate how the effect evolves 112 

within the bulk. Figure 2a and inset show a comparison of scanning electron microscopy (SEM) and 113 

cAFM images from the same area, revealing an elliptically shaped bright area that has been written 114 

with Uwrite = −60 V applied for 5 s. A comparison of the SEM and cAFM data shows that bright contrast 115 

in SEM correlates with high conductivity. This correlation allows us to evaluate how the electric-field 116 

induced changes protrude into the depth of the sample based on SEM images. For this purpose, we 117 

take a cross-sectional images from the region of interest (Fig. 2b), using a dual beam focused ion beam 118 

(FIB)-SEM (see Methods). Consistent with our AFM data (Fig. S8), the cross-sectional SEM images show 119 

no significant change in surface topography. Instead, Figure 2b reveals that the region of enhanced 120 

conductance extends more than 0.5 m into the depth of the sample. A schematic 3D reconstruction 121 

of the conducting area based on the SEM data is presented in Fig. 2c. This distribution is consistent 122 

with the anisotropic behaviour observed in the electronic transport27 and the ionic mobility in the 123 

hexagonal manganites (Supplementary Fig. S9), indicating that the changes that give rise to enhanced 124 

conductance are a bulk phenomenon rather than a surface effect. 125 

To test for related structural modifications in the bulk, we take high-angle annular dark field 126 

scanning transmission electron microscopy (HAADF-STEM) lattice images inside and away from the 127 

conducting region in Fig. 2b. Figure 2d and 2e present HAADF-STEM scans viewed down the [Ī 0 0] 128 

direction, comparing the electrically modified region to the as-grown structure, respectively. The 129 

images represent the typical up-up-down pattern of Er atoms28, separated by layers of Mn atoms. 130 

Interestingly, both real and reciprocal space investigations show no differences in positions between 131 

the two regions (see Fig. 2d and 2e, and insets). In particular, when analysing the arrangement of Er 132 

atoms, we find no statistically significant decrease in Er displacement within the conductive region, or 133 

modification of the unit cell size (Supplementary Fig. S10), suggesting that the driving mechanism for 134 

enhanced conductivity is due to subtle effects related to the local electronic structure. Furthermore, 135 

as the improper electric polarization in h-Er(Mn,Ti)O3 arises from the Er displacement29–32, its 136 
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robustness demonstrates that the orientation and magnitude of the ferroelectric order is unaffected 137 

by the electric-field induced increase in conductance (Fig. 2a,b). 138 

We next analyse the electronic structure at the local scale, using electron energy-loss 139 

spectroscopy (EELS). Figure 3a displays averaged EELS spectra showing the Mn L2,3-edge in the bulk 140 

(blue) and the modified conducting region (yellow). A comparison of the EELS data reveals changes in 141 

spectral weight, whereas the L3/L2 white-line intensity ratio remains constant, suggesting that the net 142 

Mn oxidation state is preserved. We demonstrate the reproducibility of this subtle effect by recording 143 

EELS spectra at the Mn L2,3-edge from a second line scan in different positions, which leads to 144 

qualitatively equivalent results (see Fig. S11). To evaluate the detected change, we follow the 145 

approach used in ref. [33–37] and fit the full Mn L2,3-edge with three spectra, corresponding to Mn2+ and 146 

Mn4+ spectra from literature37 and experimental reference spectra recorded away from the 147 

conducting region. This procedure allows for quantifying relative changes with respect to the bulk 148 

even without knowing the exact defect density in the as-grown state (note that bulk h-Er(Mn,Ti)O3 149 

displays p-type conductivity, which implies the presence of Oi
, Fig. S5). We find that linear 150 

combinations of two spectra (bulk and Mn2+, or bulk and Mn4+) alter the peak form and L3/L2 white-151 

line intensity ratio, thus excluding the possibility making it unlikely that only one defect type (either 152 

vO
••

 or Oi
) is responsible for the experimentally observed change in spectral weight (see 153 

Supplementary Fig. S11 and S12 for details). In contrast, assuming an equal concentration of Mn2+ and 154 

Mn4+, we can reproduce the averaged EELS spectra for the Mn L2,3-edge in the conducting regime (red 155 

lines in Fig. 3(a), Fig. S10 and S12), suggesting a coexistence of vO
••

 and Oi
. The latter is consistent with 156 

the formation of (vO
••, Oi

) defect pairs, i.e., anti-Frenkel defects16. On the basis of our fits, we calculate 157 

an increase of about 3.25 ± 0.5 % in the concentration of Mn4+ and Mn2+ relative to the bulk, 158 

corresponding to about one anti-Frenkel defect for every ninth unit cells (Supplementary Fig. S12). 159 

To find additional evidence, we consider EELS spectra taken at the O K-edge in the bulk (Fig. 160 

3b) and in the conducting region (Fig. 3c) and apply the ab initio self-consistent multiple-scattering 161 
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code FEFF38 to analyse emergent site-specific differences for the four symmetrically inequivalent 162 

oxygen positions19 in h-Er(Mn,Ti)O3 (see inset to Fig. 3a). Representative calculated spectra for apical 163 

(O1 and O2) and planar (O3) oxygen are given as insets to Fig. 3b and c, respectively. For the bulk, the 164 

spectra calculated for apical oxygen in an oxygen stoichiometric system adequately replicate the main 165 

features of the O K-edge, labelled ① to ⑤ (an overview of all oxygen spectra is given in Fig. S13). In 166 

contrast, in the conducting region (yellow in Fig. 3c) the O K-edge shows several differences compared 167 

to the bulk, including the emergence of a distinct peak at about 537 eV, which can no longer be 168 

explained based on apical oxygen alone. At this energy, however, a peak is present in the calculated 169 

spectra for planar oxygen (O3, black line), which is expected to have an increased contribution in the 170 

presence of anti-Frenkel defects due to changes in the oxygen bond angle (see inset to Fig. 3c for an 171 

illustration). Although the O K-edge results are in tune with the data gained at the Mn L2,3-edge and 172 

consistent with the formation of anti-Frenkel defects, from the spectroscopy data alone one cannot 173 

unambiguously conclude a coexistence of both vO
••

 and Oi
. Direct evidence of this coexistence is 174 

provided, however, by the time- and voltage-dependent study in Fig. S4, showing a separation of 175 

positively (vO
••) and negatively (Oi

) charged defects under longer exposure to electric fields. 176 

To develop a microscopic model, we apply first principles calculations based on density 177 

functional theory (DFT) using the isostructural compound h-YMnO3 as model system (Methods; 178 

analogous to ref. [33] the calculations are performed for h-YMnO3, which is structurally and 179 

electronically similar to h-ErMnO3, but the absence of f-electrons simplifies the DFT description). We 180 

find that Oi
 (locally contracting the lattice21) and vO

•• (locally expanding the lattice39) are structurally 181 

screened and, hence, do not recombine when they are more than 6 Å apart. Instead, at T = 0 K, they 182 

form an electrically compensated meta-stable anti-Frenkel defect (vO
••, Oi

) as sketched in Fig. 4a (see 183 

Supplementary Notes and Supplementary Figs. S14 and S15 for details). To gain insight into the defect 184 

structure at finite temperature and analyse its stability, we perform molecular dynamic (MD) 185 

simulations at 300 K, 573 K, and 1000 K (see Supplementary Information). The MD simulations reveal 186 



 

8 
 

that the system can slightly lower its energy by forming Oi
-dimers, subtly modifying the basic anti-187 

Frenkel defect structure in Fig. 4a (see Fig. S16 for an illustration). The modified anti-Frenkel defect 188 

exhibits a DOS comparable to Fig. 4c and, importantly, does not recombine at 300 K and 573 K within 189 

5 ps and 10 ps trajectories, respectively. In contrast, at 1000 K we observe recombination within 3 ps, 190 

confirming that recombination occurs at sufficiently high temperature. 191 

The higher conductance in regions with enhanced anti-Frenkel defect density can be 192 

understood from the calculated electronic density of states (DOS) and the corresponding simplified 193 

band structure in Fig. 4c (see Fig. S17 for the site-specific DOS). In general, electrical transport in h-194 

Er(Mn,Ti)O3 occurs via hopping conductivity, reported as Poole-Frenkel conduction17, and the same 195 

mechanism is observed in the modified region (Fig. S18). Figure 4c shows that both the number of 196 

charge carriers and defect sites available for hopping increase, explaining the observed higher hopping 197 

conductivity. The electron-hole pairs associated with anti-Frenkel defects may recombine and give rise 198 

to an electrically uncompensated charge state of the anti-Frenkel defect. However, the latter is 199 

energetically costly so that new charge carriers would be created to replace the missing electron-hole 200 

pair and move the system back to equilibrium (Fig. S15). 201 

The electric-field induced anti-Frenkel defects studied in this work thus enable minimally 202 

invasive and non-volatile conductivity control with nanoscale spatial precision. Importantly, the 203 

emergence of parasitic chemical, electrostatic, and strain-related gradients associated with 204 

conventional approaches is avoided and the material`s overall stoichiometry is preserved. Anti-Frenkel 205 

defects can be applied in any system that can stably compensate multiple oxygen stoichiometries, 206 

such as the families of hexagonal rare-earth gallates and indates40, hexaferrite41, fluorites42, 207 

Ruddlesdon-Popper43 systems as well as tungsten bronzes. Here, – analogous to the hexagonal 208 

manganites – their controlled creation via electric fields is likely, allowing to increase the density of 209 

defect sites and enhance hopping conductivity. With this, a new generation of multifunctional oxides 210 

becomes possible in which multilevel conductivity control can be utilized in parallel with phenomena 211 
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such as ferroelectricity, magnetism, and superconductivity without changing the electronic 212 

interactions that control them. 213 

 214 
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Figures and Figure Captions 371 

 372 

Figure 1 | Local conductivity control in hexagonal h-Er(Mn,Ti)O3. a, Piezoresponse force microscopy 373 

(PFM, in-plane contrast) image, showing the characteristic distribution of ferroelectric domains. 374 

Arrows indicate the polarisation direction (dark, -P and bright, +P). b, Conductive atomic force 375 

microscopy (cAFM) scan showing conducting nano-wires (bright) on a less conducting background of 376 

both -P and +P domains similar to a. The image is gained with a positive bias (Uread = +10 V) after 377 

writing wires with a negative bias of (Uwrite = −8 V). Voltages are applied to the back electrode. c, 378 

Normalised current recorded on a conducting bar right after writing it on a sample with out-of-plane 379 

P and, again, 24 months later (Uread = +12 V, Uwrite = −21 V). The profiles are gained from cAFM images 380 

as shown in the inset by averaging over multiple cross sections. The curves are offset so that the 381 

background current away from the conducting feature aligns. The data reflects the long-term stability 382 

of the electric-field induced conducting features in h-Er(Mn,Ti)O3. d, Average current measured at 383 

Uread = +10 V from a series of 1 x 1 μm boxes written with voltages between −10 V and +10 V. 384 

Representative spatially resolved cAFM data for boxes written with ±5 V are shown in the inset. White 385 

dashed lines frame the boxes, whereas coloured dashed lines mark the areas (0.5 x 0.5 μm) over which 386 

the current is averaged to quantify the read current.   387 
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 388 

Figure 2 | Morphology and structure of electric-field induced conducting features. a, Top-down SEM 389 

and cAFM (inset, Uread = +45 V) image of an elliptically shaped conducting region (bright), generated 390 

by applying Uwrite = −60 V for 5 s, while keeping the probe tip stationary probe. The white arrow 391 

indicates the ferroelectric axis (P || <001>).  b, SEM image of a FIB cross-section from a, revealing how 392 

the conducting feature protrudes into the bulk of h-Er(Mn,Ti)O3 and showing where, in the final TEM 393 

lamella, the EELS line scan for Fig. 3 is taken (blue and yellow represent the bulk and electrically 394 

modified region, respectively). c, 3D sketch representing the cAFM induced conducting feature and 395 

the shape dependence on crystallographic axes based on the cross section in b and cross sections of 396 

equivalent dots taken in perpendicular directions. d, HAADF-STEM image from the high conductive 397 

region seen in b, viewed along the P63cm [100] zone axis, with τ/λ = 0.40 ± 0.02. The brighter Er atomic 398 

positions show the characteristic up-up-down displacement as discussed in ref. [29] and the arrow in 399 

the inset shows how this links to the ferroelectric polarisation P. e, HAADF-STEM image taken in the 400 

unmodified bulk region. The analysis of the crystal lattice in d and e reveals no measurable differences, 401 

reflecting that the atomic scale structure and, hence, the ferroelectric polarisation, are unaffected by 402 

the electric-field induced change in conductivity. Insets in (d, e) show selected area electron diffraction 403 

(SAED) patterns of the corresponding regions. 404 



 

18 
 

 405 

Figure 3 | Comparison of the electronic structure in as-grown and electrically modified regions. a, 406 

Blue and yellow data points represent EELS spectra of the Mn L2,3 edge in h-Er(Mn,Ti)O3 taken in the 407 

bulk and the modified conducting region, respectively (t/λ = 0.40 ± 0.02). The red line is a fit to the Mn 408 

L2,3 edge in the conducting region based on a linear combination of spectra corresponding to Mn2+, 409 

Mn3+ and Mn4+ valence states with 3.75 % Mn2+ and 3.75 % Mn4+, that is, approximately one anti-410 

Frenkel defect in every nine unit cells. The inset shows the symmetry inequivalent Er and O positions. 411 

b, Data points present the O K-edge in the bulk. Grey and black lines are calculated spectra for apical 412 

oxygen (O1 and O2), respectively, in a stoichiometric crystal. c, Yellow points present the O K-edge in 413 

the region with enhanced conductivity (the bulk spectrum (blue) is shown for reference). The black 414 

line is the calculated spectrum for planar oxygen (O3) in the presence of anti-Frenkel defects as 415 

sketched in the inset. Transitions are labelled according to the projected density of states (pDOS, 416 

Supplementary Fig. S13b). Red arrows indicate a peak at about 537 eV, which is characteristic for 417 

contributions from planar oxygen. All EELS spectra are taken on the same single line scan with even 418 

thickness and are spatially averaged over the regions indicated by the blue and yellow lines in Fig. 2b. 419 
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 420 

 421 

Figure 4 | Anti-Frenkel defects and electronic density of states. a, Formation of an anti-Frenkel defect 422 

in a 120 atom supercell. A planar lattice oxygen (yellow) is migrating from its lattice site into another 423 

planar oxygen lattice site (grey), which in turn is nudged into an interstitial site, resulting in the 424 

formation of an anti-Frenkel defect. The resulting local charge compensation of the constituting Oi
′′ 425 

and vO
•• are labelled Mn4+ and Mn2+, respectively. b, Total (grey) and atomic electronic density of states 426 

(DOS) for a stoichiometric 270 atom h-YMnO3 supercell with key features schematically highlighted 427 

(valence band – light blue, conduction band – dark yellow). c, Same calculation for a 270 atom h-428 

YMnO3 supercell containing one anti-Frenkel defect, that is, one anti-Frenkel defect in every nine unit 429 

cells or, equivalently, 3.70 % Mn atoms in the Mn4+ state and 3.70 % in the Mn2+ state. Red and blue 430 

spheres in c schematically illustrate occupied and unoccupied defect states within the band gap. 431 

 432 

 433 

 434 

 435 

 436 

 437 
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Methods 438 

Samples High-quality single crystals are grown by the pressurised floating-zone method44 and 439 

different samples are oriented by Laue diffraction and cut with thicknesses of  0.5 - 1 mm. The 440 

surfaces are chemo-mechanically polished with silica slurry to give a root-mean-square roughness of 441 

about 1 nm. 442 

Scanning probe microscopy The SPM measurements are recorded using a NT-MDT NTEGRA Prima 443 

SPM. For all the cAFM scans we used TipsNano DCP20 probes with the voltage applied to the back of 444 

the sample. For the PFM scans we used Asylec-01-R2 Ti/Ir probes with an AC voltage amplitude of 10 445 

V applied to the back of the sample.   446 

Transmission electron microscopy TEM specimens are prepared from the middle of the conductive 447 

region using a Thermo Fisher Scientific G4 UX DualBeam FIB (Focused Ion Beam). In-situ lift-out is done 448 

with backside milling and a final polishing voltage of 2 kV. (S)TEM is performed with a double Cs 449 

corrected cold FEG JEOL ARM 200FC, operated at 200 kV and equipped with a Quantum ER GIF. High 450 

resolution high-angle-annular-dark-field scanning transmission electron microscopy (HAADF STEM) 451 

images are taken with a spatial resolution of 78 pm. The energy resolution, as determined by the 452 

FWHM of the zero loss peak, in the electron energy loss spectroscopy (EELS) is 0.5 eV. HAADF STEM 453 

images are acquired with a 27 mrad beam semi-convergence angle, inner and outer semi-collection 454 

angles of 43 and 170 mrad, and with 22 pA beam current. STEM-EELS acquisitions are performed with 455 

120 pA beam current, 33 mrad semi-collection angle into the GIF, combined with 0.05 eV/channel 456 

energy dispersion. Dual EELS is performed to reposition the energy scale in all spectra. The EELS data 457 

in Fig. 3 is taken in a single 820 nm long line which is then split into three 200 nm wide regions, as 458 

indicated in Fig. 2, that are spatially averaged to give the spectra presented in Fig. 3. For measuring Er 459 

displacement, series of fast/short-exposure HAADF-STEM images are acquired and processed with 460 

SmartAlign45. Atom plane detection is done with Atomap46 and averages are computed based on all 461 

planes.  462 

Density functional theory DFT calculations are performed with the projector augmented wave (PAW) 463 

method47 as implemented in VASP48,49. 3x3x1 supercells with 270 atoms are used, with expected 464 

Mn2+/Mn4+ concentrations of 3.70 %, to mimic the measured concentrations. For Y, Mn and O, 11, 11 465 

and 6 electrons, respectively, are treated as valence electrons, with a plane-wave energy cut-off of 466 

550 eV. Brillouin zone integration is done on a 𝛤-centered 1x1x2 k-point mesh for geometry 467 

optimizations, and on a 2x2x3 mesh for density of states (DOS) calculations. The DOS calculations have 468 

an energy resolution of 0.0067 eV/point. The non-collinear magnetic structure of the Mn sublattice is 469 
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approximated by a collinear frustrated antiferromagnetic order50. Experimental lattice parameters51 470 

and band gap52 are reproduced using the PBEsol functional53 and spin-polarized GGA+U54 with a 471 

Hubbard U of 5 eV on Mn 3d. In defect cells ionic positions are optimized under fixed bulk lattice 472 

parameters until the forces on all ions are below 0.01 eV Å–1. Charge corrections for charged defects 473 

in periodic boundary conditions are accounted for by extrapolation based on the Madelung 474 

potential55. As the electronic properties of oxygen stoichiometric19 and non-stoichiometric21,22 h-475 

RMnO3 are governed by the bonding between Mn(3d) and O(2p) states, we choose the prototypical 476 

h-YMnO3 as our DFT model system to avoid f-electrons and slow convergence with Er.  477 

EELS simulations A 30 atom unit cell is used as the input files in FEFF. Theoretical EELS (on 478 

approximately 115 atom clusters) spectra are simulated using the FEFF9 code38,56 based on Green’s 479 

function multiple-scattering theory where the parameters SCF (specifies the radius of the cluster for 480 

full multiple scattering during the self-consistency loop) and FMS (computes full multiple scattering 481 

within a sphere of radius r centred on the absorbing atom) are set to certain values. An SCF of 4 Å, 482 

FMS of 6 Å, and RPA screened corehole card is used for all clusters. In the EELS option card, the 483 

following values are utilized from experiment: 200 kV beam energy, collection angle of 66.9 mrad, 484 

convergence angle 27 mrad, and taken at the zone-axis [1 0 0] (kx= 1, ky=0, kz=0). A broadening of 0.5 485 

eV is applied to account for the finite resolution in the EELS experiment, corresponding to the FWHM 486 

of the zero loss peak (ZLP) in the EELS spectra. 487 


